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Chapter 1

Abstract

Thehigh temperature oxidation of L-PBF IN625was investigated following heat-treatment

and surface finishing. Sub-parabolic oxidation behaviour was shown, demonstrating sim-

ilar growth rates to wrought IN625. Regardless of surface morphology and stress-state,

chromia (Cr2O3) scale was formed alongside a near-continuous 𝛿-phase layer (Ni3Nb) at

the scale/alloy interface. The continuity of the 𝛿-phase layer was influenced by surface

finishing via changes to the oxide morphology. Less 𝛿-phase at the scale/alloy interface

was correlated to increased spallation. This was related to modeled values for the tem-

perature change required for spallation (ΔT 𝑐), alongside physical measurements of stress

(XRD sin2(𝜓 )) within the scale. It was concluded that surface finish is key in the mainte-

nance of a continuous 𝛿-phase layer to ensure relaxation of Cr2O3 upon cooling.

Internal oxide (Al2O3) was detected at grain boundaries in the sub-scale. Significant

fractions of Coincident Site Lattice (CSL) boundaries formed in L-PBF IN625 following

heat-treatment and oxidation (up to 70%). Nucleation of internal oxide was strongly in-

fluenced by grain boundary character, forming preferentially along random orientation

grain boundaries. Higher fractions of CSL boundaries in the substrate corresponded to a

shallower depth of internal oxidative attack.

Corrosion of L-PBF IN625 was investigated following heat-treatment and surface fin-

ishing in simulated PressurisedWater Reactor (PWR) hydrogenated water. Oxidation was

not influenced significantly by L-PBF microstructure, but by changes to surface finish.

Rougher and/or stressed surfaces led to scale spallation at early exposures. Mass gain

was observed after 1500 hours (h), with similar oxide crystallite size and morphology

to wrought IN625. No pitting corrosion was observed. A duplex layered oxide formed,

comprised of an Fe-rich outer scale (Ni(Fe,Cr)2O4), on a Cr-rich dense inner scale. Grain

orientation directly influenced oxidation. EBSD revealed the following grain orientation-

oxidation relationship, in order of increasing oxidation rate: [100] < [101] < [111]. Overall,

electropolished surfaces were deemed most suitable for PWR environments.
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Chapter 2

Introduction

This chapter outlines the significance of Ni-based superalloy Inconel 625 (IN625) in high

termperature environments, providing a background on its applications in industry, and

how Additive Manufacturing (AM) techniques such as Laser Powder Bed Fusion (L-PBF)

can be applied to address issues encountered with standard processing routes. This is

followed by the aims and objectives set for the body of this project.

2.1 Ni-based superalloys for extreme environments,

Inconel 625

The high temperature oxidation resistance of an alloy plays an important role in deter-

mining the lifetimes of components used in extreme high temperature and aqueous envi-

ronments. Inconel 625 (IN625, UNS N06625) is a Ni-based superalloy with a Face Centred

Cubic (FCC) crystal structure, maintaining excellent corrosion resistance, high fatigue

cycle and creep resistance at elevated temperatures owing to its high Cr content, and

solid solution strengthening via additions of Nb and Mo [18–21]. The combination of

high temperature mechanical properties and oxidation resistance in harsh environments

makes IN625 a versatile alloy suited tomultiple applications across the nuclear, aerospace,

marine and automotive industries. This is particularly demonstrated by its application in

Pressurized Water Reactors (PWRs), where it is used in the manufacture of steam gener-

ator tubing and heat exchangers, where pitting corrosion mechanisms can limit lifetime.

This is non-specific to IN625 and similar Ni based superalloys, and can occur by local gal-

vanic coupling effects between dissimilar metals, sensitisation to specific elements (e.g.

Sulphur), structural defects such as grain boundaries and localised stress concentrations,

and increased temperatures of exposure [20, 22–28].

Despite optimisation in terms of composition andmicrostructure, environmental degra-
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CHAPTER 2. INTRODUCTION

Figure 2.1: Schematic of components inside a PWR. See the steam generator tubing using
IN600 and IN690 as structural materials circled in red. Taken and adapted from Staehle
via Zinkle and Busby (2009) [31].

dation remains a life-limiting factor. This provides an additional challenge when design-

ing for increased fuel efficiency and reduced CO2 emissions [19]. Generation IV Super

Critical Water Reactors (SCWRs) provide simplified designs and higher thermal efficien-

cies (45% compared to 33% in Light water Reactors (LWRs)) following an increase in op-

eration pressure and temperature [22–24, 29–31]. The aforementioned operational con-

ditions produce low density water/steam dependent on the reactor design. Supercritical

coal-fired plants use supercritical water at P = 25 MPa, and steam temperatures of T =

500 – 600∘C to increase operational efficiency. Low density water/steam readily dissolves

gases like oxygen, but has low solubility of ionic species. This alters the oxidation ki-

netics of the alloy, often leading to the promotion of Stress Corrosion Cracking (SCC)

[22, 25, 29, 32]. IN625 is a prime candidate for the design of PWR and Generation IV

components, therefore it is clear that a strong understanding of the microstructure and

oxidation kinetics is needed in sustaining IN625’s performance in future high temperature

applications [20, 31, 33].

A significant downside to the use of IN625 is its poor machinability due to the alloy’s

high hardness and high strength at high temperatures, and its affinity to react with tool
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CHAPTER 2. INTRODUCTION

materials, making the manufacturing of complex geometries difficult [34–37]. Standard

manufacturing routes such as casting, forging and machining have been observed to lead

to high amounts of tool wear, the generation of heat, and subsequently thermal damage

and dimensional warping of the final component.

2.2 Additive Manufacturing of Ni-based superalloys,

Inconel 625

Additive Manufacturing (AM) techniques pose a clear solution to this, with the ability to

produce highly complex near-netshape components without need of machining, prevent-

ing complications due to IN625’s high work hardening rates [33, 38, 39]. IN625 lends itself

well to Laser Powder Bed Fusion (L-PBF) due to its high weldability and slow precipitate

formation, allowing for the manufacturing of near-fully dense (>95%), unique geometry

components previously unobtainable using more conventional subtractive methods (see

Figure 2.2) [39–41]. This can introduce capabilities for the manufacturing of complex in-

ternal structures such as cooling channels to increase the efficiency of the component.

Despite high costs associated with high quality pre-alloyed powder manufacturing (e.g.

powder atomisation and spheroidisation), an AM approach can lead to reduced costs, lead

times, and reduced materials wastage [42]. AM also circumvents the requirement to fab-

ricate multiple modular parts which would previously have needed to be assembled in an

additional manufacturing step [39, 43].

Figure 2.2: Schematic of the Laser Powder Bed Fusion processing route, showing the
manufacturing of a standard tensile bar geometry. Taken and adapted from Criales et al.
(2017) [40].
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However, new complications have been observed to arise due to the unique heat-

ing, cooling rates, and thermal gradients experienced during the incremental melting of

powder with a high energy laser. AM processing introduces a wide range of directional

microstructural and compositional features. Fast solidification rates common to L-PBF (up

to 106 K/s) produce highly anisotropic microstructures and mechanical properties, as well

as producing strong textural effects in the component [33–35, 38, 44–46]. The application

of heat treatments is crucial to remove any of the aforementioned anisotropy in the build

prior to the components use in-service, where currently the standard ASTM heat treat-

ments designed for standard fabrication routes for the alloy are used. From the literature,

it is yet unclear as to whether these produce the same effects in the highly anisotropic

as-built L-PBF microstructure, where microsegregation of heavy elements can lead to the

enhanced formation of deleterious phases and precipitates such as the brittle 𝛿-phase
(Ni3Nb) [38, 47–49].

Flexibility of the laser size, shape and scanning parameters has made it possible to

modify the microstructure and surface texture of a component during melting (e.g. ad-

vanced graded microstructure turbine blades for application in aerospace) [45, 50]. This

may have interesting applications in the tailoring of microstructure to specifically de-

sign for enhanced oxidation resistance. This could be achieved by taking a Grain Bound-

ary Engineering (GBE) approach to control the oxidation kinetics of the alloy via grain

boundaries and grain texture [29, 46, 50]. However, limitations remain where the sur-

face roughness of as-built components is significantly coarser and uneven compared to

those encountered with traditional machining techniques. This can lead to accelerated

oxidation rates and spallation of the protective oxide film [16, 29].

In a time where there is an increased demand for complex high temperature resis-

tance parts, and a drive to improve efficiency, it is of the utmost importance that the

microstructural and chemical differences encountered with AM processing are fully un-

derstood to allow for the maintenance of desirable properties such as oxidation resistance

and creep resistance when exposed to high temperatures to prevent critical failure [33].

The key concern of this research is to further the understanding of the post-processing of

L-PBF IN625 in terms of the application of heat treatment and surface finishing.This work

contributes to the development of novel surface finishes more applicable to complex ge-

ometry components common to IN625s uses in industry, and the enhanced understanding
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of how heat treatment and surface finish combine to influence the oxidation and corro-

sion resistance of the alloy in both high temperature air and Pressurised Water Reactor

(PWR) primary water conditions.

2.3 Thesis outline

This PhD research project investigates the high temperature oxidation resistance

of L-PBF IN625 in both air and Pressurized Water Reactor primary water con-

ditions, evaluating the influence of post-processing heat treatment and surface

finishing.

Chapter 4 outlines a literature review on the metallurgy of IN625 together with a

description of the common applications and standard strengthening mechanisms. The

fundamentals of AM-L-PBF are laid out, as well as standard post-process heat treating

and surface finishing of typical AM alloys. The standard thermodynamics and kinetics of

the oxidation of Ni-based superalloys are discussed and summarised. Literature covering

the oxidation resistance of both standard wrought IN625 and AM IN625 and similar Ni-

based superalloys and high Cr alloy is then critically compared, contrasted and reviewed,

with a focus on the effect of microstructure and surface finish upon the high tempera-

ture oxidation performance. From this, unexplored gaps in the research were identified

and outlined, including the following topics: the effects of special grain boundaries, AM

texture, and AM IN625 application in PWR corrosive environments.

Chapter 5 outlines the experimental procedures and theory followed throughout the

thesis, with a data presented for all materials investigated. Specific standards adhered to

have been referenced.

Chapter 6 outlines a paper drafted for the journal of Corrosion Science (Elsevier),

and investigates the effect of on the post-processing upon the isothermal oxidation resis-

tance of IN625. This is namely through the application of heat treatment and a variety of

surface finishing processes including: additive surfaces, electropolished, and Centrifugal

High Energy Finishing (CHEF). Solution heat treatment was applied to selected tokens to

obtain an equiaxed microstructure comparable to wrought annealed IN625, and to reduce

the effects of microsegregation. The oxides and growth rates obtained for both the heat

treatment and surface finish approaches are compared to the performance of standard
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wrought annealed IN625 and similar Ni-based superalloys exposed to high temperature

air. The oxidation growth kinetics were calculated for each, to investigate the influence

of microstructure, surface roughness and surface topography on the oxidation mecha-

nism and spallation. Sub-scale surface damage and phase growth in each condition was

examined to inform mechanisms, related directly to theoretical calculations of the critical

temperature drop for spallation, and physical stress state measurements of the resultant

oxide scale.

Chapter 7 presents a study investigating the effect of grain boundary character on the

internal oxidation of L-PBF IN625, with a focus on the application of heat treatment and

its effect upon the formation of Coincident Site Lattice (CSL) grain boundaries to theo-

retically enhance oxidation resistance. Correlation between microstructures before and

after exposure to elevated temperatures inform the microstructural evolution occurring

during oxidation of the alloy, revealing a relationship between grain boundaries and the

formation of internal oxide at the scale/alloy interface.This paper was drafted for eventual

submission to the journal Acta Materialia (Elsevier).

Chapter 8 expands the investigation of L-PBF IN625 to Pressurised Water Reactor

(PWR) simulated hydrogenated primary water, namely investigating the effect of addi-

tivemicrostructure, and surface finishing upon the corrosion resistance of the L-PBF alloy.

Direct comparisons are made to standard wrought and annealed Ni-based superalloy in

Generation III – IV build nuclear reactors in primary water to evaluate L-PBF IN625 cor-

rosion performance, via qualitative (SEM with EDS), and quantitative analysis (specific

weight change, FIB cross-sectioning, TEM, STEM EDS) of the external oxides formed,

their cross-sections and morphology, and sub-scale surface damage. The effect of grain

texture is highlighted, where a relationship between grain texture and oxide growth is

established. This paper was drafted for submission to the Journal of Nuclear Materials

(Elsevier).

Chapter 9 outlines the main conclusions drawn from this work, summarising the

impact of the findings and future work needed to further establish standardised post-

processing routes for the alloy and enhanced oxidation resistance.
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Chapter 3

Aims and Objectives

The present work aims to investigate the effects of heat-treatment and surface

modifications on the oxidation behaviour of Laser Powder Bed Fused Inconel

625, with the aim of furthering the development of post-processing of additively

manufactured Ni-based superalloy for enhanced oxidation resistance in high

temperature air and aqueous environments.

The objectives for this PhD project were set as follows:

• To characterise the oxidation behaviour of L-PBF IN625, exposed at 950∘C for

prolonged periods of time (∼1000 h).

• To investigate the effects of heat treatment and surface modifications applicable

to AM complex geometries upon the oxidation resistance of L-PBF IN625.

• To characterise the mechanisms of oxidation and the extent of sub-surface ele-

mental depletion with respect to time.

• Evaluate the influence Coincident Site Lattice (CSL) grain boundaries and grain

texture on the oxidation behaviour of L-PBF IN625 in high temperature air.

• To characterise the corrosion behaviour of L-PBF IN625 exposed to simulated

PWR primary hydrogenated water conditions for prolonged periods of time

(∼1500 h).
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Chapter 4

Literature Review

The following chapter outlines the physical metallurgy of Ni-based superalloy IN625, dis-

cussing currentmanufacturing routes and the drawbacks of each. AdditiveManufacturing

(AM), particularly Laser Powder Bed Fusion (L-PBF) of IN625, is critically discussed, with

a focus on literature exploring the effectiveness of standard ASM heat treatment upon

as-built microstructure, as well as existing surface finishing technologies applicable to

complex AM IN625 and Ni-based superalloy components. Studies investigating the effect

of microstructure and surface finishing upon the isothermal oxidation and corrosion of L-

PBF IN625 are critically examined in multiple environments, for comparison to standard

wrought annealed IN625 and similar Cr containing Ni-based superalloys.

4.1 Inconel 625, High temperature materials and their

application

Materials with the ability to maintain a combination of desirable chemical or mechani-

cal properties at elevated temperatures are defined as high temperature materials. Often

tolerant for a wide range of operational temperatures, pressures and mechanical load

regimes, high temperature materials are applicable to a large number of industries with

extreme environments as in aerospace, nuclear, marine and automotive applications. To

remain versatile, such materials commonly exhibit a blend of several of the following

characteristics [19, 42]:

• The ability to withstand mechanical loads at service temperatures close to the

alloy melting temperature T𝑚;

• Resist the degradation of mechanical properties over long periods of time at

elevated temperatures;

• The ability to resist and tolerate extreme operating conditions.

9
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The Ni-based superalloy (e.g. Hastelloy, Inconel and Nimonic) family of alloys are a

prime example high temperature materials, providing significant resistance to high tem-

perature creep (used in the range of T = 540 – 1000∘C), fatigue, oxidation and stress cor-

rosion cracking (SCC), see Figure 4.1 [19, 33, 42].

IN625 UNSN06625 is a chromia (Cr2O3) forming Ni-based superalloy, widely used in a

variety of applications common to the coal, natural gas, aerospace, marine, petroleum and

automotive industries for over the last 60 years, first introduced to meet demands for high

strength steam line piping materials [21]. This versatility is by virtue of its combination

of high temperature mechanical properties such as its high tensile strength (> 414 MPa,

Grade 1), elongation (> 30%), fracture toughness, and excellent oxidation resistance for

T ≤ 982∘C [18–21, 42, 51, 52]. As such, IN625 is the alloy of choice for manufacturing

components in a diverse number of oxidising and reducing media, as well as mixed acid

solutions including: sea-water, fuel exhausts, turbine environments (S, Na), and molten

salts, making it a key alloy for the fabrication of heat exchangers, ammonium cracker

tubes, and exhaust manifolds [2, 20, 22–28, 51, 53, 54]. More recently, IN625 has also

been considered for the fabrication of solar receivers in concentrated solar power plants

operating at high temperatures up to 1400 K (1126.85∘C), replacing the likes of stainless-

steels due to their superior creep resistance, high solar absorptivity and total emissivity

[6].

4.1.1 Inconel 625, Role in the nuclear industry

In particular, IN625 has an established history in the nuclear industry, where a num-

ber of high temperature aqueous environments with thermal cycling are commonplace.

IN625 has been selected for the manufacturing of steam generator tubing, heat exchang-

ers, among several other reactor-core and control-rod components in nuclear water reac-

tors [29]. The superior pitting corrosion resistance of IN625 at the range of 260 – 316∘C,

makes the alloy a perfect candidate alloy to resist the operational conditions of current

generation Pressurised Water Reactors (PWRs), typically exposed to 300∘C hydrogenated

alkaline primary water (pH = 7.1 – 10.2) at pressures of 15 – 20 MPa [55, 56].

It is a testament to the adaptability of IN625, that the alloy is also being considered for

newer Generation IV advanced nuclear reactor concepts, including the likes of supercriti-

cal water-cooled reactors (SCWR). Where there is a drive for an increase in efficiency and

10
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Figure 4.1: Overview of thermal capability of high temperature superalloys since their
emergence. Taken from Reed (2006) [19].

Table 4.1
StandaRd heat tReatments foR IN625 - AMS2774E [61].

Heat Treatment Temperature (∘C) Holding Time

Stress Relieving 870 ∘C 1hr hold
Annealing 980∘C 1hr hold
Solution Treating 1150∘C 2hr hold

*Water quench applied to all immediately following re-
moval from furnace.

plant simplification, higher operational temperatures are demanded, exposing core and

cladding materials to super-heated steam and high CO2 gases at T = 280 - 800∘C and P =

22.1 - 25.0 MPa, where previous ferritic-martensitic steels and austenitic stainless-steels

fall short on their mechanical and corrosion resistance compared to Ni superalloys like

IN625, IN617 and alloy 800 [23, 29, 57, 58]. This is also the case for other common ad-

vanced coal and gas supercritical designs with increased thermal operation temperatures

for reduced emissions [59].

IN625 is also a key candidate in the design of vacuum systems required in the nu-

clear fusion industry. IN625’s high temperature strength and creep resistance in hydro-

gen plasma environments is a key criteria for the design of toroidal reactors such as the

COMPASS Tokamak, where temperatures vary between the range of 600 – 1600 K [60]

11
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4.1.2 Traditional routes for manufacturing

In terms of its manufacturing, IN625 is a standard wrought alloy used commonly in its

polycrystalline form, following the application of heat treatment, outlined in AMS2774

for wrought Nickel alloy and Cobalt alloy parts, see Table 4.1.The alloy is available in two

ASTM grades: Grade I and II. Grade I describes wrought annealedmaterial (annealed from

T = 871 - 1038∘C), for lower in-service temperatures of 593∘C in aqueous and corrosive

environments. Fine grain structures are therefore maintained in Grade I IN625 to provide

high tensile strength via Hall-Petch Strengthening [42]. Grade II however, is applied in

more severe operational environments (common to emerging Gen IV nuclear advanced

reactor designs) where high temperature creep and corrosion resistance is a key require-

ment. To achieve this, Grade II is solution annealed at higher temperatures from T = 1093

- 1172∘C, providing a coarsening effect upon grains to limit thermal creep of the alloy

[51, 61].

Due to the high temperature heat treatments applied to IN625, the chemical homo-

geneity found in wrought IN625 is an additional attractive property. Segregation effects

of heavy elements such as Nb and Mo to interdendritic regions encountered with pre-

vious methods such as casting can be avoided completely [62]. In addition, compared to

their cast alloy counterparts, wrought IN625 allows for greater control over the grain size,

providing improved grain refinement for strengthening.Wrought alloys also tend to form

smaller amounts (in size and density) of carbide and intermetallic precipitates compared

to cast alloys [62].

Another key draw for the use of IN625 is its high weldability, due to the alloys high

Ni content, where high alloying additions lead to an decrease in the ductility of the alloy

[62]. Typically welded in its annealed form and degreased state, preheating is often not

required and is only applied in the cases where material contains high residual stresses

following manufacturing. Due to the high ductility of the alloy, during fusion welding,

the Heat Affected Zone (HAZ) does not experience significant hardening, meaning that

as a rule post-heat treatment is not always required to restore mechanical or corrosion

resistance of the material [63].

12
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4.2 Metallurgy of Ni-based superalloys, Inconel 625

The nominal chemical composition of IN625 is shown in Table 4.2, outlined by ASTM

F3056-14E1 [64]. IN625 is a solid solution strengthened Ni-based superalloy with a face

centred cubic crystal structure (FCC), drawing its strength from alloying elements such

as Mo and Nb. Here Mo acts as a substitute for heavier elements such as W and Re [65].

In comparison to earlier iterations of cast Ni superalloys such as IN713LC, IN625 con-

tains lower amounts of Al and Ti to improve weldability and minimise age-hardenability,

without additions of Ta [21, 52]. The FCC crystal structure means the alloy exhibits high

toughness alongside ductile properties [19]. The oxidation resistance of the alloy is de-

rived from the high Cr content (up to 23 wt.%), which leads to the formation of a thick,

self-healing chromia (Cr2O3) scale for temperatures up to 982∘C [18, 20, 62, 65–67]. Addi-

tions of Mo and Fe have also been found to increase the alloy’s resistance to localized cor-

rosion by pitting and Stress Corrosion Cracking (SCC), by virtue of their nobility [67, 68].

Mo in particular is considered a key alloying element in stainless steels for its resistance to

pitting corrosion in chlorine containing solutions. This is by it’s role in the formation Mo

oxides, which changes the polarity of the passive film to cationic by the presence of neg-

ative MoO𝑛− ions. Subsequently, this leads to the promoted migration of oxygen anions,

and the prevention of Cl ion ingress; aiding in the stability of the chromia passive film

[69–72]. Mo also plays a role in the repassivation of the protective film by destabilising

nucleating and growing metastable pits, via the formation of insoluble Mo/Cl complexes

in the active sites [73–76].

Some variants of Ni-based superalloy can include the addition of reactive elements

such as Y, Hf, Zr, Ce and La via Oxide Dispersion Strengthening (ODS) alloying. These

have been shown to significantly improve the alloy oxidation properties, by reducing the

oxidation rate, as well as the increased adhesion of the protective oxide scale via grain

refinement and boundary pinning [65].

Table 4.2
Nominal chemical composition of AM IN625, ASTM F3056-14e1 [64].

Alloy Element (%wt)

C Mn Si P S Cr Co Mo Nb Ti Al Fe Ni

IN625 Min - - - - - 20.00 - 8.00 3.15 - - - 58.00
Max 0.10 0.50 0.50 0.02 0.02 23.00 1.00 10.00 4.15 0.40 0.40 5.00 Bal.
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Alongside grain refinement, superalloys like IN625 primarily source their high me-

chanical properties (i.e. high temperature creep resistance) through careful control of the

microstructure and key strengthening phases and precipitates; a summary of which is

outlined in Table 4.3. This is generally achieved via a specific selection of cast/wrought

processing followed by the application of heat treatment to maintain thermal mechani-

cal properties and oxidation resistance [62]. A key draw for the use of IN625 as a high

temperature material is the high phase stability at temperatures from room temperature

to the melting point of the alloy (T = 1375∘C for 𝛾 ′ Ni3Al) [19]. This is due to the stabil-

ity of Ni in the FCC crystal structure, preventing any significant phase transformations

during service or thermal cycling, leading to an undesirable degradation of the alloy’s

mechanical properties. An added advantage of FCC Ni-based superalloys is that diffusion

rates for alloying elements here at high temperatures tend to be lower than competitor

stainless-steels, meaning phase stability and oxidation resistance of the alloy is enhanced

further [19].

4.2.1 Strengthening and key precipitates

The principal strengthening phase in IN625 is the Body Centred Tetragonal (BCT) 𝛾″

(Ni3Nb), promoted by the large alloying additions of Fe, Nb and Ti. This results in the

formation of the ordered 𝛾″ precipitate phase rather than 𝛾 ′ seen in other common Ni-

based superalloys [19, 21]. The 𝛾″ phase tends to be rich in elements such as Al and Ti,

forming a precipitate phase stable for low to intermediate operational temperature [62].

To prevent coarsening during heat treatment or ageing, IN625 obtains strengthening via

the pinning of grain boundaries from the precipitation of carbides from the liquid phase,

predominantly by secondaryM6C, or additional intermetallic precipitation (𝛿-phase) [77].
The high temperature primary MC carbides tend to form more readily during processing

of the alloy, containing reactive alloying elements present such as Ti [62, 78]. These expe-

rience a transformation during in-service conditions (750∘C < T < 982∘C) into secondary

carbides, and M23𝐶6, M6𝐶 , respectively [78, 79]. In comparison to their primary form,

secondary carbides tend to form at lower service ageing conditions preferentially upon

interdendritic regions and grain boundaries rich in segregated Cr and Mo in the case of

IN625 [19, 52, 78]. Despite draining the microstructure of Cr and other key alloying el-

ements contributing to the oxidation resistance (Mo, Ti), the formation of carbides has
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been seen as key in the improvement of the high temperature creep properties of the Ni-

based superalloy, vital for its application in thermal cycling in-service conditions [19].

It is of utmost importance however to limit the coarsening of such carbides, in order to

prevent the formation of stress concentrators and preferential failure sites which might

degrade the fracture resistance of the alloy [62].

Table 4.3
SummaRy of phases and pRecipitates in IN625 [19, 52, 62, 80].

Phase Formula Element(s) Effect(s)

𝛾 ′ Ni3Al , Ni3 (Al,Ti) Al, Ni, Ti FCC ordered, provides precipitation
strengthening. Geometrically close
packed phase (GCP).

Nb, Ta

𝛾″ Ni3(Nb, Mo) Fe, Nb BCT ordered. Main strengthening
phase in IN625 and IN718, resulting
in high strength at T < 649∘C due to
coherency with base 𝛾 ′. GCP.

𝛿 Ni3(Nb,Mo) Nb, Mo Orthorhombic 𝛿 . Found in over-aged
IN625 and IN718 at temperatures be-
tween 815-980∘C. Produces loss in ten-
sile and fatigue properties. Acicular
morphology.

Laves (Ni,Cr,Fe)2(Nb,Ti,Mo, Si) Fe, Co, Ti Hexagonal, Topologically close-packed
phase. Lowers mechanical properties.

Co2(Ta,Ti) Nb, Mo, Ta

𝜂 Ni3Ti Ti Hexagonal ordered phase (HCP) found
in high Ti content Ni superalloys. Aci-
cular platelet morphology. GCP.

MC TiC, NbC, MoC Nb, Mo, Ti, Cubic. Globular morphology, provid-
ing strengthening by pinning grain
boundaries. TiC has solubility for N.

C

M23C6 Cr23C6, (Fe, W, Mo)23C6 Mo, Cr, C FCC. Film, globules, platelets, lamellae.

M6C Fe3Mo3C, Fe3W3C Mo, W, Cr FCC. Randomly distributed.
Fe4W2C, Fe3Nb3C Ni, Nb, Ta

Co

M7C3 Cr7C3 Cr, C Hexagonal. Blocky shaped, common in
alloys above 1000∘C (Nimonic 80A).

MN TiN, (Ti, Nb)N Ti, Nb, Zr, N Cubic structure. Blocky, rectangular
morphology.

(Ti, Nb)(C, N), NbN

*Table modified from Donachie et al. (2002) [62], Reed (2006) [19], Floreen et al.
(1994) [52], and adapted from Lewis, 2020 [80].
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Of significant concern in Ni superalloys strengthened by 𝛾″ (Ni3Nb) is its suscepti-

bility of forming the brittle orthorhombic 𝛿-phase during long term thermal cycling con-

ditions below the annealing temperature (650∘C < T < 980∘C). Precipitation of this phase

hardens the alloy due to its incoherency with the matrix phase [21]. Particularly, this is

driven by elements such as Nb, Mo, Si and C, and their high tendency to segregate into

the liquid phase upon solidification [19, 81].

The degradation of the alloy yield strength in-service is attributed primarily to the

heavy precipitation of the 𝛿-phase (Ni3Nb), and the decoration of grain boundaries after

service [27, 79]. For high temperature applications 840∘C < T < 950∘C, and in the absence

of Fe content, platelets of the incoherent 𝛿-phase have been reported to form in less than

24 h, meaning careful post processing via heat treatment is vital to prevent its formation

in significant amounts [19, 62]. Nb content in the alloy can be controlled to limit the sta-

bilization of the brittle 𝛿-phase [52]. Mu et al. (2018) investigated the effect of varying

Nb content (from the minimum content of 3.15 to 4.15 wt.% maximum) upon the ten-

sile properties of IN625 cast alloy, used as a candidate for Advanced Ultra Supercritical

Power Plants (U-SCWR) [59]. It was demonstrated that an increase in Nb content and age-

ing time significantly increases the levels of segregation of Nb to interdendritic regions,

and hence the precipitation of the 𝛿-phase along grain boundaries, and intragranularly

at high temperature. This is due to the fact that higher levels of segregation allow for

diffusion to defects such as vacancies, dislocations and stacking faults in the 𝛾″ matrix,

reducing the critical nucleus free energy for formation, and stabilizing the 𝛿-phase DO𝑎
phase structure [52, 59, 82, 83]. Despite the disadvantages of this phase in terms of de-

creasing the elongation of the alloy, the orthorhombic phase can however provide some

amount of control over grain size to provide improvements in the tensile strength of the

alloy [84].

Minor alloying elements present in Ni superalloys such as Si, P, S, Pb or Bi, sometimes

referred to as Tramp Elements have been observed to lead to the degradation of mechan-

ical and chemical properties, and to influence the likelihood of carbide precipitation on

grain boundaries (in the case of Si and C) [52, 62].This is mainly often due to poor rawma-

terials, and poor control of the melting conditions of the raw material sourced [82]. Often

segregating out to grain boundaries, or having high solubility in precipitates like car-

bides, high concentrations of these elements can embrittle the microstructure. There are
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some advantages however, where elements like Mg can soak up S contaminants present

in fuel exhaust environments to prevent formation of embrittling sulfocarbides (M2SC),

or Ti can take up nitrogen impurities in the alloy itself or introduced during processing

[62, 85]. For example, Singh et al. (2013) observed the formation of M23𝐶6 at grain bound-

aries at temperatures far lower than their usual formation (550∘C). This was attributed to

the presence of TiN particles in the alloy, forming due to high N content. Nitrides precip-

itated consumed any Ti content that was required to form primary MC carbides, meaning

that any remaining C led to the precipitation of the secondary M23𝐶6, rather than from

the degradation of MC primary carbide [82].

If formed in excess, heat treatments (see Table 4.1) can be applied to dissolve carbides

and intermetallic formed, allowing for their redistribution throughout the microstructure

[19, 52]. Carbides and intermetallics (such as 𝛿-phase) formed upon grain boundaries can

be partially dissolved when annealed at 980∘C, and dissolved entirely when solution heat

treated at 1150∘C for 1 h of exposure. However, it is important to note that higher tem-

perature treatments can lead to a degradation in the ductility, fracture toughness and

corrosion resistance of the alloy via enhanced grain coarsening [48, 52, 86, 87]

Whilst post-process heat treatments are well understood for standard wrought and

cast processed Ni-based superalloys; the same however, cannot be said for Additively

Manufactured (AM) processed IN625, where non-equilibrium cooling and thermal gradi-

ents present lead to anisotropic microstructures.
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4.3 Laser Powder Bed Fusion of Inconel 625,

Fundamentals and trends

Additive Manufacturing (AM) is a candidate processing route to allow for the manufac-

turing of highly intricate near-netshape geometry components with internal structures to

high levels of dimensional accuracy, otherwise unobtainable with traditional subtractive

methods.

One such method of AM is Laser Powder Bed Fusion (L-PBF), which will be the fo-

cus of this research work, which produces high density (>97%) complex near-netshape

components without machining [33, 41, 88]. By firstly generating a 3D computer assisted

design (CAD) model of the desired component, the part can be fused out layer-by-layer

via a focused high power laser incident of a bed of metal powder. Following the selective

scanning and melting of each layer, the build platform is lowered incrementally, allowing

a recoater blade to cover the building plate with a fresh layer of powder to undergo melt-

ing of the subsequent layer of the part. This process is then repeated until the full part

(a) As-Built L-PBF IN625

(b) Wrought IN625

Figure 4.2: BSE-SEMmicrographs depicting (a) the microstructure of L-PBF IN625, where
Z = build direction. Taken from Marchese et al. (2020) [34]. (b) Wrought microstructure
of IN625. Taken and adapted from Arnold et al., (2017) [9].
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is complete. This unique melting and solidification route leads to highly anisotropic mi-

crostructures compared to traditional manufacturing methods common to wrought and

cast Ni superalloy.

A large number of studies have investigated the microstructure of L-PBF IN625 com-

pared to wrought material [28, 34, 35, 38, 44, 47, 49, 89–94, 94]. Figure 4.2 shows the mi-

crostructure obtained in as-built L-PBF IN625 condition compared to wrought alloy. Fast

solidification rates common to L-PBF (measured ∼106 K/s compared to 1 - 1000 K/s in

standard wrought and casting processing routes) produce fine dendritic microstructures,

with columnar grains extending in the build direction [35, 47, 48, 95–98].This is due to the

epitaxy between the melted layers, and the temperature gradient present along the build-

ing direction, where heat is lost vertically when moving toward the substrate [33, 99].

The continuous nature of the process’ localised heating and cooling cycles produces high

tensile strength, dislocation densities, and residual stresses in as-built materials, often

exceeding those found in wrought IN625 [33, 39, 44, 47, 94]. This is to detriment of duc-

tility however, where tensile and fatigue properties are highly anisotropic as a result.

Here stresses in as-built alloy tend to exist most prominently within the surface of the

component [33, 34, 100].

4.3.1 Microsegregation in L-PBF Inconel 625

The aforementioned segregational effects of heavier elements in wrought materials are

also exacerbated by the fast cooling and solidification rates encountered in L-PBF, re-

sulting in strong chemical inhomogeneity and compositional gradients in the melt pool

compared to wrought alloy. This leads to severe levels of enrichment (9 – 11 wt.%) in

Nb and Mo at interdendritic regions upon the cooling of each fused layer of powder;

over 2 times higher than the ASTM bulk powder composition [38, 48]. Microsegrega-

tion describes the partition of elements during solidification due to differences in their

solubility in the liquid and solid phases formed at equilibrium during dendritic growth

[28, 35, 38, 42, 44, 83, 101]. Here the inner core of the solidified dendrite will have a chem-

ical composition different from the outside, due to the rejection of heavier solute.

For IN625 in particular, heavy elements like Nb and Mo are rejected into the liquid

phase, congregating in interdendritic regions, see Figure 4.3 [34, 38, 47, 101, 102]. This

leads to the enhanced precipitation of Nb andMo richMC primary carbides and the brittle
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Figure 4.3: Compositional profiles in 𝛾 -matrix of L-PBF IN625, as predicted by DICTRA
as a function of distance from the secondary dendrite core. Taken and adapted from
Lindwall et al. (2019) [47].

Ni3(Nb, Mo) 𝛿-phase upon grain boundaries and inside grains following heat treatment,

as well as some unexpected phases upon solidification due to the non-equilibrium com-

positions present (See Figure 4.2 (a)) [33, 34, 48, 98]. Nb segregation to grain boundaries

has been shown to lead to environmentally enhanced crack growth (EECG) in Ni-based

superalloys such as IN718. Miller et al. (2001) studied the effects of intergranular embrit-

tlement of IN718 via precipitation of NbC and 𝛿-phase at grain boundaries, confirmed

via XPS. When placed under isothermal oxidative conditions, the 𝛿-phase was found to

oxidise preferentially to form a brittle Nb2O5 film ahead of the crack tip, increasing the

surface concentration of Nb in this region; and increased rates of crack propagation [103].

Heat treatments are thus necessary to relieve the significant residual stresses (up to

575 MPa) and microsegregation inherent to AM, and to achieve the desired grain size and

microstructure [34, 38, 83, 88, 98, 100, 104]. Whilst vital, these post-heat treatments add

steps to the manufacturing process, adding to costs and reducing the advantages of the

so-called near-netshape manufacturing [33].
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4.3.2 Post-processing L-PBF Inconel 625, Heat treatments

Table 4.4 shows an overview of all current heat treatments applied to L-PBF IN625 in

literature, and the phases and intermetallic encountered. Table 4.5 shows a set of key

selected heat treatments and their outcomes [34, 38, 83, 89, 105].

Attention must be brought to the fact that different forms of carbide formed across

the literature have been observed in L-PBF IN625, driven most likely due to a difference in

the heat treatments applied (parameters such as the heating zone, ramp rates and cooling

rates), as well as variations in the powder composition [34, 43, 106]. For example, mor-

phology and powder particle size distribution can have an effect on the L-PBF process,

where smaller particle sizes can promote improvedmechanical properties and surface fin-

ish [43, 106]. AM process parameters (volumetric density (J/mm3, power (W) (see Equa-

tion (4.1)), scan speed (mm/s), hatch spacing (µm), layer thickness (µm) (typically 10 - 50

µm), contour (∘), laser spot size (µm), laser modes e.g. continuous wave, modulated melt-

ing) will also vary depending on the equipment and desired geometry, resulting in a host

of different defects, surface morphology andmicrostructural differences [88, 93, 107–110].

Carter et al. investigated the 2D energy density parameter validity for various Ni-

based superalloys by way of a parametric study (absence of layer thickness in Equa-

tion (4.1)) [111]:

Volumetric Energy Density (J/mm3) = Laser Power (W)
Scan Speed (mm/s) × Hatch (µm) × Layer Thickness (µm)

(4.1)

It was observed that typically for Ni-based superalloys, there is a minimum threshold of 85

J/mm3 before which parts are not considered to be fully dense, though this does not always fully

illustrate the full outcome, where cracking density can become increased [110, 111]. Li et al. (2017)

also studied the interfacial characteristics between the deposited material and the substrate with

L-PBF IN625, where it was demonstrated that laser power predominantly controls primary cell

spacing, as well as defect formation (un-melted powder and porosity) [88, 93, 98, 110]. The forma-

tion of process maps from design of experiments are key for the full optimization of any additively

manufactured part [88, 110].
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Table 4.4
SummaRy of heat TReatments in LiteRatuRe foR L-PBF IN625, and the RepoRted phases and pRecipitates obseRved.

Condition Heat Treatment(s) Phases/Precipitates Lattice Parameter (Å) Reference

As-built – 𝛾 , 𝛾″, 𝛿 , (Nb, Ti, Mo)C 3.597 [28, 35, 36, 44, 91, 104, 112–116]
Cr23C6, (Ni, Cr, Fe)2(Ni, Ti, Mo)

Stress relief 870∘C 𝛿 , (Nb, Mo)C, (Nb, Mo, Si)6C 3.602 [28, 34, 35, 38, 44, 83, 89–91, 99, 104, 117]
1 – 8 h

Anneal 700 – 1100∘C 𝛿 , (Nb, Mo)C, (Nb, Mo, Si)6C – [34, 35, 44, 89, 91, 92, 99, 104, 114, 116, 118]
1 – 8 h

Solution 1040 – 1200∘C 𝛾″, 𝛿 , (Nb, Ti, Mo)C 3.609 [12, 28, 34, 44, 83, 89–92, 99, 104, 114, 116, 117, 119]
1/4 – 2 h (Nb, Mo, Si)6C

Solution + Age 1120∘C, 760∘C 𝛾″, (Nb, Ti)C, (Nb, Mo, Si)6C – [44, 89]
1 – 24 h Cr23C6

Direct Age 600 – 720 ∘C, 760∘C 𝛾″ – [12, 44, 118]
18 – 100 h

HIP 1120 – 1240∘C (Ni, Cr, Fe)2(Ni, Ti, Mo) – [91, 104, 112, 113, 117]
1 – 4 h, 100 – 165 MPa NiCr2, (Ni,Mo)Nb, Nb5Ni
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Table 4.5
Selected Key heat TReatments in LiteRatuRe foR L-PBF IN625.

Author Heat Treatment(s) Phases/Precipitates Ref.

Li et al. (2017) As-built 𝛾 , 𝛾″ [28]

Marchese et al. (2018) As-built MC (Nb, Mo-rich) [44]
Aging 700∘C, 24 hrs 𝛾″,MC (Nb rich),M23C6
Solution HT 1150∘C, 2hrs MC (Nb, Ti-rich)
Aging + Solution 𝛾″, MC (Nb, Ti), M23C6 (Cr)

Lass et al. (2018) Anneal 800∘C, 1-4 hrs 𝛾″, 𝛿 [83]
Anneal 870∘C, 1 hrs

Zhang et al. (2018) Stress relief 870∘C, 8 hrs 𝛿 , MC (Nb, Mo-rich) [38]
Solution 1150∘C, 1 hrs MC (Nb,Mo-rich)

Inaekyan et al. (2019) Stress relief 870∘C, 1 hrs 𝛿 , M6C [89]
Anneal 980∘C, 1 hrs M6C (Nb,Mo,Si-rich)
Solution 1120∘C, 1hrs MC (Nb, Mo-rich), M6C

Taken and adapted from Lewis (2020) [80].

Figure 4.4: Summary of EBSD IPF maps showing the microstructures obtained following
standard heat treatment of L-PBF IN625. IPF maps (c,d) show partial recrystallisation of
the AM anisotropic microstructure in (a), which can be seen to be fully recrystallised in
(e). Taken and adapted from Marchese et al. (2020) [34].

In particular for AM, a stress relieving treatment is key prior to the sample’s removal from the

building plate, without leading to significant changes in themicrostructure (see Figure 4.4) [34, 47].

A pre-heated substrate may also be applied during building to reduce the residual stresses induced

through control of the temperature gradient generated between the melt pool and base plate (up

to ∼90∘C) [110, 120, 121]. It is important to note that heat treatments applied to L-PBF IN625 are
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Figure 4.5: Simulation of the phases (wt.%) in IN625 as a function of temperature, with
standard stress relief (870∘C), anneal (980∘C) and solution heat treatments (1150∘C) over-
laid [122]. Note, stress relieving treatments at 870∘C result in the formation of 𝛿-phase.
Taken and adapted from Mariano de Sousa Malafaia et al. (2020) [11].

designed for wrought microstructures, based upon their nominal powder compositions and their

equilibrium phase diagrams and kinetics (see Table 4.1). This means that there is some debate

upon whether or not the treatments are suitable for achieving the desired outcomes required

for use in industry [48, 61]. Annealing and solution treatments however are applied to induce

recrystallisation with reduced grain growth, or to promote more prominent recrystallisation and

grain growth to enhance creep resistance, respectively (see Figure 4.4) [34]. Figure 4.4 shows a

series of EBSD IPF maps, showing the resultant microstructure obtained following the application

of standard heat treatments to L-PBF IN625, taken and adapted fromMarchese et al. (2020) [34]. For

comparison, Figure 4.5 shows a summary of the phases (in weight %) expected to form in IN625 as

a function of exposure temperature, calculated using the JMatPro modelling software, taken from

Mariano de Sousa Malafaia et al. (2020) [11]. This shows that in terms of thermodynamics (and

not including the effects of the kinetics of phase transformation), above 1000∘C, the brittle 𝛿-phase
should not be stable, with a decrease presence of MC and M6C carbides.

As of yet it is unclear as to which of the industry recommended heat treatments provide

the optimum mechanical and oxidation properties for highly segregated AM alloys like IN625.

This is evident following research by Lass and Stoudt at the National Institute of Standards and

Technology (NIST). USA, who observed that microsegregation lead to the enhanced precipita-

tion kinetics of D0𝑎 orthorhombic 𝛿-phase and intermetallic in significantly shorter time peri-

ods than in wrought IN625 following heat treatment [35, 48]. Indeed, Lindwall et al., produced

a Time-Temperature-Transformation (TTT) diagram comparing AM IN625 to wrought material
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Figure 4.6: Time-Temperature-Transformation (TTT) diagram showing 𝛿-phase (Ni3Nb)
volume fraction change in L-PBF material (red line) and wrought IN625 (thick black line).
Standard heat treatments for IN625 are overlaid. Taken and annotated from Lindwall et
al. (2019), and Floreen et al. (1994) [47, 52].

(see Figure 4.6), showing the accelerated growth kinetics of the brittle 𝛿-phase (Ni3(Nb,Mo)) using

thermodynamic simulation with DICTRA [47]. This was attributed almost exclusively to the mi-

crosegregation of Nb and Mo, where is it expected that high dislocation density and vacancy con-

centration (also present in rapidly solidified melt spun IN625) in AM material may also contribute

to the accelerated precipitation kinetics present [47, 123]. This correlates strongly to research by

Suave et al.who observed accelerated precipitation kinetics of 𝛿-phase following the introduction

of strain energy due to applied mechanical deformation in wrought IN625 [124].

In AM IN625, stress relieving treatments (at 870∘C) have been observed to lead to the initial

dissolution of the dendritic microstructure, to produce significant amounts of 𝛿-phase, as well

as leading to the precipitation of carbides enriched in Nb and Mo (see Figure 4.5) [11, 38, 89].

Additional work by Zhang et al. reported that 𝛿-phase could form in t<5minutes when undergoing

stress relief compared to 10s of hours in traditional wrought materials; indicating a low nucleation

barrier associated with the high dislocation density present in AM alloy [38, 48]. For instance,

Floreen et al. determined that the 𝛿-phase would take up to 20 hours to precipitate in wrought

annealed IN625, further demonstrating the degree of enhanced kinetics [52]. Platelets of 𝛿-phase
at 870∘C have also been observed to begin to coarsen after a period of 0.5 h inside interdendritic

regions preferentially, noticeably increasing in size following 4 h of exposure (see Figure 4.7) [38,

48].
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Figure 4.7: BSE-SEM micrographs showing the enhanced precipitation of 𝛿-phase in L-
PBF IN625 following stress relieving at 870∘C after (a) 0.5 h, (b) 1 h, (c) 4 h, (d) 8 h. Taken
from Zhang et al. (2018) [38].

It can be viewed in Figure 4.4 that below 1000∘C, heat treatments such as stress relief or an-

neals are unable to fully recrystallise grains, further demonstrating the thermal stability of IN625

[34, 121]. Annealing heat treatments are successful in bringing about the partial homogenisation

and dissolution of sub-micron carbides present, although this is yet insufficient to remove all of

this entirely. Solution heat treatments at 1150∘C are hence deemed most effective in dissolving

𝛿-phase and precipitates, producing fully homogenized and equiaxed microstructures similar to

wrought IN625. This has been determined both experimentally, see Figure 4.8, and using diffusion

simulations [38, 44, 83, 89, 116, 121, 125]. Solutionising treatments have also been shown to be

successful in the removal of residual stresses in the build [28, 104]. However, in literature it has

observed that solution heat treatments are not always sufficient for the full solution redistribution

of microsegregated elements in the as-built L-PBF IN625 microstructure. Models using DICTRA

by Lindwall et al. (Figure 4.9) for the maximum composition of Nb in IN625 (4.15 wt.%) determined

that even at T = 950 – 1000∘C the 𝛿-phase can remain stable [47]. In fact, with further enrichment

due to microsegregation, the stability of 𝛿-phase increases with temperature up to this threshold,

where it has been accepted that larger degrees of segregation lead to faster formation of the brit-

tle phase, as shown in Figure 4.9 for various distances from the theoretical interdendritic region

centre (10 - 30 nm). Recent studies using Selected Area Electron Diffraction (SAED) and Scanning

Transmission Electron Microscopy (STEM-EDS) in the 𝛾 -matrix of solutionised IN625 have also

observed that even following treatment the intercellular boundaries present remained enriched

in Nb and Mo and depleted in Ni, Cr and Fe; increasing the nucleation driving force for 𝛿 and Nb
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Figure 4.8: (a) SE-SEM micrograph, with inset image (left-hand corner) showing the
Fourier transform of the SE-SEM micrograph, (b) shows the corresponding EDS maps of
(a) as-built IN625 at higher magnification (Ni, Cr, Nb and Mo). (c) SE-SEM micrograph,
and (d) corresponding EDS maps (Ni, Cr, Nb and Mo) of 1150℃, 1 h heat-treated L-PBF
IN625. Taken from Zhang et al. (2017) [116].

and Mo containing secondary carbides (see Figure 4.8) [126].

Studies have investigated the effects of high temperature ageing to remove microsegregation

to varying levels of success [12, 34, 44, 59, 79, 91, 104, 109, 127, 128]. The successful redistribu-

tion of the solute appears to be highly dependent on the minor alloying elements present in the

powders used. Building upon previous research by Khayat and Palmer (2018) [129], Zuback et al.

(2019) investigated the effects of Fe and minor Si and Ti content within the allowable ASTM stan-

dard ranges (Fe: < 5.0 wt.%, Si: < 0.5 wt.%, Ti: < 0.4 wt.%), finding that small variations influenced

the resultant grain size and in turn the precipitation, and mechanical properties of the alloy. High

Fe and Ti content (Fe: up to 4.0 wt.%, Ti: 0.19 wt.%, Si: 0.0035 wt.%) was revealed to produce MN

nitrides enriched in Ti and Nb, which are not commonly encountered in the wrought material,

see Figure 4.10 [52, 130]. Microsegregation of Nb, and the higher Ti content is thought to have

enhanced the precipitation of these nitrides in the liquid phase before solidification. On the other

hand, in the sample set with low Fe content (Fe: 1 wt.%, Ti: 0.019 wt.%, Si: 0.37 wt.%), laves phase

was produced during solidification, promoted by the higher Si content here. Thermodynamic sim-

ulations determined a limit for Si content before Laves precipitation could be observed, showing

that an excess of 0.05 wt.% was required. Ageing HIP heat treatment at 1163∘C, 101 MPa for 4

h were applied to remove the aforementioned anisotropy. This was unsuccessful in the dissolu-

tion of precipitates in the high Fe content samples, where the MN became more enriched in Ti,

and depleted in Nb. Laves phase in the low Fe content IN625 however was found to experience
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Figure 4.9: TC-PRISMA calculated volume phase fraction of 𝛿-phase at stress relief tem-
peratures from (a) 800∘C to (b) 870∘C, for the nominal composition of L-PBF IN625. Note
the accelerated kinetics with temperature. Taken from Lindwall et al., (2019) [47].

a change in morphology into a set of blocky precipitates, with partial transformations into (Nb,

Cr, Mo)2N [130]. This study in particular highlights the importance of understanding the effects

of minor alloying elements following the unique solidification routes experienced in AM and its

post-processing.

The unique cooling and heating cycles also tend to lead to strong textures along the build

direction following solidification (<001> direction, commonly shown by the red colouring in an

EBSD IPF map, see (a), (b) and (c) Figure 4.4) [17, 34, 98]. This is strongly dependent on the di-

rection of heat input i.e. the laser and build height, leading to grain growth along the thermal

gradient resultant of the process [98]. As-built IN625 tends to show a very low fraction of High

Angle Grain Boundaries (HAGBs, defined as 𝜃 > 10∘), dominated predominantly with Low Angle

Grain Boundaries (LAGBs, defined as 𝜃 < 10∘), as a consequence of the cellular microstructure and

high dislocation density (around 80% majority). The selection of printing parameters can directly

influence this via grain refinement and the grain boundary density. Huang et al. (2022) found that

an increase in the applied scan speed from 750 – 900 mm/s lead to an increase in the Coincident

Site Lattice (CSL) fraction (e.g. twin boundaries) by increasing the solidification rate during the

fusion of metal powders to give and average grain size of <15 µm [17, 98].

Heat treatments are able to remove this preferential aligned texture, where the application of

higher temperatures common to anneal and solution treatments result in a partial to fully recrys-

tallised microstructure with a random texture throughout, as well as an increase in the fraction

of HAGBs up to a reported 58.5% (see Figure 4.4) [34, 90, 104, 112, 131]. Texture can have strong

influence upon the mechanical properties of the as-built alloy, where higher tensile strengths and

poor ductility were observed along the XY orientation than samples in the XZ plane, as reported
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Figure 4.10: HAADF-STEMmicrograph and corresponding EDS maps showing a (Ti,Nb)-
rich MN precipitate in as-built IN625, manufactured using powders with high Fe content
(4 wt.%). Taken from Zuback et al. (2019) [130].

by Marchese et al. (2020). These effects were removed following the application of heat treatment

to promote a more random texture [33, 34, 90].

As outlined by Stoudt et al. (2018), it is hence of the utmost importance the effects of post-

process heat treatment are fully understood as pertaining to AMNi-based superalloy components,

not only in terms of precipitation but also texturally.This is especially important given the growing

focus on recycling and reusing metal powders in manufacturing. Variations in powder composi-

tion, not only in terms of Nb and Mo content but also in minor alloying elements like Si, N, and C,

can significantly impact the formation of non-equilibrium phases at higher temperatures. Whilst

it is unclear what the effect we will be upon the mechanical properties of the alloy, further work is

also required to elucidate the effects of minor compositional differences and precipitate formation

upon the oxidation and corrosion resistance of the alloy.

4.3.3 Post-processing L-PBF Inconel 625, Surface finishing

As well as anisotropic microstructure, a key difference, and indeed drawback, encountered with

Laser Powder Bed Fusion and other related AM processes is the high surface roughness (R𝑎 > 30

µm) often deemed insufficient for use in-service [88, 132, 133]. Poor surface finish is primarily

driven by the large temperature gradient present in AM and the motion of the input laser heat

source, causing a rippling effect by surface tension shear forces in the melt pool. Full relaxation of

the pool is prevented by high viscous forces of the molten metal and high solidification rates [132].

This can be worsened in AM due to non-optimal design, powder feed stock and process parameter

selection (e.g. laser power, scan speed, and layering giving insufficient energy density leading to

balling of the powders), the chamber leaking argon gas, or low quality feed stock (low packing

density, oxygen contamination) [33, 110, 120, 134]. These are detrimental to the mechanical prop-
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erties of the alloy in terms of the fracture toughness and fatigue life, but also oxidation resistance

by increasing the surface area for oxidative attack through the presence of partially/un-melted

powder particles [66, 100, 110, 134–136]. Surface finishing and polishing is therefore an essential

requirement for AM components application in-service to reduce dimensional inaccuracies, poor

fatigue and oxidative performance and surface quality in terms of aesthetics [110]. This can be

particularly difficult for intricate geometry parts with complex internal surfaces. The techniques

that follow can be applied with various different pros and cons to their use.

Several studies have been conducted to investigate the best current methods available and

the optimization of these applicable to AM components in an industrial setting. So far, for this

study the candidate methods include the following: Chemical, electrochemical etching, milling,

abrasive flowmachining, magnetic abrasive polishing, vibrational mass-finishing, and laser shock

peening [13, 133, 134, 137]. For the purpose of this study, AM surfaces prior to finishing, simple

metallographical grinding and polishing, electropolishing, shot peening, and Centrifugal High

Energy Finishing (CHEF) will be outlined and discussed.

4.3.3.1 Laser parameters and polishing

Standard polishing, machining or milling of AM parts are known to produce high mirror-like

surface finishes (as low as ∼0.25 µm), and improved oxidation and corrosion properties [134].These

can however contribute to generation of tensile residual stresses from the grinding or machining

process, leading to poorer fatigue life, increased defect population, and porosity in the surface

[42, 100, 110, 134, 136]. Components common to AMwith complex shapes prove difficult to polish

using traditional softening and smearing of surface layers, where it is often impossible for the

necessary tooling to reach crevices or internal channels present [42, 134].

Various studies have investigated the effect of process parameters upon final part surface

finish with L-PBF IN625, and other alloys manufactured using L-PBF [16, 88, 100, 132, 133, 136,

137]. Findings by Mumtaz and Hopkinson determined that in order to lower top and side surface

roughness, low speed scans with high laser powder were required, alongside a small hatch spacing

to ensure complete melting of the feed stock powders [88, 110, 132].This was by way of increasing

the wettability of the melt pool, therefore reducing balling effects in the powder, yielding final

surface roughness values of 9 – 10 µm [132]. Different laser modes may also promote high surface

finish, particularly via laser pulsingmodes, by continuously remelting themelt pool and stabilizing

it [138]. Mumtaz andHopkinson further observed that short pulsing times and increased remelting

rates lead to higher degrees of surface integrity (low R𝑎) through the generation of a lower volume

of molten metal during melting [132]. More recently Balbaa et al. achieved average R𝑎 values of
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Figure 4.11: SE-SEM micrographs showing the surface profiles of L-PBF IN625 fabricated
with the following parameters: 600 mm/s, 1 mm hatch spacing, (a) 140 W, (b) 170 W, (c)
220 W, (d) 270 W. Taken and adapted from Balbaa et al. (2019) [88].

>5µm, by careful control of scan speed and power (increasing from 170 to 270 W), leading to an

increase in the diameter of the melt pool, see Figure 4.11 [88]. When measuring residual stresses

however, it was found that there was no specific relationship between the printing parameters,

with the exception that residual stresses were mainly located at the surface of the component,

ranging from 1 – 575 MPa depending on the process parameters applied [88].

Whilst improvement is possible by simple design of experiments and careful selection of pa-

rameters, the results achieved are limited to the quality of the powders used, the control of the

vacuum environment, etc. [139].

4.3.3.2 Electropolishing

Electrolytic polishing, or electropolishing (often referred to as electrochemical etching) involves

the removal of particles on the surface of a component via the application of an electrical circuit;

without imparting or relieving stresses inherent to the manufacturing process [134, 140]. Here,

following the necessary pre-cleaning / masking steps, the sample is submerged in a specific elec-

trolyte and attached to a DC power supply (using voltages 20 – 70 V, current densities ∼50 A/dm2)

[42, 134, 141]. The specimen (M) acts as the anode, allowing positive surface ions (M+) to be re-

pelled, and attracted towards a sacrificial negatively charged cathode. The electrolyte applied (e.g.
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perchloric acid andmethanol, perchloric-acetic acid) selectively attacks and dissolves active asper-

ities and raised projections on the surface of the fabricated part (e.g. partially/un-melted powder

particles and scan tracks), to produce a low R𝑎 smooth surface (∼ 8 – 0.8 µm) [17, 42, 134, 140, 142].

Upon removal, the polished part is neutralised and rinsed to ensure the end of the reaction.

The effectiveness of the process is controlled by several parameters: the size of the component,

the applied voltage, the duration of time polished, the distance between the anode and cathode,

as well as the concentration of the electrolyte/acid solution used [134, 143]. Here the aim is to

reach a high efficiency of electropolishing (i.e. a maximum rate of reduction) whilst maintaining

a minimum thickness loss [133].

Traditional methods as well as novel methods of electrochemical polishing as a means for the

post-processing of AM components has been extensively investigated for L-PBF IN625, IN718 and

other AM Ni-based superalloys for multiple geometries, reaching submicron surface finishes up

to 0.25 µm [133, 139, 141, 144–146]. Ali et al. studied the application of electropolishing upon the

internal roughness of L-PBF IN625 with various different geometries for different times with high

degrees of success, aiming for maximum surface roughness reduction, and minimum thickness

loss [133]. Results obtained using surface profiling (by confocal microscopy) showed an average

80% decrease in surface roughness R𝑎, with a thickness reduction of 8.5%, with reduced surface

variability, see Figure 4.12. Here roughness reduction increased with longer duration periods of

Figure 4.12: SE-SEMmicrographs and confocal microscope surface profiles of the external
surfaces of L-PBF IN625 following electropolishing at 30 V, in a 4:1 ratio of sulfuric acid
to methanol solution, room temperature. (a)-(f) As-built IN625, (b)-(e) 120 s, (c)-(f) 240 s.
Taken from Ali et al. (2020) [133].
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immersion, S𝑎 values of 0.91 µm were achieved after 240 s of immersion, producing smoother

profiles with homogenised surface variability, without altering the chemical composition of the

bulk. Similar results were obtained by Urlea and Brailovski with L-PBF manufactured Ti-6Al-4V

with internal surfaces, giving R𝑎 values of 1 – 3 µm with uniform roughness across the specimens

[140].

The key draw for electropolishing is the ability to polish internal surfaces (e.g. threads, under-

cuts or hanging edges) otherwise inaccessible with methods requiring a nozzle, without inducing

residual stresses in the component and affecting the bulk properties of the part (e.g. machining,

shot peening) [141]. In particular, the ability to finish sides on AM parts which often exhibit higher

R𝑎 values than flat surfaces present makes electrochemical finishing techniques attractive for AM

component post-processing. Jiang et al. studied both flat surface and angled L-PBF tubes of IN718,

showing an average 80% improvement in the surface roughness R𝑎 after the electropolishing pro-

cess [42, 132, 133, 139]. Such improvements in roughness can be achieved in times less than 10

minutes [133, 141].

However, electropolishing can be a challenge where Ni-based superalloys are concerned, due

to their characteristic corrosion resistance (via high wt.% Mo alloying) at high temperatures and

aqueous environments [73, 143]. Any pitting corrosion or sub-surface porosity as a result of elec-

trolytic anodic dissolution have also been predicted to affect the roughness, future wear, fatigue

and cracking mechanisms of the component in question, by providing stress concentrators and

crack sites [134]. Precipitates with non-conductive properties, such as Nb-richMC carbides, M23C6

and Laves have also been reported to reduce the quality of the surface finish following electropol-

ishing with AM Ni-based superalloys, where often the surrounding 𝛾 -𝛾 ′ matrix is etched prefer-

entially [141, 145]

Attention must also be drawn to the fact that electropolishing requires the use of highly haz-

ardous strong acid solutions (e.g. sulfuric acid, hydrochloric, perchloric acids, etc.), often applied

at high temperatures up to 80∘C to dissolve the metal surfaces [134, 139, 143, 145, 147]. Care must

be taken to avoid the low boiling points of these acids and to avoid spillage. Correct storage and

ventilation are key, where hazardous fumes and gases, as well as waste are byproducts of their

use. These are generally difficult to dispose of making lean and green manufacturing processes

complicated and hard to achieve [134]. Work is being done to tackle this issue, where it is thought

that ionic electrolytes (ethylene glycol, and choline chloride ionic liquid (HOC2H4N(CH3)Z3+Cl−)

exhibiting low volatility, high ionic conductivity and high electrochemical stability could be key

in improving the efficiency of the process and in providing a greener route for finishing in an

industrial setting [148].
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4.3.3.3 Shot peening

Shot peening is a cold working approach applied to reduce the roughness of a component, but to

also improve the surface mechanical properties. In this method, the desired component surface is

struck and indented repeatedly with shot, usually balls manufactured of steel, ceramic or glass,

flattening the adhered powders on the surface of the AMmaterial [100]. Here the resultant surface

finish is dependent upon: (i) the size and themorphology of themedia used, (ii) theAlmen intensity

(defined by the amount of strain energy imparted to the surface and the arc height deflection of

a sample thin metal strip), and finally (iii) the percentage coverage of the component finished

[134, 149]. Due to the force of impact, the material undergoes plastic deformation at the surface,

inducing high compressive residual stresses (up to 550 MPa) [42, 100, 134, 137]. This leads to some

levels of localised grain refinement, increasing the hardness of the surface [134].

Balbaa et al. (2022) investigated the effectiveness of shot peening on L-PBF IN625 for increased

fatigue life, see Figure 4.13. Following shot peening, a large decrease in the surface roughness was

measured, with an improvement of 40% observed upon the side surfaces of the coupons (R𝑎 ∼3 µm).

High surface compressive stresses were measured following shot peening, found to penetrate at

Figure 4.13: SE-SEM micrographs of (a) as-built IN625, and (b) shot peened L-PBF IN625,
(c) (d) KAM (Kernal AverageMisorientation)map and corresponding band contrast image
of as-built IN625, (e) and (f) KAM map and corresponding band contrast image of shot
peened IN625. For KAM maps (c) and (e), green coloring indicates a region with a high
density of dislocations. Taken and adapted from Balbaa et al. (2022) [100].
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depths up to 250 µm. This resulted in the formation of sub-grains and high dislocation densities at

the boundaries between these in this region due to plastic deformation (see KAM (Kernal Average

Misorientation) map for shot peened IN625, Figure 4.13 (e)). Altogether, shot peening was seen to

reduce the frequency of crack initiation sites present, increasing the fatigue life and elongation

of the specimens to levels comparable, if not superior to shot peened traditional wrought IN625

[100]. Similar results have been reported in literature by Lesyk et al. for AM IN718, showing an

enhancement in the fatigue, and corrosion properties of the component following shot peening

[134, 150].

This makes shot peening a strong candidate for AM IN625 surface finishing. Limitations arise

however where internal surfaces are concerned, where again the tooling may not be able to phys-

ically access all features present. Thin sections common to AM designed parts can also risk being

eroded in the process [134].

4.3.3.4 Centrifugal High Energy Finishing

Centrifugal High Energy Finishing (CHEF) is a high energy mass-finishing technique applied to

remove surface roughness left behind from themanufacturing process, in this case partiallymelted

powder particles upon the surface of the desired part, and any visible evidence of supports. This

involves a cutting, smoothing and polishing set of steps, with various finishing media (of different

densities, abrasive content and compositions), times and chemical agents applied at each stage

[134]. The components are firstly placed in barrels containing a mixture of abrasive media (com-

monly pellets of a ceramic, e.g. carbide free bainitic, CFB, or semi-friable brown fused alumina,

SFB), and a carrying chemical agent, oftenmildly acidic to oxidise the surface and prevent build-up

of dust (e.g. LQ18, LQ16 - see Chapter 5 for descriptions).

The barrels are rotated and vibrated at a high velocity to create large centrifugal forces. Here

the abrasive media impacts the part inside in random directions, smoothing and rounding the

surfaces to leave behind a isotropic, mirror-finish (S𝑎 < 2.5 µm) with a large compressive residual

stresses in the surface of the component [137, 151]. The residual stresses imparted by the CHEF

process have been measured to reach up to 550 – 800 MPa, making CHEF a comparable finishing

route to the likes of shot peening [137]. Significant increases in hardness are thus also experienced

following CHEF, attributed to work hardening [134]. This may have significant implications for

the oxidation resistance of a component, where an increase in surface defect population and dis-

location density may increase the rates of diffusion and hence reduce the oxidation resistance of

the component, despite improvements to the surface finish [13].

Compared to common traditional routes of machining used for IN625, CHEF does not require
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Figure 4.14: A schematic outlining the standard (a) cutting, (b) smoothing and (c) polish-
ing steps involved in Centrifugal High Energy Finishing (CHEF). Note the barrels rotate
in the opposite direction to the wheel they are attached.

tooling, making it applicable to hard Ni-based superalloys which are often difficult to machine

without significant wearing. The size of the ceramic media used to deburr parts may also be var-

ied depending on the dimensions and internal surfaces of the component, making CHEF a key

candidate for the development of surface finishing for complex geometry parts encountered with

AM, though this may affect the speed of the finishing process i.e. smaller ceramic leads to length-

ier polishing times required. This may prove lengthy in the case of harder materials such as Ni-

based superalloys which experience slow rates of material loss [134]. It is therefore important that

mass loss and a decrease in wall thickness is considered during the design of the component be-

fore CHEF to compensate. Limitations also arise when aiming to target specific features, due to

the isotropy of the techniques, as well as with the finishing of small diameter holes and features

[134, 137].

Overall, it is clear that there is no one-size fits all approach to the post-processing of AM IN625

components with complex geometries, where there is a continuous balance between optimizing

for surface finish, surface stress state and dimensional accuracy. Combining this with different

applications of heat treatment, further work is required to ascertain which processing routes are

optimal to reach the standard oxidation performance outlined by wrought Ni-based superalloy,

with the aim to optimize and enhance these properties for use in industry settings. Table 4.6 shows

a summary of all of the surface finishing techniques investigated and their respective R𝑎, S𝑎 values.
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Table 4.6
An oveRview of the suRface Roughness values obtained with standaRd suRface finishing technies foR AM IN625, and similaR
Ni-based supeRalloys fRom liteRatuRe.

Surface R𝑎 (µm) S𝑎 (µm) Comments Ref.

Additive 1.50 < AD < 80.00 ∼30.00 High residual stress, [132, 133]
process dependent [88, 137]
(power, scan speed, hatch)

Machined < 1.00 < 1.00 – [134]

Electropolish 0.40 < EL < 11.00 < ∼30.00 Process dependent [133, 145]
(time, voltage, distance) [17, 141]

Shot peen < 4.00 < 10.00 High residual stress (∼500 MPa), [88, 137]
process dependent [150]
(time, media size)

CHEF – < 2.00 High residual stress (∼550 MPa) [137]
process dependent
(time, media size)

*CHEF (Centrifugal High Energy Finishing).
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4.4 High temperature oxidation of Ni-based

superalloys in air, Thermodynamics and kinetics

High temperature oxidation resistance is defined as the materials ability to form a protective oxide

scale when placed under aggressive conditions at T>400∘C in the presence of oxygen [66, 135].

At such temperatures, most metals will oxidise over time, leading to the loss of material and a

change in the near surface composition of that component. Therefore, it is key to understand the

mechanisms by which this occurs in terms of the rate of growth, and the morphology of the films

produced.

Oxidation occurs either due to the simultaneous transport of electrons and ions throughout

the metal to the oxide/gas interface, and/or via the transportation of oxygen to the surface of the

metal/oxide scale. For this reaction to occur, one or both of the reactants (metal ions, or oxygen

anions) must penetrate the scale [66]. The transport of ions is controlled by the defect structure of

the oxide via point (oxygen anions, ormetal cations), line (e.g. dislocations) and surface defects (e.g.

grain boundaries)[66]. Figure 4.15 shows a schematic of the process, where electrons are shown

to be lost from the metal substrate and oxygen anions are gained, resulting in the formation of an

oxide and a metal cation vacancy concentration gradient across the scale, taken from Birks et al.

(2006) (see Equation (4.2)) [18, 66, 152]:

𝑀 + 𝑂2 = 𝑀 ⋅ 𝑂2 (4.2)

where M is a metal atom, combining with oxygen (O2), to form a metal oxide (MO2).

At initial stages, all alloy components will oxidize, and discrete metal oxide islands will nu-

cleate upon the surface, with some oxides being more thermodynamically stable than others de-

pending upon the alloy composition, the holding temperature and oxygen partial pressure, as

well as their diffusion coefficients [18]. This is controlled by the second law of thermodynamics.

This is primarily due to their respective Gibbs Free energy change, determined by the following

equations, Equation (4.3) and Equation (4.4) [66, 67]:

Δ𝐺∘ = 𝑅 ⋅ 𝑇 ⋅ 𝑙𝑛𝑃𝑂2 (4.3)

where G∘ is the Gibbs free energy (KJ/mol), R is the molar gas constant, T is the temperature

(K) and 𝑃𝑂2 is the oxygen partial pressure.

Δ𝐺 = Δ𝐻 − 𝑇Δ𝑆 (4.4)
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Figure 4.15: Simplified model for diffusion-controlled oxidation in metals, where M is the
metal (e.g. Cr). Taken from Birks et al. (2006).

where H is the enthalpy, and S is the entropy, for a constant pressure and temperature (K).

Oxides with a more negative ΔG∘ are more thermodynamically stable and will thus form pref-

erentially. These oxides grow laterally until a local equilibrium is formed between the scale the

and the parent alloy, as well as the scale and gas environment [66, 135, 152]. This can be graphi-

cally demonstrated by Ellingham-Richardson diagrams (see Figure 4.16), which show the standard

Gibbs free energy of formation for oxides G, as a function of temperature T [153]. Note this is a

normalised plot, showing the Gibbs free energy of reactions for one mole of the element con-

sumed, in this case oxygen. The thermodynamic stability of each oxide tends to decrease with an

increase in temperature before dissociating or becoming unstable [66, 135, 152].

Once stable, the reaction kinetics of the desired oxide film can be measured to determine its

oxidation resistance. Wagner’s theory of oxidation describes the high temperature oxidation of

metals where diffusion of ions is rate controlling; derived from Fick’s first law of diffusion [67]:

𝐽𝑥 = −𝐷𝑣 ⋅ 𝑑𝑐𝑑𝑥 (4.5)

where J is the diffusion flux (mol), D is a constant diffusion coefficient (cm2/s), and 𝑑𝑐
𝑑𝑥 is the

derivative of the concentration flux across a thickness x (cm).

This approach assumes ametal-lost to oxide thickness relationship, which is parabolic formost

common Ni-based superalloys. The classical equation by Carl Wagner demonstrates this rate of

mass transfer per unit time [66, 135]:

(𝑚𝐴)
2
= 𝐾𝑝 ⋅ 𝑡 (4.6)

where m is the mass change (g), A is the surface area (cm2), 𝐾𝑝 is the parabolic oxidation rate

constant (g2cm−4s−1) and t is the time (s).
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If the growth regime is not perfectly parabolic, an exponent n may be determined to better

describe the oxidation behaviour as either: linear (n = 1), parabolic (n = 2), or cubic (n = 3), using

Equation (4.7):

(𝑚𝐴)
𝑛
= 𝐾𝑛 ⋅ 𝑡 (4.7)

where m is the mass change (g), A is the surface area (cm2), 𝐾𝑛 is the oxidation rate constant

(g2cm−4s−1) assuming the exponent n, and t is the time (s).

Assuming non-equilibrium thermodynamics, as is the case during oxidation, for a parabolic

rate to be maintained, the oxide layer must be dense, compact and adherent to the surface of the

alloy (to allow diffusion of lattice species), with thermodynamic stability at both the scale/alloy

interface, and scale/gas interface (to establish a chemical potential gradient and thus, driving force

for diffusion). In addition, the diffusion of ions and electrons must be rate controlling [66, 152].The

growth rate of oxide films is determined by the reactions taking place between the environment

and alloying elements present in the base metal. The following key properties influence rate in

alloys [66, 135]:

• Alloying elements with differing affinities for oxygen;

• Differences in solid solubility of oxides formed in the parent metal;

• Differences in metal ion mobility and diffusivity in oxide;

• Formation of sub-surface oxide and phases near the scale/alloy interface.

For an oxide scale to be considered protective in the long term, it must demonstrate the fol-

lowing characteristics [66, 135, 152]:

• The growth rate of the oxide must occur slowly;

• The scale must show low stoichiometry (i.e. a low density of lattice defects to lower

diffusion of ions);

• Low dislocation density (to limit diffusion of reactive species);

• The scale must be thermodynamically and chemically stable (to prevent formation of

volatile species and thickness reduction);

• Macro/Micro crack free (again, to limit short circuit diffusion pathways);

• Compact and adherent to the metal surface;

• Stress-free / low stress over the required temperature range of use to minimise scale loss.
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Figure 4.16: Standard Ellingham-Richardson diagram, showing the standard energy of
formation of selected oxides against temperature. Taken from Birks et al. (2006).

Common properties which can affect the formation of oxide can include the environment the

material is exposed to, defects, the surface roughness and stress-state of a component, as well as

impurities elements present such as a pre-existing external oxide. Once investigated, film growth

may be controlled andmodified to extend component lifetime by limiting excessive environmental

degradation bymaterial loss and phase changes in the alloy.Most alloys or protective coatings used

are primarily based on iron, nickel-based superalloys, or cobalt, where Cr and Al are selectively
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oxidised to generate a continuous protective oxide scale [19, 65, 66, 135]. These are known to form

dense, stable and protective chromium and/or aluminium rich oxide scales. These films grow at a

slow rate and are favoured thermodynamically over other oxides containing Fe, Ni or Co which

may form at early transient stages of oxidation [135]. The extent of an elements enrichment inside

the oxide film is determined by the composition of the alloy, the element’s diffusivity in the scale,

as well as its oxide stability, as determined by the Ellingham-Richardson diagram. The following

series of elements are placed in order of their stability for the standard Ellingham-Richardson

diagram shown in Figure 4.16: Al > Ti > Si > Nb > Cr > Mo ∼Fe > Co > Ni [2].

4.4.1 Chromia (Cr2O3)

Chromia (Cr2O3) is a key protective oxide scale used by virtue of its high thermodynamic stability

to temperatures 600 – 900∘C (see Figure 4.17) [2, 9, 135]. One mole chromia forms via the following

route:

2𝐶𝑟(𝑠) + 3
2𝑂2(𝑔) = 𝐶𝑟2𝑂3 (4.8)

Chromia demonstrates the aforementioned qualities well: it is a slow growing, stable and

continuous oxide scale, often compact and fully adherent to the surface of themetal. For a Ni-based

superalloy, the chromia scale acts to block the diffusion of Ni cations to the oxide/gas interface,

preventing the formation of the non-protective NiO scale [154]. For common chromia forming

Figure 4.17: BSE-SEMmicrograph showing the external oxide scale formed uponwrought
IN625 following isothermal oxidation for 1000 h at T = 900∘C in air. Taken from Arnold
et al. (2018) [9].
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Figure 4.18: A schematic illustrating the oxidation process (BO), which results in the
depletion of element B within the near-oxide region of a selectively oxidized metal alloy,
AB. Adapted from Young (2016). [67].

Ni-based superalloys (of 15 – 25 wt.% Cr) exposed to high temperatures, the oxidation rate of the

alloy is governed by the supply, outward cationic diffusion of Cr+3 and the selective oxidation

of chromium at the metals surface [62, 135, 142, 155]. Here the reaction involves the diffusion of

chromium ions Cr3+ to the scale/gas interface where it reacts with oxygen in the environment to

form chromia. Whilst chromium diffusion is the dominant transport mechanism, inwards oxygen

anion diffusion into the scale is also a contributor to the rate of oxidation. Here for Cr-rich Ni-

based superalloys, the larger the concentration of Cr, the faster the continuous chromia layer

will tend to establish itself. As the scale thickens over time, a Cr depletion zone forms beneath

the oxidation affected region, where the concentration profile increases moving towards the bulk

of the material, see Figure 4.18 and Figure 4.19. This change in the microstructure composition

can lead to significant changes in the chemical potential of other key alloying elements, driving

their diffusion from the bulk to the external scale [135]. As a result of the thickening oxide over

time, the diffusion pathway for Cr through the chromia scale increases, meaning the overall rate

decreases to a plateau once a critical thickness is reached [18, 66]. In terms of IN625, the Ti and Nb

content is kept to a minimum in order to prevent the formation of detrimental fast-growing oxides

containing the aforementioned elements which may interfere with the growth of the slower, more

protective oxide scales [65]. Alloying elements in high amounts such as Ti may also act to dope the

chromia scale, as viewed by Cruchley et al. for RR1000 [149, 156].This leads to enhanced oxidation

kinetics than typically observed in Ti-free chromia scale, and the establishment of a Ti-depleted

zone in the sub scale for increasing depths at increased periods of exposure.
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Figure 4.19: Graph showing the depletion of Chromium from the bulk to the scale for
Fe-32Cr, measured using Electron Probe Microanalysis (EPMA) after exposures of T =
977∘C. Reprinted from G. L. Wulf et al. (1969). Taken from Young (2016) [67]

4.4.2 Internal oxidation

Internal oxidation may also occur beneath the scale inside the matrix during exposure to high

temperatures. This involves diffusion of oxygen into the surface of an alloy, and the subsequent

formation of sub-surface oxides beneath the protective scale, commonly precipitating upon grain

boundaries preferentially (acting as short-circuit diffusion pathways). The oxides forming here

tend to be enriched in slow diffusing elements (with a more negative Δ𝐺∘ than the protective

oxide scale) such as Al or Ti, which are unable to diffuse to the surface quickly enough to develop

an external scale [67]. Here it is a requirement that the composition of this element must be low

enough to ensure that it will not lead to the formation of an outer scale [18]:

𝑁𝑚 × 𝐷𝑚 << 𝑁𝑠 × 𝐷𝑂 (4.9)

where N𝑚 is the nominal concentration of the metal matrix ions, D𝑚 is the diffusion coeffi-

cient of the matrix phase, and N𝑠 is the nominal concentration of the solute, D𝑂 is the diffusion

coefficient of the solute oxide.

Formation of an internal oxide can form simultaneously alongside the external scale [67]. In-

ternal oxides are generally undesirable, not only depleting the alloy from its intended composition

in the oxidation-affected region, but also exhibiting a different coefficient of thermal expansion

(CTE) than the parent metal, contributing to the spallation, crack initiation and possible delamina-

tion of the oxide scale [66]. If the protective oxide scale is successful in preventing the ingress and
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dissolution of oxygen into the parent alloy, internal oxide cannot occur. This is very uncommon

however, where most protective scales will allow some amount of permeation, establishing an

oxygen concentration gradient through it. Here the least/less noble elements in the parent alloy

will react to form oxides, namely Alumina (Al2O3) in the case of IN625 [66]. As a rule, the higher

the Cr content, the shallower the depth of penetration of internal oxide [67]. This is on account

of the faster establishment of an external protective chromia scale, and reduced amounts of the

ingress of oxygen through the scale via micro-cracks as a result.

4.4.3 Stress generation in the oxide scale

As mentioned previously, different oxides and their parent base metal can exhibit vastly differ-

ent CTE. When an oxide or precipitate forms, it is accompanied by change in volume, due to the

fact each component will have its own unique lattice parameter and/or crystal structure [66, 152].

Differences between these characteristics will result in the oxide experiencing amounts of elastic

strain and in the extreme case, plastic deformation, fracture and failure of the protective layer.

During isothermal oxidation two main sources of stress are encountered as a result of the expan-

sion or contraction between the base and the layer growing over time: (i) Growth stresses, and (ii)

Thermal stresses. A strong understanding of how these form and present themselves is needed to

ensure the prolonged lifetime of critical components in high temperature environments, where

the protectiveness of the scale is characterised by its adherence to the surface, and thus, its stress

state [155]. A key example of this can be the history of the use of PWR systems during the 1970s,

outlined by Evans (1995), who described the denting of IN600 secondary circuit tubing via the

formation of magnetite. This led to a loss of efficiency in the steam generator unit [157].

4.4.3.1 (i) Growth stresses

Growth stresses in the external oxide formed upon a material can occur during the isothermal ox-

idation of an alloy for a range of different reasons and sources [66, 154]. As previously mentioned,

volume changes in the material are one of the major sources for stress, where the growing oxide

will have a different volume than the base parent metal. This mismatch generates elastic strains

that form and accumulate during the isothermal oxidation of the metal.The Pilling-Bedworth ratio

(PBR) (1923) can be calculated as a useful, qualitative indication of the stress type and level within

the growing oxide, given by the following relationship [66, 158]:

𝑃𝐵𝑅 = 𝑉 (per metal ion in the oxide)
𝑉 (per metal atom in metal)

(4.10)
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where V is the molar volume of the oxide / the molar volume of the metal upon which the

oxide layer forms.

Here if the PBR > 1 (where the volume of the oxide is greater than the metal consumed),

the oxide growing experiences compressive stresses. The scale formed will tend to be protective,

i.e. compact and non-porous. If PBR < 1 however, the oxide is under tension, and will appear

to be discontinuous and non-protective. This is due to the fact the volume of the oxide is less

than the metal consumed, meaning it will act to stretch itself across the surface of the metal. Most

protective oxides (e.g. Chromia, PBR = 2.07 - 2.42, Alumina = 1.28, Rutile = 1.70 – 1.78) will generate

compressive stresses, with the exception of K, Mg, Na oxides which show tensile stress generation

[66, 154, 155, 157]. In cases where the PBR > 2.0, the oxide is likely to be mostly protective and non-

porous, but subjected to higher compressive stresses, exacerbated as the scale thickness increases

over time, making it more likely to spall [159]. Such compressive stresses are expected to be located

at the scale/alloy interface, where the oxide grows due to the inward diffusion of oxygen anions to

the interface, growing in the direction with the least resistance i.e. the free surface. Here the oxide

formed at the scale/alloy interface must occupy the volume previously occupied by the consumed

metal, meaning it must expand or contract; thus generating stress.

It is important to note, that the Pilling-Bedworth relationship is deemed to be more of a qual-

itative quantity, where the relationship is limited by its lack of inclusion of the stress magnitude

experienced by the scales and metal substrates, as well as subsequent cracking [157, 159]. For ex-

ample, many other factors can affect the growth stress generation, such as the adherence of the

scale to the substrate in terms of epitaxy between the metal oxide and base metal lattice parame-

ters. This stress mismatch will decrease with time as the scale grows thicker [155].

As the formation of oxide scales leads to the selective oxidation and depletion of elements

in the metal substrate, a significant compositional change is experienced in both the alloy and

the protective scale. This causes there to be an evolution in the lattice parameters of the alloy

and oxide leading to further mismatch and stress generation. The internal oxidation of an alloy

(forming alumina in the case of IN625), and/or carbide formation also leads to local compositional

changes along grain boundaries resulting in stress [155].

The accumulation of point defects, namely vacancies (when an atom is not present at its lattice

site) can lead to high levels of non-stoichiometry in the metal substrate, leading to a change in

lattice parameter and hence stress generation. For chromia forming metals (growing oxide by the

outward diffusion of Cr ions to the scale/gas environment), a vacancy gradient can form beneath

the scale. These vacancies lead to a change in the local density of the substrate, generating a

relaxation effect around the vacancies. This can decrease the contact area between the protective
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oxide and the base metal.

At high temperatures, during oxidation, metals can experience some level of recrystallisation,

leading to the coarsening of grains and the generation of special grain boundaries. As the grains

grown in size, this can lead to volume mismatch between the grain and the oxide growing upon

it, once again generating stress.

The specimen geometry is also an important factor to consider, especially for the case of AM

components with complex geometries. Curvature (concave and convex surfaces), as well as the

mechanism of oxidation will influence the stress generated in the protective scale. There are four

cases identified by Hancock and Hurst (1974) [160] to characterise these, summarised as follows

[66]:

• Oxides growing on convex surface by cation migration - The metal moves away

from the oxide is formed at the scale/gas interface, and compressive stresses accumulate

inside the oxide as it chases the metal substrate;

• Oxide formation on convex surfaces by anionic diffusion - Tensile stress genera-

tion and accumulation at the outer surface of the external oxide;

• Oxides growingupon concave geometries via cation diffusion - Initial compressive

stresses in oxides grown. As this scale grows thicker, a transformation from compressive

to tensile stress occurs at the scale alloy interface.

• Oxides growing upon concave surface by anion diffusion - Compressive stress

generation, increasing inmagnitude as the scale becomes thicker over prolonged periods

of oxidation.

4.4.3.2 (ii) Thermal stresses

During the oxidation of a metal the stresses generated are dominated by growth effects inside the

metal substrate and oxide. However upon cooling or thermal cycling of the component, signifi-

cant thermal stresses are also formed as a result of differences in the coefficient of thermal expan-

sion of each component layer [154, 155, 157]. This was shown for NiCr alloy by Daghigh (1996),

who demonstrated stress relaxation by oxide elastoviscoplastic deformation (elastoviscoplastic,

behaves elastically as a solid below a critical stress, once exceeded, flows like a viscous liquid) tends

to occur at T > 700∘C, making growth stresses during isothermal oxidation negligible [154, 161].

This is expressed using Equation (4.11) [162]:
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𝜎𝑜𝑥𝑖𝑑𝑒 = 𝐸𝑜𝑥𝑖𝑑𝑒 ⋅ Δ𝑇 ⋅ (𝛼𝑜𝑥𝑖𝑑𝑒 − 𝛼𝑚𝑒𝑡𝑎𝑙)
1 + 2 ( 𝐸𝑜𝑥𝑖𝑑𝑒 ⋅𝑡𝑜𝑥𝑖𝑑𝑒

𝐸𝑚𝑒𝑡𝑎𝑙 ⋅𝑡𝑚𝑒𝑡𝑎𝑙 )
(4.11)

where 𝜎 is the in-plane stress generated in the oxide layer (MPa), E is the elastic modulus

of the metal substrate and oxide (GPa), ΔT is the change in the exposure temperature (i.e. the

difference between the initial and final exposure temperature), 𝛼 is the CTE, and t is the thickness

of the component.

As a rule, for a protective oxide under compressive stress the CTE of the growing oxide will

tend to be less than that of themetal substrate, where the overall level of stress is determined by the

difference between these two values. For example, for Chromia 𝛼𝐶𝑟2𝑂3 = 8.1 × 10−6 K−1, compared to

IN625 𝛼𝐼𝑁 625 = 17.3 × 10−6 K−1 (for 20∘C – 900∘C) [157, 163–166]. Another general rule of thumb for

chromia, alumina and NiO scale is that if the following criteria shown in Equation (4.12) is met,

compressive stresses are expected to form during cooling from in-service to room temperature

[155]:

𝛼𝑚
𝛼𝑜𝑥

> 1 (4.12)

where 𝛼 is the thermal expansion coefficient for both the metal, m, and the oxide, ox, respec-

tively.

A.M. Huntz (1995), determined this ratio for Chromia for Ni-Cr alloys, ranging between values

of 2.1 – 2.25 [155]. Measured values for the compressive residual stress contained in a chromia

scale exposure exposures of 700 – 1000∘C tend to vary between -1.2 to - 3.30 GPa, recorded using

a combination of both XRD techniques and Raman spectroscopy [154, 167–171]. Note, measured

stresses only take into account the system in purely elastic conditions, with no consideration for

the stress relaxation effects taking place. Therefore, these values may be taken as an upper limit

[154].

4.4.3.3 Relieving stresses and their quantification

During operation, creep and recrystallisation of the alloy can relieve a large portion of these ac-

cumulated stresses, by way of plastic deformation of the substrate and oxide, and the subsequent

cracking and spallation of the oxide film, particularly during cooling [66, 155, 157, 168, 171]. This

is of a particular concern should the protective scale be lost, and the selectively oxidised element

be depleted in the parent alloy, it may make the re-passivation of the scale difficult [157].

The mechanism for this relaxation is heavily dependent on the scale and substrate properties,

such as the mechanical properties, differing creep rates etc. The thickness of the scale has a large
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Figure 4.20: Schematic showing the stress-failure response of an oxide when placed under
compressive stress, (a) Buckling, (b) Wedging. Adapted from Evans (1997) [159].

impact upon spallation of the oxide during cooling, where thermal shockmay occur at outer layers

of the scale where the thermal gradient is steepest [155]. Figure 4.20 shows the two classic types

of spallation mode. Buckling occurs for thinner scales where adherence between the oxide and

the substrate is low i.e. preexisting defects / stress concentrators are present within the scale /

scale/alloy interface. Wedging however, occurs as the scale becomes thicker, and shear cracks are

able to form upon cooling. Fracture of the scale will occur once the stress accumulated reaches a

critical value which exceeds the interfacial fracture energy of the scale [154].

It is key these stresses can be predicted / quantified to evaluate the effectiveness and endurance

of the protective scale in high temperature environment. Stresses can be determined in the scale

both qualitatively and quantitatively using a range of techniques either in-situ or following cool-

ing. This is summarised from reviews by Evans (1995), Huntz (1995), Kemdehoundja et al. (2006)

and the National Physics Laboratory in the following [154, 155, 157, 159, 171, 172]:

• Deflection and extension techniques - measurement of deflection in the sample, D,

produced by strain induced in-situ during isothermal oxidation i.e. creep relaxation.This

takes into account changes to the sample length over the period of exposure, implying

formation of compressive stress;

• Curvature - Determination of stress distributions at room temperature for both the

scale and substrate from the external scale penetrating into the bulk;

• Hole drilling - Involves stress relaxation by drilling, allowing for the measurement of

macroscopic stress by changes in several strain gauges surrounding the drilled hole;

• Raman Spectroscopy - Non-destructive method analysing small volumes of material.

Stress measured by the shift in the Raman peak vibrational frequencies for comparison

to a perfect, non-stress crystal;
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• X-ray diffraction, sin2(𝜓 ) method - Static or continuous measurement of the interpla-

nar spacing changes and strain experienced by the crystal lattice before and after oxida-

tion to inform the associated residual compressive stress induced. The sin2(𝜓 ) method is

a key example of this which will be discussed in the methodology of the thesis.

Empirical equations can also be used to predict properties of the scale, such as the critical

temperature drop that leads to spallation on a planar surface. Evans (1997) developed an equation

to determine the temperature change necessary for the spallation of an oxide or protective coating.

This equation accounts for instantaneous crack growth during a temperature shift, assuming that

all stored energy within the oxide is available to drive crack formation [157, 159]. The equation

for spallation due to wedging of the oxide scale is derived as follows [159]:

Δ𝑇𝑐 = ( 𝛾𝐹
𝜖 ⋅ 𝐸𝑜𝑥 ⋅ (Δ𝛼)2 ⋅ (1 − 𝜈𝑜𝑥)

)
1/2

(4.13)

whereΔ𝑇𝑐 is the change in temperature (K), 𝛾𝐹 is the fracture energy of the oxide scale (J/m2), 𝜖
is the oxide thickness (µm), 𝐸ox is the Young’s modulus of the oxide layer (GPa),Δ𝛼 is the difference

between the linear expansion coefficients between the growing oxide and the base alloymetal, and

𝜈ox is the Poisson’s ratio of the oxide.

From this equation, it can be concluded that a slower temperature drop improves the spallation

resistance of the alloy, permitting thicker oxide scales to be grown at a particular temperature. For

layered oxides or protective coatings, this also demonstrates how by careful selection of 𝛼 CTE,

it is possible to relax the surface of a metal. Should the Δ𝛼 be large, large amounts of sliding

displacements will occur upon the wedge crack tip, leading to a lower temperature drop required

before initiation and spallation [159].
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4.5 Oxidation of Inconel 625, A comparison of

wrought and AM alloy

Research into L-PBF IN625 at high temperatures is primarily focused on the isothermal oxidation

properties of the alloy in air, where there have been several studies investigating the oxidation

performance of AM IN625 at short (< 200 h) exposures (with the exception of Arnold et al., (2018)

who investigated an ODS Spark Plasma Sintered (SPS) variant for 1000 h) across L-PBF, and Elec-

tron Beam Melting (EBM) fabricated alloy at T = 800 – 1050∘C [1–6, 8–11, 13–17, 173–176]. Short

exposures investigated in the literature are less reflective of the material in service, where the

oxide film and key phases, particularly the 𝛿-phase, are not fully established. So far L-PBF and

Laser Beam Melted (LBM) IN625, when surface finished, is reported to perform to approximately

the same standard as wrought IN625 and similar Ni-based superalloys, in terms of their oxidation

rate, the thickness, chemistry andmorphology of the scales formed, see Figure 4.22 and Figure 4.23

[1, 7, 10, 15].

4.5.1 Oxidation kinetics of L-PBF Inconel 625

A summary of the research covering wrought, and AM isothermal and thermal cycling (TC) oxi-

dation is shown in Figure 4.21 and Table 4.7, where each IN625 data point is summarised in Table 1

and Table 2 in the Appendix. Data was extracted from each paper, allowing the oxidation rate con-

stants and n-values to be extrapolated according to the classical Wagner equation for oxidation

Equation (4.6) [66].

Research into the oxidation kinetics of IN625 has shown that wrought and AM IN625 exhibit

mainly sub-parabolic (n∼2) to cubic growth (n∼3) behaviour with spallation of the oxide scale

after 100 h of exposure, dependent on the microstructure and surface finishing applied [1]. Higher

temperatures of exposure increase the oxidation rate, as expected. In general, AM IN625 shows

a greater resistance to oxidation than AM IN718, attributed to the higher Cr and Ni content and

faster establishment of a protective passive chromia scale [174].
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4.5.2 External oxide

Figure 4.22 shows the standard oxide scale and microstructure formed for wrought IN625 fol-

lowing thermal exposure at 900∘C for 1000 h in laboratory air and pressure [7]. For comparison,

Figure 4.23 shows the standard oxide scale and microstructure formed for L-PBF IN625 following

thermal exposure at 900∘C for 168 h in laboratory air and pressure; where it can be seen that the

scale chemistry andmorphology is approximately the same despite themicrostructural anisotropy

introduced by the AM process [1].

For temperatures ranges of 800 – 1200∘C for 10s – 10,000s h, the scale has been observed to

consist of a thick, adherent protective chromia scale (Cr2O3), with a critical thickness of 10 µm

[1]. The protective scale observed following exposure is uniformly wrinkled and porous, indicat-

ing growth/thermal stress effects during formation. Further to this, photoelectrochemistry (PEC)

testing by de Sousa Malafaia et al. (2020) determined that at 800∘C the chromia scale exhibited p-

type semiconductor character, indicating that the oxide grows via the outward diffusion of metal

cations (Cr3+) via cation lattice vacancies [11, 152].Thus, the enrichment of Cr in the scale tends to

increase with an increase in the oxidation exposure temperature until T > 1000∘C, where a mixed

chromite (Ni,Fe)Cr2O4 has been reported to form [2, 14].

Figure 4.21: Arrhenius Plot of K𝑃 values from literature, comparing the oxidation per-
formance of AM and wrought IN625 to similar chromia forming Ni-based superalloys,
as well as a chromia formation on a high chromium austenitic steel. See as-built L-PBF
IN625 and SPS ODS IN625 highlighted in red [2–7, 9–11, 14–17, 53, 144, 166, 173–184].
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Table 4.7
SummaRy of Key isotheRmal oxidation studies investigating AM IN625, and the
oxides obseRved fRom liteRatuRe.

.
Author Time T 1/ K𝑝 Oxides Comments

(h) (°C) 104/T (mg2/cm4/s)

Arnold et al. 1000 900 8.53 8.75E-09 Cr2O3 ODS (+Yttria) via SPS
2017 [9]

Chen et al. 100 900 8.53 1.69E-04 Cr2O3, Ni(Cr,Fe)2O4 As-built TiC nano-composite
2020 [13] 100 900 8.53 1.01E-04 Cr2O3, Ni(Cr,Fe)2O4, NiO Laser shock peened (1×)

100 900 8.53 4.50E-05 Cr2O3, Ni(Cr,Fe)2O4, NiO, TiO2 Laser shock peened (2×)
100 900 8.53 2.37E-05 Cr2O3, Ni(Cr,Fe)2O4 Laser shock peened (3×)

Chen et al. 100 1000 7.86 2.46E-04 Cr2O3, Ni(Cr,Fe)2O4 As-built
2020 [115] 100 1000 7.86 6.83E-05 Cr2O3, Ni(Cr,Fe)2O4 As-built+TiC

100 1000 7.86 1.91E-04 Cr2O3, Ni(Cr,Fe)2O4 Heat treated (1070℃, 1 h)
100 1000 7.86 2.47E-06 Cr2O3 Heat treated (1070℃, 1 h)+TiC

Chyrkin et al. 300 900 8.53 8.78E-07 Cr2O3, NiCr2O4, TiO As-built Y-direction
2022 [1] 300 900 8.53 9.97E-07 Cr2O3, NiCr2O4, TiO As-built Z-direction

100 1000 7.86 1.24E-05 Cr2O3, NiCr2O4, TiO As-built Y-direction
100 1000 7.86 8.80E-06 Cr2O3, NiCr2O4, TiO As-built Z-direction
300 900 8.53 2.19E-07 Cr2O3, NiCr2O4, TiO Coarse grained, annealed
300 900 8.53 7.93E-07 Cr2O3, NiCr2O4, TiO Hot rolled at 980℃

Condruz et al. 96 900 8.53 7.23E-07 Cr2O3, (Ni, Fe)Cr2O4 As-built
2020 [14] 96 1050 7.56 1.67E-05 Cr2O3, (Ni, Fe)Cr2O4 As-built

Huang et al. 40 1000 7.86 7.19E-06 Cr2O3, NiCr2O4,NiO As-built, v = 600 mm/s
2022 [17] 40 1000 7.86 2.86E-06 Cr2O3, NiCr2O4,NiO As-built, v = 750 mm/s

40 1000 7.86 3.52E-06 Cr2O3, NiCr2O4,NiO As-built, v = 900 mm/s
40 1000 7.86 3.18E-06 Cr2O3, NiCr2O4,NiO As-built, v = 1050 mm/s
40 1000 7.86 3.05E-06 Cr2O3, NiCr2O4,NiO As-built, v = 1200 mm/s

Parizia et al. 96 900 8.53 3.89E-07 Cr2O3, TiO2 As-Built
2020 [15] 96 900 8.53 5.97E-07 Cr2O3, NiCr2O4, Nb2O5,TiO2 Solution treated

Ramenatte et al. 50 900 8.53 5.25E-07 Cr2O3, NbCrO4 Laser Beam Melted
2020 [10] 50 1050 7.56 2.66E-05 Laser Beam Melted

Sun et al. 100 900 8.53 2.57E-04 Cr2O3, NiCr2O4, NiFe2O4, NiO VED = 76 J/mm3
2020 [16] 100 900 8.53 1.08E-04 Cr2O3, NiCr2O4, NiFe2O4, NiO VED = 104 J/mm3

100 900 8.53 7.42E-05 Cr2O3, NiCr2O4, NiFe2O4, NiO VED = 167 J/mm3

Small differences in the oxide scale can occur dependent on the powder composition used

and the oxidation conditions, where an increased bulk composition in Ti, Nb and Fe wt.% for

example can lead to the increased formation of imperfect chromia scales at temperatures above

1000∘C, with the presence of mixed spinel containing Ni2Cr2O4 and Ni(Cr,Fe)2O4 protrusions, as

well as rutile (TiO2), NiO, and multiple mixed Nb-rich oxides (NbO, NbO2, Nb2O5, NbCrO4) along

external oxide ridges. These were inspected via X-ray photoelectron spectroscopy (XPS), Auger

Electron Spectroscopy (AES) and Raman Spectroscopy [1, 2, 8, 10, 11, 14–17, 128, 144, 166, 171, 174,

175, 179, 185–188]. Oxides such as these are often porous in nature (in comparison to protective

chromia), meaning their presence may reduce the protective qualities of the external oxide scale

often leading to spallation after 10s of hours of exposure to relieve compound stresses [176, 181].

Mixed oxides like this with high PBR > 2.0, i.e. presence of Nb2O5 (PBR = 2.61) detected in the oxide
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Figure 4.22: BSE-SEMmicrograph showing the oxide film cross-section through wrought
IN625, following thermal cycling at 900∘C for 1000 h. See the Cr depletion depth and the
diffusion directions of Nb and C. Taken and adapted from Chyrkin et al. (2011) [7].

scales upon L-PBF IN718 formed at 1000∘C have been reported to experience severe spallation and

delamination of the oxide layer via micro-cracking [128].

However, some research has stated the advantages of a mixed oxide, where Staszewska et al.

(2016) argued the simultaneous formation of a NiCr2O4 alongside chromia was successful in the

reduction in the diffusion velocity of metal ions to the scale, reducing the rate of oxidation and

the bonding rate of metal ions and oxygen [179]. Local nobility variations may also occur due to

the aforementioned nucleation of carbide and nitride precipitate alongside / inside the oxide scale.

This can lead to strong microgalvanic interactions, increasing rates of oxidation further [98].

Some studies have reported Mn enrichment throughout and on the outer layer of the scale in

IN625, IN718, and IN601, determined to be Mn spinel (MnCr2O4, Mn3O4) using Atom Probe To-

mography (APT), Electron Probe Micro-analyser (EPMA) and Transmission Electron Microscopy

(TEM) [3, 3, 5, 9–11, 15, 53, 57, 135, 176, 177, 181, 185, 188, 189]. This presence of Mn throughout

protective chromia scale has been widely reported in literature for common Ni-based superalloys,

where it is believed to improve the adherence of the external scale, specifically by reducing the

activity of the Chromia, and hence the formation of their more volatile species (CrO3, at T > 900∘C)

[5, 152, 181, 188].

Stott et al. explained that the mechanism for the spinel formation is firstly transient oxidation

at the surface of the alloy (where the ΔG of MnO is more negative than the protective Cr2O3),

which then allows for the diffusion ofMn through the chromia outer scale. HereMn-rich spinel can

form either homogeneously throughout the scale, or on the outermost layer, as shown by Arnold
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et al. (2018) which can be viewed in Figure 4.24 [9]. This is possible even with minor amounts of

Mn (∼ 0.04 wt.%) due to the rapid diffusion of Mn through chromia, where the diffusion coefficient

of Mn is recorded to be two orders of magnitude higher than Cr ions [188, 189].

4.5.3 Internal oxide

Alumina (Al2O3) internal oxide is formed inter/intragranularly beneath the oxide scale, due to

the ingress of oxygen from the atmosphere through the scale, and via micro-cracks here (see

Figure 4.23 and Figure 4.22) [5, 7, 9, 15, 187]. This occurs due to aluminium’s higher reactivity

with oxygen than chromium, allowing alumina to form at lower oxygen partial pressures in the

sub-scale region inter/intragranularly [17, 187]. Presence of the Alumina internal oxide at grain

boundaries have been observed to stabilize the parent metal alloys original microstructure prior

to exposure, by effectively pinning the grain boundaries and preventing small grains from un-

dergoing coarsening in the oxidation effected zone [1, 7, 166]. Internal oxides have further been

shown to lead to a change in the stress state of the oxidation affected region in the substrate,

lowering residual stresses compared to the oxide surface [155]. Alumina at grain boundaries can

generate compressive stresses in the substrate due to the volume increase and difference in the

CTE between itself and the bulk. Here the bulk acts to constrain the alumina by placing it under

compression (PBR > 1.0) [157, 168]. Overall, increased rates of internal oxidation have been re-

ported in L-PBF IN625, leading to poorer resistance to oxidation than in traditional wrought alloy

[1]. This has been attributed to minor chemical compositional variations, particularly in Si, and

the rapid formation of a protective SiO2 subscale in the unique case of L-PBF IN625.

4.5.4 Precipitation and 𝛿-phase in the oxidation-affected region

A thin layer of 𝛿-phase (<10 µm) is reported to form at the scale/alloy interface for both IN625

and IN718, occurring as small islands at short exposure and forming a near-continuous layer at

the interface at longer periods at high temperatures (See Figure 4.24) [7, 9, 11, 15, 176, 182, 190].

This has been observed to remain chemically stable for temperatures ranging from 700 – 1000∘C,

its presence has been detected and confirmed across multiple studies both experimentally and via

diffusion and thermodynamic modelling using DICTRA. The exact effects of this phase at long

thermal exposures are yet unknown, as are the effects of the enhanced microsegregation of Nb in

AM material [1, 7, 9–11, 14, 15, 53, 175, 191, 192].

Primary carbides (Nb,Ti)C and nitrides (TiN) have been reported to precipitate in the bulk

microstructure of as-received and isothermal oxidised IN625 at size ranges of 10 – 12 µm, fabricated
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Figure 4.23: BSE-SEM micrograph showing an oxide cross-section through L-PBF IN625
following isothermal oxidation at 900∘C, for 168 h. (a) L-PBF IN625 heat treated at 1200∘C
for 24 h, (b) Coarse grained L-PBF IN625 heat treated at 1100∘C for 200 h. Taken and
adapted from Chyrkin et al. (2022). [1].

via wrought and AM methods, as shown in Figure 4.24 [9, 10, 57]. M6C carbides enriched in Cr,

Ni and Mo have been found to form and coarsen in the sub-scale region during high temperature

exposures, as well as 𝛿-phase upon grain boundaries and inside of grains [7, 9, 47, 128]. Here

microsegregation of Nb acts as nucleation sites for the intermetallic to form, where similar to

alumina, 𝛿 precipitates are able to provide a pinning effect upon grain boundaries to limit their

coarsening [13, 176]. At long exposures (100s – 1000s h), the distribution of these precipitates

in the sub-scale region varies with time, where a precipitate free zone is demonstrated to form

beneath the oxide scale at increasing depths with time [7]. Due to this depletion in Nb, grains in

the vicinity of the precipitation free zone have been observed to experience coarsening, appearing

larger than grains inside the bulk of the alloy [1].

Chyrkin et al., proposed a mechanism for the growth of 𝛿-phase and the migration of precipi-

tates into the bulk from the sub-scale region at 900 – 1000∘C [7]. During oxidation, Cr is depleted

from the microstructure to form chromia at the surface of the alloy. This produces a sub-scale de-

pletion profile of Cr from the scale to the bulk of the alloy, which increases with depth over time

(See Figure 4.25, showing∼15 wt.% Cr at the surface of the bulk alloy, with a depletion depth of ap-

prox. 60µm after 1000 h exposure). This Cr depletion produces a change in the chemical potential,

𝜇 (the rate of change of the Gibbs free energy w.r.t to the number of moles of the ith component),

of other elements in the sub-scale region; particularly Nb, Mo and C (See Figure 4.26) [7, 66, 152].

In areas with a lower mass fraction of Cr (near to the oxide surface), the activity of Nb (and to a

lesser extent Mo) decreases, causing diffusion of Nb and Mo from an area of high to low activity;
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from the bulk of the alloy to the scale/alloy interface to form 𝛿-phase. The opposite occurs with

C, where activity increases in areas of low Cr mass fraction. Hence C diffuses from the sub-scale,

back into the bulk of the alloy; dissolving (Ni,Mo)6C and creating a precipitate depleted zone (∼60

𝜇m deep when oxidized for 1000 h at 900∘C). Chyrkin et al., (2011) demonstrates these mecha-

nisms through the use of Glow Discharge Optical Emission Spectroscopy (GDOES) depth profiles

of each element in the scale. It is stated that the amount of Nb depleted is approximately equal

to the peak of Nb enrichment at the scale alloy interface; demonstrating that Nb diffuses towards

the oxide scale during exposure. The opposite occurs for C, where depletion and enrichment do

not correlate, showing that C diffuses back into the bulk alloy [7].

The mechanism of 𝛿-phase formation has not been explored in L-PBF material, where it is un-

clear how the highly segregated microstructure will affect oxidation mechanisms, the morphology

of the film and its stress state. Elliot and Hampton investigated the effects of Nb (from 7.7 – 10

at.%) upon the cyclic oxidation of wrought Ni-Cr alloy, where it was observed that contributions

of Nb lead to reduced spallation of the protective oxide scale, as well as fewer instance of internal

Figure 4.24: (a) BSE-SEMmicrographs showing wrought IN625 following isothermal oxi-
dation at 900∘C, for periods up to 1000 h showing the oxide cross sections after 25 h, 215 h,
and 1000 h. (b) Channelling electron contrast (ECCD) micrographs illustrating the duplex
fine/coarse grain scale observed after 1000 h. Note the Mn-rich spinel at the outermost
layer of the external oxide. Taken and adapted from Arnold et al. (2018) [9].
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Figure 4.25: Cr depletion inWrought IN625, 900∘C for t= 100 - 1000h. Chyrkin et al. (2011)
[7].

oxidation, so much so that the mechanism of oxidation tended more towards cubic rates compared

to traditional parabolic behaviour [193]. An improvement in the protective qualities of chromia

via Nb was further corroborated by findings by Delaunay et al. who suggested that 𝛿-phase for-

mation at the scale/alloy interface may improve oxidation properties of Ni-based superalloys, by

acting as a barrier for the diffusion of ions [11, 185, 191]. This is by virtue of Cr low solubility in

the Ni3Nb 𝛿-phase. Kumar et al. (1996) explored similar themes, where it was revealed that the

presence of Nb, Ta and Al near the oxide surface was advantageous in the control of oxygen dif-

fusion through the bulk, hence limiting the thickness of the external oxide formed; though this

was mostly prominent below 1000∘C where the solubility of Nb is highest [2].

On the other hand, many have postulated the deleterious effects of the near-continuous 𝛿-
phase layer at the scale/alloy interface. Parizia et al. (2020) observed severe wrinkling of the chro-

mia scale occurring directly above islands of the 𝛿-phase, generated by growth stresses as a result

of the mismatch in volume expansion between the precipitate, external oxide and bulk material.

This change in volume during exposure was expected to have led to micro-cracking of the pro-

tective chromia, and the accelerated oxidation of the bulk alloy [7, 9, 15, 127]. It is also argued

by Chyrkin et al. (2011) who observed significant spallation of wrought IN625 after 1000 h expo-

sure at 900∘C, attributed to the micro-cracking of chromia, driven by the presence of the 𝛿-phase
particles at the scale/alloy interface [7].
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Figure 4.26: Chemical potentials of elements in IN625, 900∘C, plotted as a function of Cr
content. Chyrkin et al., (2011) [7].

4.5.5 Voids and cavities in the sub-scale

Kirkendall voids and cavities (reported to have diameter < 5 µm by Sanviemvongsak et al. (2018))

are reported to form readily in the oxidation affected region (at interfaces, the bulk and grain

boundaries) beneath chromia and alumina scales following high temperature exposure (T = 850∘C

– 1050 ∘C) for both wrought and AM Ni-based superalloy [1, 3, 5, 7, 10, 14, 16, 17, 128, 144, 174,

175, 187]. This effect has been shown to be more pronounced in AM Ni-based superalloys such as

625 and 718, forming in times as little as 2 h in L-PBF IN625 oxidised at 900∘C [1, 144, 187]. As well

as higher temperatures, the dimensions of a component can also worsen this effect, where void

Figure 4.27: SEM-BSE micrographs showing the two morphologies of Kirkendall voids
observed in L-PBF IN625 exposed to 900∘C, for 168 h. (a) Ridge voids, and (b) Spherical
voids. Taken and adapted from Chyrkin et al. (2022) [1].
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formation is enhanced in thinner sections ofmaterial, particularly for foils of Ni-based superalloys,

shown by England and Virkar (1999).

Two different void morphologies are commonly observed: individual randomly distributed

spherical voids, or alternatively elongated voids forming under ridges in the oxide. Chyrkin et al.

(2022) outlined a possible mechanism for ridge void formation, whereby the protective chromia

becomes corrugated over time by growth stresses generated between the base metal and the grow-

ing oxide. Plastic deformation is required to alleviate these stresses in the growing film.This causes

the scale to buckle and form ridges, thus, delaminating from the metals surface, allowing for the

ingress of oxygen and the opening up of inter/intragranular voids (see Figure 4.27(a)) [1, 144, 155].

The ridges forming above voids tended to occur upon grain boundaries, showing oxides twice as

thick than the that of the adjacent scale, showing enhanced rates of oxidation [1]. Similar results

were reported by Parizia et al. (2020) who observed ridges and evidence of buckling after 96 h of

oxidation [15].

Spherical voids (see Figure 4.27(b)) however form as a result of significant Cr depletion in

the sub-scale region Figure 4.25, exacerbated by spallation of the protective scale and possible

Cr evaporation via volatilisation [144]. This is by way of oxidation, leading to vacancy injection

at the surface of the alloy. The steeper the Cr concentration gradient, the greater the net flux of

vacancy injection at the scale/alloy interface via the loss of Cr ions in the bulk metal. As these

vacancies increase in density and coalesce, voids begin to form. These occurs more readily along

grain boundaries due to the faster rate of Cr loss from the bulk to the scale along the interface,

acting as a short circuit diffusion pathway [1, 10, 194].

Regardless of the morphology, voids present can lead to direct contact between the gas phase

and the metal substrate, leading to enhanced rates of oxidation, as well as a loss of coherency

and the eventual spallation of the oxide film by the concentration of localised stresses [1, 17, 157].

Void formation was reported to be more prominent in L-PBF IN718 than in wrought alloy by

Sanviemvongsak et al. (2018), who attributed this affect to the higher dislocation density in AM

alloy, allowing for a greater amount of annihilation of vacancies by dislocation climbing at the

metal/oxide interface and thus recrystallisation [187].

4.5.6 The effect of grain size and heat treatment

The effect of solution heat treatment was investigated by Parizia et al. (2020), where it was demon-

strated that as-built L-PBF IN625 showed higher oxidation resistance compared to the solution

heat treated condition when exposed to 900∘C for a period of 8 – 96 h [15]. This was postulated

to be due to the faster formation of a compact oxide layer due to faster rates of diffusion along a
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higher density of grain boundaries owing to the finer grain structure encountered with AM IN625,

supported by works by Trindade et al. (2010) investigating the effects of grain size in wrought

IN625 [142, 195]. In the case of the solution treated IN625, coarsening of the precipitates (namely

𝛿) lead to an increase in lattice parameter of the bulk Ni phase.

Further to this, more recently Chyrkin et al. (2022) investigated the impact of grain size, AM

anisotropy and texture by way of the application of hot rolling and heat treatment (ageing), where

it was determined that significant differences in grain size (Coarse grained alloy ∼100 µm, fine

grained ∼15 µm,) significantly affected the oxidation rate, but not the intergranular oxidation

morphology. The accelerated kinetics observed in AM material was attributed to significant inter-

granular oxidation, as well as differences in the minor chemical composition of the powders used

(i.e. Ti, Mn, Si, Al and S) compared to wrought materials in literature [1, 196]. Similar conclusions

were made by Kim et al. (2009) when investigating the oxidation of Alloy 617 and Haynes 230 at

900∘C and 1100∘C, who argued the effects of Ti and Mn alloying content on the accelerated for-

mation of mixed spinel such as MnCr2O4 and TiO2 [188]. Here differences between the CTE for

each spinel phase contributed to stress generation and consequently spallation of the oxide.

4.5.7 Oxide Dispersion Strengthened (ODS) Inconel 625 alloy

An ODS variant of SPS IN625 with additions of nano yttria investigated by Arnold et al. also

studied the effect of grain size, where it was found to show oxidation rates which were 100 times

slower than wrought IN625 and competitor alloys, even outperforming rates observed for the

Figure 4.28: SEM-BSE micrographs showing the oxides formed upon ODS IN625 manu-
factured using SPS after 215 h – 1000 h exposure to 900∘C in air. Taken and adapted from
Arnold et al. (2018) [9].
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likes of a pure chromia scale (see Figures 4.21 and 4.28) [9, 149]. This is postulated to be due to less

doping of the chromia by Nb compared to wrought alloy. Increased Nb content in ferritic steels

has been shown to lead to an increased rate of oxidation if free to diffuse in the bulk [197]. This

effect was lessened in the ODS variant of IN625, where Nb was confined in carbides, preventing

the effect. Cruchley et al. reported similar effects, where Ti-doping (the Wagner-Hauffe effect) of

chromia in RR1000 Ni-based superalloy led to increased rates of oxidation, where Ti ions have

enhanced mobility through the chromia scale to form oxides in the outermost layer [156, 181].

Quadakkers (1990) produced a literature review covering the ODS effect for a range of high Cr

Ni-based superalloys, attributing the improvement in oxidation rate via control over the grain

refinement over non-ODS alloy compositions.This is thought to have occurred via a change to the

oxidation mechanism, whereby the ODS presence led to a reduction in the cation diffusion within

the scale, preventing formation of a non-adherent, convoluted mixed spinel, as well as increased

vacancy density at the scale/alloy interface. Smaller surface grain size also alloys for enabling of

ease of relief of surface stresses, reducing the likelihood of micro-crack formation [66, 154, 198].

ODS effects can also be beneficial in reducing the compressive residual stresses experiences by

the substrate during isothermal oxidation. This is by suppressing internal oxidation in the alloy,

and reducing strain induced by lattice mismatch [155].

Figure 4.29: SE-SEM micrographs showing the relationship between scan speed and the
relativemeasured densities for L-PBF IN625. (a) depicts a line graph of the relative density
(%) recorded for increasing scan speed, (b) 600 mm/s, (c) 750 mm/s, (d) 900 mm/s, (e) 1050
mm/s and (f) 1200 mm/s. Note the high density of defects in (f), showing incomplete
melting and lack of fusion of powder particles. Taken and adapted from Huang et al.
(2022) [17].
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4.5.8 The effects of additive surface roughness and porosity

When studied with its as-built surface roughness, AM IN625 (and similar Ni-based superalloys e.g.

IN718) exhibits poorer oxidation resistance due to the high surface roughness (R𝑎 = 10 – 12 µm)

and dislocation density inherent to the process (see Figure 4.21) [10, 13, 16, 17, 88, 98, 100, 133,

137, 187]. In the roughest case investigated by Sun et al. (2020) (R𝑎 = 10.5 𝜇m, using a 76 J/mm3

energy density), the oxidation rate was measured to be 100 times faster than for wrought IN625,

showingmore cubic rates of oxidation (n=3) [16].This was attributed to poor surface quality due to

insufficient laser energy input, leading to lower part density and higher amounts of porosity (see

similar results by Huang et al. (2022), Figure 4.29) [17]. Here pores are able to acts as nucleation

sites from which pits can form from, allowing for stress concentration and the onset of SCC by

reducing the threshold stress for crack initiation [98]. This has been reported to occur selectively

at grain boundaries, leading to enhanced oxidation here as well as along weld tracks [98, 199].

Porosity induced by low scan speeds (size ranging 3 – 8 µm according to Wang et al. (2020)

for Laser Metal Deposited (LMD) high Cr superalloy K648) have the potential to reduce oxida-

tion resistance by accelerating the diffusion of oxygen within and into the bulk of the metal

[16, 17, 144, 166]. Indeed, it was discussed that samples manufactured with the highest sample

density exhibited the most continuous, uniform and adherent scales, and those with < 99.0% den-

sity formed loose, non-protective oxides (see Figure 4.30. This was discussed by Jia et al. (2014)

who investigated L-PBF IN718 in high temperature air. Here samples with higher volumetric den-

sity (∼97.8% with VED = 70 J/mm3) tended to show improved oxidation resistance, where more

porous samples (∼92.5% with VED = 130 J/mm3) oxides experienced severe amounts of spallation.

At higher VED where pore density is decreased, the chromia scale morphology become more

homogeneous, showing denser granular oxides with little to no spallation or cracking [144, 176].

This was similar to Julliet et al. (2018) and Sanviemvongsak et al. (2018) whose investigations

with L-PBF IN718 which both determined that unoptimized parameter selection led to large in-

ternal oxidation attack and a resultant large mass gain (see Figure 4.31) [176, 187]. Hot Isostatic

Pressing (HIP) treatments can be applied to close pores resultant of low VED, and to densify AM

samples to improve the oxidation resistance to rates lower than that achieved with solution age-

ing. HIP treatments applied above 1020∘C have also been reported to dissolve any 𝛿-phase resulted
of the manufacturing [128].
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Figure 4.30: A selection of SEM-BSE micrographs showing the external oxide formed
after 100 h of isothermal oxidation at 900∘C for L-PBF IN625 samples manufactured with
a VED of (a) 167 J/mm3, (b) 104 J/mm3, and (c) 76 J/mm3. (a1), (b1) and (c1) displays the
3D surface topographies of the aforementioned samples prior to oxidation, respectively.
Taken and adapted from Sun et al. (2020) [16].

Figure 4.31: BSE-SEMmicrograph and corresponding EDSmaps showing the distribution
of elements in the cross-sectioned oxide scale formed upon electron beam melted IN718
exposed to 850∘C for 1000 h. Taken and adapted from Sanviemongska et al. (2018) [187].
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4.5.9 The effects of high surface residual stresses

The effects of high stress surfaces (i.e. shot peening) have been widely investigated upon Ni-based

superalloys in high temperature oxidative environments in the literature [98, 200]. Reynolds et al.

(2018) studied the effects of grain size and shot peened surface finish for RR1000 after isothermal

exposure to 650∘C for up to 4000 h. Here it was found that shot peening influenced the external

oxide morphology more significantly in coarser grained alloy than finer grained RR1000, where

chromia was seen to buckle. This was not the case for the traditional ground specimens, which

did not show buckling or spallation of the protective scale. Buckling was attributed to the chromia

acting to relieve the compressive in-plane growth stresses present. Shot peening is thought to have

contributed to these stresses and the buckling behaviour of the protective scale [200].

Similarly, Chen et al. (2020) investigated the effects of laser shock peening upon the surface

finish and subsequent oxidation rate in high temperature air. Here it was postulated that the high

dislocation and defect concentration in the sample surface acted to provide short circuit diffusion

channels for the transport of Cr ions to the external scale to allow for the accelerated growth of a

dense protective oxide layer [13, 115]. Other works investigating the additive surface in isothermal

oxidation environments suggest that the high dislocation density present in as-built alloy surfaces

may actually improve the oxidation resistance, by their similarity to highly deformed structures

[98].

4.5.10 Summary

Collectively, these results suggest that further work is needed at longer exposures to determine the

full effect of surface roughness upon the oxidation of IN625. It is also very important to note that

any surface finish with an irregular surface profile (i.e. adhered powder particles, ridged surfaces

from CHEF or shot peening) that the surface topography is assumed to be perfectly planar when

calculating the sample surface area for use in Equation (4.7) to calculate the growth rate of the

oxide. Sanviemvongsak et al. (2018) discussed the impact of these inaccuracies upon the rates

determined for L-PBF and EBM manufactured IN718 [187]. Quantitative correlations were made

to relate the parabolic growth rate constants calculated to the surface area for non-planar AM

surfaces with adhered powder particles and balling effects. Here it was observed that the surface

areas measured for tokens with AM surfaces are often underestimated; and the resultant growth

rates calculated an overestimation (up to 16× higher for EBM IN718 samples). This also becomes

an issue when measuring for oxide thickness, where a non-planar oxide with a convoluted shape

can prove difficult to measure consistently. Therefore, it may be concluded that oxidation rates in

the literature for AM alloy could be considered to be conservative values.
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4.6 Corrosion of Ni-based superalloys in nuclear

applications

With ever increasing demands for improved efficiency in new build generation IV fission and

fusion reactors, materials resistance to higher temperatures has become a critical design criterion

for components with complex geometries [24, 29]. The Nuclear industry is therefore currently

exploring how additively manufactured Ni-based superalloys might be applied in current and

new Light Water Reactor (LWR) designs. Wrought alloys such as IN625, IN825, IN718, IN600, as

well as multiple ferritic-martensitic steels have been thoroughly characterised for their common

range of operation temperatures and pressures for use in cladding, steam generator tubing, heat

exchanger piping, and control rod components [23, 29, 57, 68, 201, 202]. The same cannot be stated

however for additively manufactured Ni-based superalloys.

4.6.1 Sub-to-Supercritical, Current and future generation fission

reactors

Pressurised Water Reactor (PWR) environments are designed to operate at temperatures ranging

from 260 – 350∘C, and pressures of 12 – 15 MPa [24, 25, 29, 30, 32, 55, 203–205]. Newer designs

for sub-critical, supercritical and ultra-critical water reactors (SCWR) tend to exist within the

temperature range of 425 – 620∘C for pressures up to 22.5 – 25.5 MPa, and O2 presence of 500 ppb

– 8 ppm [24, 25, 29, 30, 32, 55, 203–205]. It is of paramount importance alloys in these environments

are tolerant to a combination of high temperatures, pressures, water chemistry variations, as well

as high radiation flux [206, 207]. Across these systems, components experience irradiation levels

of a maximum of 15 – 100 dpa (displacements per atom) across their lifetime. This is a key step

in the oxide failure mechanism, where irradiation not only affects the component mechanical

properties via irradiation embrittlement, but the surrounding water chemistry as well. Irradiation

leads to radiolysis and the formation of H2O2 which raises the corrosion potential of alloys in the

environment by increasing the dissolved oxygen content [29, 204]. It must be noted however, that

the effects of irradiation will not be explored out of simplicity for the duration of this work, and

were deemed outside of the scope of the study.

The nominal chemistry of primary water in PWRs is maintained alkaline (pH ∼ 10.5) to limit

corrosion. This is achieved via small additions of Li in the form of LiOH [29, 208]. Here oxidation

rates increase with pH levels > 10, where a dependence relationship occurs between pH and Fe

cation flux across the protective oxide scale. This is due to the concentration of ionic defects and
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vacancies in the external oxide scale, which changes with varying pH in the system. For alkaline

solutions common to PWRs, the primary defect for ion transport in the oxide is the Fe2+ vacancy

[209].

Ni-based superalloys are chosen as a candidate material due to their superior oxidation re-

sistance over ferritic-martensitic steels [29, 57, 206, 210, 211]. A key motivator in their selection

is that at T > 375∘C and P > 22.1 MPa, the primary water experiences a change in its properties,

becoming less dense, increasing the likelihood of corrosion [68]. This occurs as the solubility for

organic compounds (such as Cl, S, and P impurities), and oxygen content in the primary water

increases [32, 206, 212].

Hydrogen additions (∼25 – 30 cm2/kg) can be added to absorb oxygen presence and to hy-

drogenate the reactor primary water. This results in a slower oxidation rate of the alloy at higher

temperatures, and the destabilising of the non-protective NiO oxide via diffusion of Ni to the

surface via grain boundaries [68]. Here the hydrogen present acts to produce a more reducing

environment in the primary water, making the reduction reaction of NiO to Ni and water more

favourable.The transition of the NiO layer from stable to unstable occurs when the hydrogen con-

tent in the primary water reaches ∼9.16 cm3/kg, for standard operational temperatures of 320∘C

[202]. It is important that hydrogen levels are carefully controlled around this value in order to

limit the initiation and propagation of cracks, where Ni-based superalloys tend to exhibit the high-

est susceptibility to SCC or Primary Water Stress Corrosion Cracking (PWSCC) under reducing

conditions close to the Ni/NiO transition [202, 213]. PWSCC has been deemed the predominant

mechanism for the degradation of Ni-based superalloys in PWRs, leading to the rupture and failure

of components such as steam generator tubing and nozzles [202, 206, 207, 212, 213]. The effects of

hydrogen partial pressure upon the corrosion behaviour of Ni-based superalloy and stainless-steel

were investigated by Kim et al. (2016) using u-bend specimens. Results showed that little to no

cracks were observed for samples corroded with 5 – 25 cm3/kg hydrogen content in PWRwater, at

times < 100 h [202]. Despite their poorer susceptibility to SCC compared to the ferritic-martensitic

steels, it is believed that Grain Boundary Engineering (GBE) approaches via CSL boundaries and

grain texture control could be applied to rectify this weakness [29].

For the purpose of this study, PWR hydrogenated primary water conditions will be discussed

primarily, using key literature covering IN625 and Ni-based superalloys performance in various

supercritical designs for comparison, and to inform key corrosion mechanisms present. Thus, at-

tention must be brought to the fact that differing oxygen content across various PWR and future

designs will lead to changes in the composition and structure of oxides formed [204]
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4.6.2 Oxide kinetics

In terms of kinetics, IN625 and other similar Ni-based superalloys exhibit low rates of corrosion

in PWR primary water, following parabolic behaviour with rate constants independent of the O2

partial pressure according to Kumar et al. (1996) [2, 23, 25, 214].

Parabolic rates calculated by Ziemniak (2003) showed the growth rate to be equal to 0.074

mg2/dm2/h
1
2 when held at 260∘C for 10000 h [214], where as expected, higher temperatures lead

to thicker oxide scales grown. Potentiodynamics have shown this directly, where the corrosion

current density of IN625 has been demonstrated to increase with increasing exposure temper-

atures, resulting in decreased corrosion resistance of the Ni-based superalloy [212]. For higher

operational temperatures and pressures common to SCW (T = 600∘C, P = 24.8 MPa), Chang et al.

(2011) determined the following parabolic relationship:

𝑤2.21 = 1.4 × 10−5 ⋅ 𝑡 (4.14)

where w was the weight change (mg/cm2) and t was the duration of the corrosion test (h).

Here Chang et al. (2011) determined a weight change of 0.15 mg/cm2 for IN625 in SCW con-

ditions. Generally, higher weight gain is experienced in corrosive PWR environments than su-

percritical temperatures (T > 360∘C), attributed to the increase dissolved oxygen in the primary

water [204]. Was et al. (2007) discussed the effects of increasing temperature with SCW deaerated

conditions at temperatures of T = 400 – 500∘C compared to PWRs, where it was shown that IN625

demonstrated 3× less corrosion than the likes of 316L stainless-steel [29]. This was supported by

findings by Fujisawa et al. (2006) [210]. Further to this, the activation energy for the oxides formed

upon Ni-based superalloy (IN625 and 690) was calculated to be equal to 140 KJ/mol compared to

210 KJ/mol for oxides grown upon stainless-steels (Type 304 and 316L) [29].

Corrosion rates of IN625 in the literature were seen to be affected by the sample geometry and

dimensions, where lower oxide growth rates were recorded in thick-walled material, compared to

thinner strips and foils, determined by Garcia and Fresnillo et al. (2014) [57]. This is supported

by findings from England and Virkar (1999) for IN625 [3]. This is simply attributed to the lower

sample area present, and a higher surface area to volume ratio for oxidative attack.

68



CHAPTER 4. LITERATURE REVIEW

Figure 4.32: A summary of SE-SEM micrographs showing the external oxides formed
upon wrought IN625 following exposure to PWR hydrogenated water, held at 260∘C for
1000 – 10,000 h. Taken and adapted from Ziemniak et al. (2003) [214].

4.6.3 External oxide scale

In PWR hydrogenated primary simulated conditions, IN625 forms a passive protective duplex

scale, acting as a diffusion barrier to oxygen and organic solvents in the system to reduce the

oxidation rate [29]. This is key to reduce the likelihood of releasing Ni-58, which upon activation

with high energy neutrons can form the radioactive isotope Co-58 of metal cations into the pri-

mary water [205]. This is vital to keep the levels of radiation in the system to amounts as low as

reasonably practicable (ALARP), according to the Safety Classification of Structures, Systems and

Components in Nuclear Power Plants: SSG-30, as outlined by the IAEA (2014) [215].

Findings applying techniques such as SAED, grazing incidence XRD and SIMS revealed the

oxide consists of a mixed M2O4-type Ni(Cr,Fe)2O4 spinel forming as irregular hexagonal shaped

crystallites randomly embedded onto a Cr-rich thin oxide layer (see Figure 4.32) [23, 29, 30, 68, 201,

204, 205, 209, 212, 214]. The duplex layout of the oxide formed suggests non-selective oxidation

behaviour, commonly viewed in Fe, Ni or Co alloys, meaning all component alloying elements

oxidise in amounts proportionate to their composition [29, 209, 214]. Oxide here grows by the

diffusion of Ni2+ ions to the surface of the alloy to form a protective oxide layer [214]. Despite

relatively low Fe content in IN625, Fe-rich spinel is able to form by means of over-saturation

of the primary water in Fe2+ due to degradation of the stainless-steel autoclave during service

[205, 209, 214].These Fe cations are able to diffuse through the outer later via pores to the interface

69



CHAPTER 4. LITERATURE REVIEW

to form large islands of themixed Ni(Cr,Fe)2O4, free from volume constraints [68, 209].These oxide

islands were found in increase in size and number with longer periods of corrosion [29, 214]. Here

the Fe-rich spinel tends to coarsen more readily, due to its faster diffusion coefficient through the

Cr-rich layer, developing into rods and platelets at longer exposure periods at T > 450∘C [212]. Due

to the irregular nature of the scale, the outer layer can exhibit porous behaviour and spallation,

where the looser oxide reduces the alloys resistance to corrosion, shown by Behnamian et al. (2016)

via EDS and TEM [201, 206, 209, 212].

The inner layer however, is reported to consist of fine, dense equiaxed grains enriched in

Cr, which cover the entire surface of the alloy equally [24, 25, 55, 201, 205, 209, 214, 216]. This

is reported to be very thin compared to the (Ni,Fe)-rich outer layer, with thicknesses values on

average ≤1µm, often too small measure accurately without TEM [29, 30, 205, 214, 216]. It can

however become thicker with higher exposure temperature and time to reach thicknesses up to

1.55 µm after 1000 h when moving towards more SCWR behaviour [24, 25, 30, 55]. For IN600 in

standard PWR primary water conditions, Panter et al. (2005) identified the compact Cr-rich layer

to be Cr2O3 via TEM. At higher operational temperatures, Chang et al. (2011) confirmed presence

of chromite inside the inner layer using TEM,measured at a thickness of 27 nm following exposure

to SCW for 24h at 600∘C [25]. Yang et al. (2017) and Robertson (1991) also detected the presence

of Fe2O3 and Fe3O4 presence in the surface outer layer, predicted to occur due to the Fe saturation

present in the primary water [68, 209].

It is suggested that the mechanism for formation of the inner chromite/chromia layer involves

the selective oxidation of Cr. This relies upon the access of primary water transported through the

oxide via defects such as micropores, grain boundaries and vacancies, where Cr3+ and Cr6+ cations

are found to leach into the coolant water [25, 209, 212]. From this, elevated areas of oxide appear

directly above grain boundaries during exposure, by means of short-circuit diffusion compared to

the matrix [55, 57, 68, 206]. Here the duplex layers are able to form due to the inherent differences

in the diffusion coefficients of the metal cations through the oxide layers. Faster diffusing cations

(Ni2+, Fe2+) present in the bulk alloy are able to be transported to the outer layer, whereas slower

cations such as Cr are retained closer to the surface of the as-received material. The order of de-

creasing diffusion rate is as follows: Mn2+ > Fe2+ > Co2+ > Ni2+ » Cr3+ [55, 68, 209]. Consequently,

the growth rate of chromia is considerably slower than that of the Ni(Cr,Fe)2O4 upon the surface,

leading to Cr depletion (as low as 5 wt.%) in the sub-scale region, viewed experimentally using

sputtering [25, 29, 201, 206, 209, 212]. The continuous diffusion of Fe and Ni cations from the bulk

leads to a higher concentration of Cr and vacancies at the surface of the alloy, which hence drive

the reaction [29, 55].
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For low hydrogen environments, acicular shaped NiO is also reported to form on top of the

mixed Ni(Cr,Fe)2O4 external oxide layer, increasing in diameter and thickness for increased expo-

sure time (up to 1.42 µm after 250 h at exposures of 500∘C). [24, 25, 30, 55, 68, 204–206, 208, 212, 216].

This was confirmed using a combination of XPS and XRD by Tan et al. (2008), and via TEM and

SAED patterns recorded by Sun et al. (2008) [23, 212]. Due to the lower free energy of forma-

tion of chromia compared to NiO, the non-protective oxide commonly forms on top of the spinel

[25]. Studies involving Raman spectroscopy revealed that instances of NiO tended to form pref-

erentially at low dissolved hydrogen conditions. This was more widespread at lower operational

temperatures common to SCWR of ∼400∘C and tended to decrease in presence as temperatures

moved towards ultra-critical (∼525∘C) [30, 55, 212]. This effect is attributed to the higher con-

centration of Ni2+ ions released into the primary water by the porous outer layer, where higher

amounts of Ni2+ cation transport was observed compared to Cr3+. As a p-type oxide (positively

doped, electron deficient), the mixed NiO/M3O4 spinel outer layer of the external oxide is said to

be formed and controlled primarily by the diffusion of Ni2+ cations from the bulk to the surface

of the scale via grain boundaries [29, 208].

Altogether, the two layers and protective composite oxides interact with each other via the

following reactions. Initially, NiO and chromia react via a solid solution reaction to form islands of

the mixed NiCr2O4 [204, 206]. Alongside this, solid solution reactions between the non-protective

NiO and Fe2O3 is also reported to occur, resulting in the precipitation of NiFe2O4. The formation

of the Fe-rich NiFe2O4 is favoured in low oxygen partial pressure environments compared to the

likes of the protective chromia scale [30]. Small presence of Ni(OH)2 and NiOOHwere observed by

both Merwin et al. (2014) and Sennour et al. (2010) via XPS and TEM, respectively when exposed

to sub-critical waters. [30, 205, 212]. It is understood that the outer layer was able to form by the

Figure 4.33: A schematic showing the duplex oxide films formed upon IN625 when ex-
posed to sub-to-supercritical primary water. Taken and adapted from Rodriguez et al.
(2017) [24].
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outward diffusion of Cr3+ and Ni2+ to the primary water. Here the cations were able to react to

with OH− ions present [212].

A summary of the standard oxide scales formed for sub-to-super critical reactor conditions

can be viewed in Figure 4.33.

4.6.4 Pitting corrosion

At higher temperatures of corrosion standard to newer SCWR designs (T > 500 – 600∘C), pitting

corrosion occurs and competes with general oxidation mechanisms for IN625 [25, 32, 55, 206].

Compared to oxidation, this is a more targeted form of corrosion where holes or ’pits’ are gener-

ated over time due to the stochastic loss of metal cations from the surface of the alloy [55, 217].

These pits have been recorded to vary from size ranges of 4.3 - 12.9 µm from 100 to 1000 h, respec-

tively, occurring at inclusions in the surface of the metal [68, 204]. Inclusions include the likes of

(Ti,Nb)-rich MC primary carbides and (Ti,Nb)-rich oxides, where local galvanic coupling effects

take place between the precipitate and the matrix to produce instability in the protective scale and

accelerated rates of oxidation and weight losses at early stages (∼ 100 h) [23, 32, 206, 212, 216].

However, rapid levels of weight gain are experienced after longer periods (300 h), where the mass

Figure 4.34: SE-SEM micrographs (a) and (b) with their corresponding EDS maps, show-
ing the elements (Ni, Cr, Nb, Ti, O, Mn, Mo, Fe) present in and around pits formed upon
the surface of wrought IN625 following exposure to SCW held at 800∘C for a period of
12 h. Taken from Behnamian et al. (2016) [206].
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gained exceeds the amounts of oxide lost to via spallation and pitting [29, 216] .

Tan et al. (2008) and Rodriguez et al. (2017) reported the presence of Nb2O5 within pits imaged

upon IN625 following exposure to SCW using XPS and EDS scanning, respectively. These can be

viewed in Figure 4.34, where Nb and Ti enrichment is present in and around the pits formed

[23, 25, 55, 206]. It is accepted that NbC inclusions in the surface can lead to the subsequent

formation of Nb2O5 following oxidation [23, 25, 29, 203]. Here the high Ni, Nb content in IN625

contributed to the enhanced pitting, despite its high Cr andMo content compared to similar alloys

such as IN718 [24, 68, 147, 206].The effects of pitting can be mitigated by an increase in the oxygen

content, or indeed higher exposure temperatures common to SCWR designs. This is due to the

faster establishment of a protective stable oxide [55, 204, 206].

Various literature suggests that the predominant cause for pitting stems from the formation

and subsequent dissolution of Mo-rich oxides [68, 206, 212, 214]. Indeed, Nb and Mo precipitates

were detected to be present in the surface of PWR hydrogenated water corroded samples of IN625

via GIXRD after 10,000 h exposure [212, 214]. Galvanic coupling effects with Mo-rich precipitates

are predicted to bemore significant, where the calculated electrical conductivity ofMo is 8× greater

than Ti, and 3× than Nb, according to Tan et al. (2008) [23].

4.6.5 Surface finish effects and cracking in PWR and SCWR

environments

As discussed in subsections 4.5.8 and 4.5.9, surface finish and surfaces stresses have a direct effect

on the oxide crystallite chemistry and morphology, as well as inducing different concentrations of

defects and dislocation densities. [205, 207, 218]. In particular, this has been found to influence

the cracking mechanisms observed in IN625, where varying concentrations of metal ions can

initiate cracking. The effects of machining have been widely investigated, where it is assumed

to be deleterious to the alloy’s resistance to PWSCC due to the roughness and machining marks

left behind [25, 29, 207, 218]. Here machined and milled surfaces experience high levels of residual

stress, exhibiting deep levels deformation up to 90µm [207]. These provide short circuit diffusion

pathways to aid the accelerated diffusion of ions to form oxide. In addition, the peaks and troughs

resultant of the milling process leads to the preferential nucleation of oxide upon raised areas of

the sample [205].

Chang 2018 et al. (2018) studied the effects of such machining upon PWSCC, taking into ac-

count the roughness orientation, machining marks, and tensile residual stresses induced in the

surface for Ni-based superalloy compared to stainless-steel. Here 316L type stainless-steel showed
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accelerated rates of oxidation in high temperature hydrogenated water following slow strain rate

tensile testing (SSRT). It was revealed that SCC propagated preferentially alongside marks left

behind that were perpendicular to the surface loading direction, where the presence of a near-

surface ’ultrafine grained layer’ resultant of the machining process inhibited the progression of

cracks. This layer was not present in low stressed ground samples, which exhibited longer and

wider cracks. For comparison, a set of un-strained electropolished samples were also investigated.

The oxides upon the electropolished samples were denser, and more stable in morphology, making

these surfaces ideal for use in LWR environments [207, 218]. Although it was stated by Robertson

et al. (1991) that electropolished surfaces begin to experience more accelerated rates of oxidation

once a T > 350∘C is exceeded, more common to newer SCW designs [209]. It was suggested by

the authors that a grinding step be included to remove the tensile residual stresses resultant of

the machining process, leading to a stress reduction of a maximum of ∼335 MPa. This did not

however, result in a decrease in the crack depth and rate reduction [218]

Epitaxial relationships between the growth orientation of the Cr-rich inner layer and the outer

NiCr2O4 oxide layer were reported by Sennour et al. (2010) for Alloy 690 in aqueous PWR high

temperature water [205]. Here certain grain orientations exhibited greater rates of oxide growth

than other. Was et al. (2007) expanded upon this, showing IN690 grain orientation enhanced oxi-

dation using EBSD IPF mapping [29].

4.6.6 Summary

With this information in mind, and the lack of literature covering the effects of high temperature

hydrogenated water for AM IN625, it is clear more research is needed to elucidate the AM alloys

usability in this environment and similar generation IV designs. Attention must be drawn to the

fact that if pitting corrosion is the key corrosion mechanism for the alloy at short time periods

by the formation of Nb, Ti and Mo inclusions, microsegregational effects common to AM IN625

could pose an issue for the protective qualities of the scales formed.
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4.7 Grain boundary engineering and oxidation,

control of microstructure and texture

Ni superalloys and austenitic steels may also be controlled in terms of their morphology, in partic-

ular the grain-aspect ratio and their texture/orientation bymeans of thermomechanical treatments

such as cold rolling and heat treatment, or in this case through careful design parameter selection

via AM [46, 62, 219].

Microstructural grading is defined as the variation of a particular structural feature i.e. grain

morphology, size or texture within a component [50]. Grading in L-PBF can be achieved by chang-

ing parameters such as the laser power, speed, hatch spacing, and scanning strategy to modify the

thermal gradient and solidification rate of a melt pool, and has been achieved for alloys such as

IN718, 316L and Ti-6Al-4V [50, 68, 131, 220–225]. Careful selection of the heat input via the laser

scan strategy can result in the formation of different localised grain sizes and textures, shown

in L-PBF IN718 for use in aerospace turbine blades by Attard et al. (2020) [45]. This may allow

for unique customization of functionality and performance, by controlling sub-grain features like

cell size, grain growth and direction [226, 227]. Such features are key in the control of diffusion

related phenomena involved in the degradation of alloys in-service, including SCC, creep, and

fatigue cracking [228].

In addition to texture, research has shown that the introduction of plastic deformation prior to

heat treatment promotes the formation Coincident Site Lattice (CSL) grain boundaries; introduced

as a concept byWatanabe (1984) [34, 46, 173, 228–231]. CSL boundaries describe two crystal lattices

which when translated can bring the lattices to a point of coincidence, i.e. where they perfectly

overlap in a geometrical relationship. Grain Boundary Engineering (GBE) approaches can take

advantage of the fast solidification rates in AM, to produce as-built components with significant

levels of residual stress, as well an highly textured microstructures with columnar grains [34, 35,

38, 45, 83, 88, 98, 110]. FCC materials are applicable to this, due to their low stacking fault energy

[230]. Grain Boundary Engineering (GBE) processing firstly requires that the strain level required

exceeds 20-30% plastic deformation before a GBE effect is observable, following subsequent heat

treatment for a long (t > 1 h) high temperature hold. [46, 230, 232].

CSL boundaries follow the Coincident Site Lattice model, where each characteristic boundary

with a particular misorientation and axis is defined by its Σ values. For FCC Ni-based superalloys,

CSLs with special character are categorised as Σ < 29, where Σ is determined by the reciprocal of

the number of ’coincident’ lattice sites between two adjacent grains[46, 219, 233, 234]. These low

CSL boundaries (Σ < 29) are classed as special boundaries by virtue of their unique properties.This
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includes the following characteristics [23, 235, 236]:

• Low grain boundary energy (1/50 of a random misoriented grain boundary);

• Lower susceptibility to solute segregation;

• Higher resistance to grain boundary sliding and shear stress;

• Lower rates of diffusion, giving greater resistance to intergranular degradation pro-

cesses.

Twin boundaries, or twin family boundaries are especially important, defined as Σ = 3 𝑛. These

boundaries occur within the {111} direction, as a ’mirror’ plane, showing high levels of resistance

for diffusion related phenomenon. First order twins form initially during the recrystallisation of

highly deformed grains, and subsequently the second, until a set of twin families are created (Σ3,
Σ9, Σ27…) [219]. Here the grain boundary acts to minimise its inherent energy via the process of

twinning and grain boundary misorientation.

When measuring for particular CSL boundaries, EBSD techniques are key. Multiple coinci-

dence model criteria exist to apply a geometrical threshold for the accurate determination of one

grain boundary misorientation to another. Most literature tends to apply either the Brandon Crite-

rion (1966), or the more recent and updated Palumbo–Aust Criterion (1998). These provide the al-

lowable angular deviation a grain boundary can show to be classed as a particular CSL Σ boundary.

The classical Brandon’s Criterion is detailed below in Equation (4.15) for the maximum allowable

deviation from the coincidence [234, 236]:

Δ𝜃 ≤ 15 ⋅ Σ −1
2 (4.15)

where 𝜃 is the misorientation of the grain boundary, and Σ is the reciprocal of the number of

coincident sites between two neighbouring grains.

All criteria depend upon the Read–Shockley relationship where 𝜃 ∼ b/d, where b is the Burgers

vector of that particular grain boundary dislocation, and d is the dislocation spacing. Palumbo et al.

introduced the concept of grain boundary control to improve the resistance to localised oxidative

attack in Ni-based superalloys in high temperature critical environments [235].This was primarily

by increasing the number of CSL boundaries with lowΣ orientation (Σ < 29), shown to demonstrate

improved resistances to SCC by means of slower diffusion of oxygen along the interface. This is

by means of their lower excess free volume and energy associated with them (1/50 of a random

oriented boundary) [228, 237].

Palumbo and Aust evaluated the validity of the Brandon Criterion in relation to instances of
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Figure 4.35: The proportion of CSL grain boundaries in conventional and GBE IN600
showing the effects upon the corrosion rate. Taken from Lin et al. (1995) [229].

internal oxide and the resultant intergranular stress corrosion cracking, and creep cavitation. The

application of the criterion lead to the incorrect classification of special boundaries, which did not

display the expected characteristics (i.e. slow diffusion and lower instances of internal oxide). Re-

search using automated EBSD and advancements in structure property databases allowed a more

restrictive criterion to be developed, reducing the instances of the misclassified grain boundaries.

The Palumbo-Aust Criterion is defined as follows in Equation (4.16):

Δ𝜃 ≤ 15 ⋅ Σ −5
6 (4.16)

where 𝜃 is the misorientation of the grain boundary, and Σ is the reciprocal of the number of

coincident sites between two neighbouring grains.

Here the inclusion of the Σ −5
6 dependence takes into account the third burgers vector present

in the Displacement Shift Complete (DSC) lattice being independent of the Σ. DSC refers to the dis-

placements available to a grain which conserves the symmetry of the CSL boundary dislocations

[236]. For example, a study was carried out investigating the corrosion of boundaries present in

Alloy 800 (40Fe-35Ni-25Cr). With the Brandon Criterion applied, 12% of the boundaries classified

as special showed evidence of corrosion. With the more stringent Palumbo–Aust criterion, only

3% of the boundaries classified as special indicated corrosion [236].

Figure 4.35 shows a study by Lin et al. (1995) with IN600 nuclear steam generator tubing,

where an increase in the proportion of Twin Grain Boundaries (TGBs) and LowΣ CSLs (of up to

71% via cold rolling and subsequent heat treatment), lead to significant improvements in corrosion
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Figure 4.36: Wrought IN718 following oxidation at 850∘C in static air. (a) BSE-SEMmicro-
graph of the oxide sub-scale following external oxide removal. Note high contrast internal
oxide upon grain boundaries. (b) EBSD IPF map of the corresponding area, showing pres-
ence of internal oxide upon randomly orientated grain boundaries. Taken and adapted
from Krupp et al. (2013) [228].

resistance. It was hypothesized that this occurred because intergranular corrosion paths were

blocked when they intersected with annealing twin boundaries, thereby preventing intragranular

stress corrosion cracking (SCC) [23, 29, 46, 229].This was more recently discussed by Athreya et al.

(2018), who improved the cyclic oxidation resistance of IN617 for superheater and reheater tubing.

By applying thermomechanical processing, the density of low-energy grain boundaries, including

twin and twin-family boundaries, as well as triple junctions, was increased. Hence improvements

to oxidation resistance was attributed to the interruption of the random high angle grain boundary

network present, overall decreasing the levels of Cr depletion during oxidation [237].This was also

supported by findings by Tan et al (2008) for IN800H, where oxide scale stability was superior

following an increase in CSL fraction [230].

Trindade and Yang et al. (2005), and Krupp et al. (2013) conducted additional investigations

into the effects of special grain boundaries in both wrought IN625 and 718, showing an improve-

ment in oxidation rate by increasing the density of CSLs compared to random high angle grain

boundaries (see Figure 4.37 and Figure 4.36), showing reduced presence of internal oxides upon

CSL boundaries). Here internal oxides in particular formed preferentially along random oriented

grain boundaries due to the faster diffusion of oxygen anions here, leading to premature brittle

failure of the protective oxides formed [4, 233]. Yamaura et al. (1999) studied the phenomenon in

polycrystalline Ni-Fe alloy, deeming that specific grain boundary CSL types were more immune

to intergranular oxidation than others, due to their inherent geometry, orientation and therefore

grain boundary energy. Twin boundaries (Σ3, with 60∘ misorientation) boundaries were deemed
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Figure 4.37: Graph showing the TGA oxidation kinetics taken for a set of IN718 samples
with differing CSL fractions following oxidation at 850∘C in air. Taken from Krupp et al.
(2013) [228].

most significant in the reduction of internal oxide and intergranular degradation [219, 238].

The aforementioned effects are especially prevalent in AM alloys showing enhanced alumina

formation [1, 187]. Therefore, it is thought that by increasing the fraction of CSL boundaries up

to the maximum available fraction (2/3 in an FCC material, approx. 66%), this approach could be

key in the improvement of the oxidation resistance of AM alloy, by disrupting the network of

connectivity between random high angle boundaries present in the matrix [34, 131, 219, 229, 230,

233].

For L-PBF IN625 and similar AM Ni-based superalloys, research into texture has been primar-

ily focused on improving tensile properties. Solution heat treatments are reported to significantly

increase the fraction of TGBs compared to as-built materials, leading to tensile properties surpass-

ing the standard expected for wrought IN625 [34, 104, 113, 121]. Marchese et al. (2020) reported up

to 56% twinning in solution heat treated L-PBF IN625, though it is expected that the AMmanufac-

turing process, and printing parameter selection in particular may influence the level of twinning

experience by the component following heat treatment by virtue of the level of residual stress and

dislocation density following printing of the build [34, 108].

For research into oxidation rates at high temperatures, crystal anisotropy was reported to

directly influence oxidation performance in L-PBF IN625. Huang et al. (2022) found that samples

showing a textural deviation from the (100) plane, to the (101) and (111) planes, saw the formation

of a denser oxide scale, suggesting diffusion rates appear to be higher for grains showing (111)

preferred orientation [17].
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Figure 4.38: (a) EBSD IPF map showing the external oxide formed on Haynes 230 alloy,
with corresponding AFM maps (b,c), and surface roughness line scan (d), correlating the
effects of surface grain orientation upon oxidation. (a) and (b) show the EBSD IPFmap and
AFM map analysis of the same area upon the same sample, respectively. Darker contrast
in AFM map (b) indicates a region of thicker oxide scale. (c) outlines an alternative area
upon the oxide sample shown in (a). Grain D is a {111} orientation grain. (d) Shows the
corresponding surface profile line scan across the sample area outlined in (c), where the
oxide thicknesswasmeasured to be lower inGrainD than the neighbouring grains. Taken
and adapted from Schuh et al. (2003) [239].

Similar results were obtained with L-PBF IN718. Sanviemvongsak et al. (2018) observed that

special boundary fractions even up to as little as 35% lead to improved oxidation resistance and

shallower intergranular oxidation depth [187]. Alloy texture inherent to the AM process is also

thought to have played a role in the reduced rates of oxidation for as-built microstructure IN718.

As previously outlined, L-PBF alloys tend to show strong preferential orientation along the <001>

direction, with the build direction. This effect was lost following heat treatment [34, 187].

Wang et al. (2015) investigated this relationshipwith texture and oxidation forwroughtHaynes

230 superalloy using a combination of EBSD andAtomic ForceMicroscopy (AFM), who established

a qualitative relationship between texture and oxidation [240, 241]. Here surfaces parallel to the

{111} plane tended to show improved oxidation resistance compared to others, where oxidation

rates for grains in terms of oxide thickness was as follows: (111) < (110) < (100). Similar results

were presented by Schuh et al. (2003) investigating IN600 for use in acidic corrosive environments

with HCl, who stated that corrosion rates increase as the grain normal vector diverges from the

⟨111⟩ (see Figure 4.38 [239].

Attention must however be drawn to the fact that the aforementioned investigations were
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performed over short exposure times of ∼5 mins compared to the likes of Huang et al. (2022),

making the effect an early-stage mechanism of oxidation. Sanviemongska et al. (2020) also com-

mented as such, carrying out oxide scale measurements on L-PBF IN718 in both the XY (strongly

texture to 100 orientation) and the XZ direction following 48 h, 1000 h and 3000 h exposures at

850∘C. Here no significant difference was found in the measured intergranular oxidation depths

and thicknesses with texture [242]. It must also be noted that Wang et al. (2015) found that follow-

ing oxidation EBSD IPF mapping, the indexing of certain grains was poor, attributing this affect

to oxide thickness via preferential diffusion and growth via texture. Whilst possible deterioration

in the index rate could come from formation of the oxide, contributions from the epitaxy between

the oxide and alloy could also lead to preferential electron channelling, making the correlation of

grain orientation to oxide thickness inaccurate. Strain affects in the near surface of the substrate

may also contribute to such effects.

Evidently, more work is required to fully understand the mechanism and combined influ-

ence of special boundaries and texture upon the oxidation resistance of L-PBF IN625, where it is

predicted that a GBE approach could be applied to tailor microstructure for improved oxidation

performance.

4.8 Summary

It is clear that oxidation of L-PBF IN625 has not yet been fully investigated at long exposures (1000s

h). More work is required to ascertain how AM microstructures will affect chromia growth, the

establishment of the 𝛿-phase, and its affects upon the growth rate of chromia scale. It may be

possible to take advantage of the flexibility of parameters in L-PBF to produce microstructures

optimized for oxidation resistance. However, limitations remain in terms of the surface roughness

of as-built components, where further surface modifications must be researched to evaluate the

future of AM components for oxidation resistance. There is also a lack of literature showing the

performance of L-PBF IN625 in common operational environments such as steam generators and

heat exchangers.These points altogether impact the production efficiency, limitingAM’s industrial

application as of yet. A summary of proposed research topics to rectify some of these issues can

be viewed in Figure 4.39.
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Figure 4.39: A flowchart showing the key research topics carried out for the PhD project.
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Chapter 5

Experimental procedure and theory

5.1 Materials, Laser Powder Bed Fused and Wrought

Inconel 625

5.1.1 Laser Powder Bed Fused Inconel 625

Two builds were completed for the period of the PhD project, built using an EOS M280 (400 W)

laser powder bed fusion machine: the first, Build 1 by Parker Aerospace, and an additional build,

Build 2, at the Manufacturing Technology Centre (MTC). Figure 5.1 shows the dimensions of the

samples built.

Build 1 consisted of 72 fully dense cylindrical rods of L-PBF IN625, built using powder particle

sizes ranging from 15 – 45 µm). Rodsweremanufactured using the default IN625_Performance_110

parameter set, with a layer height of 40 µm. The selected geometry (diameter 14 mm and height

125 mm) was applied to investigate the effect of the as-built microstructure, and the effects of heat

treatment upon oxidation. The samples fabricated were taken from a batch obtained from a pre-

vious work by the authors [80, 191], for which the build plate can be viewed in the appendix, see

Appendix Figure 1. In the previous study by the authors, possible microstructural variation along

14 mm

14 mm

2 m
m

2 m
m

120 m
m

BD

a) Build 1
Effect of microstructure

b) Build 2
Effect of surface finish

Build plate Build plate

Figure 5.1: A schematic showing the two L-PBF builds carried out for the duration of the
PhD project. Build 2 included support struts. BD indicates the building direction.
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Table 5.1
Set chemical compositions of conventional and L-PBF IN625.

Alloy Element (%wt)

C Mn Si P S Cr Co Mo Nb Ti Al Fe Ni

AM IN6251 Min - - - - - 20.00 - 8.00 3.15 - - - Bal.
Max 0.10 0.50 0.50 0.015 0.015 23.00 1.00 10.00 4.15 0.40 0.40 - Bal.

Wrought IN6252 Min - - - - - 20.00 - 8.00 3.15 - - - 58.0
Max 0.10 0.50 0.50 0.015 0.015 23.00 1.00 10.00 4.15 0.40 0.40 5.0 -

1 Data from ASTM F3056-14 [243].
2 Data from ASTM B564-18 [244].

Table 5.2
MeasuRed PowdeR Composition foR L-PBF IN625 used in the pResent study.

Alloy Element (%wt)

C Mn Si P S Cr Co Mo Nb Ti Al Fe Ni

IN625 - <0.01 0.07 <0.01 0.00 21.27 0.04 9.02 3.65 0.10 0.11 3.66 Bal.

the 120 mm rod sample length due to thermal gradient effects was investigated. Here no changes

in grain size or texture were observed from the base to the tip, regardless of the rod position on

the build plate [191].

Build 2 consisted of 420 fully dense individual disks of L-PBF IN625 (diameter 14 mm and

thickness 2 mm). This was also completed using the standard IN625_Performance_110 parameter

set. The token geometry was selected to allow for the investigation of tokens with a fully addi-

tive surface roughness for comparison to the cylindrical rod specimens, and for comparison to

industrial applications of additive component surfaces. The small individual tokens also allowed

for the use of specific weight gain quantification for the calculation of oxidation growth rates.

Further images showing the layout of the build plate for Build 2 can be viewed in the appendix,

see Appendix Figure 2.

IN625 powders were supplied by the MTC. The standard powder composition used is shown

in Table 5.2 for comparison to the minimum and maximum allowable compositions, shown in Ta-

ble 5.1. This was confirmed using a combination of LECO, ICP-OES (Inductively Coupled Plasma

Optical Emission Spectroscopy) and XRF (X-Ray Fluorescence) collected externally by AMG An-

alytical, AMG Chrome Ltd. [61]. LECO and ICP-MS was also carried out on as-received materials

from both Build 1 and 2, as well as a set of wrought IN625 tokens fabricated for comparison to

the standard alloy performance. The quantities for these elements were found to be in accordance

with ASTM F3056-14 for the standard specification for additively manufacturing nickel alloy (UNS

N06625) with powder bed fusion, making all materials comparable to each other [243, 244]. The

compositions can be viewed in Table 5.3.

The powder morphology and structure were examined using a Hitachi TM3030+ scanning
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Table 5.3
WRought and L-PBF IN625 sample chemical composition.

Alloy Element (%wt)

C Mn Si P S Cr Co Mo Nb Ti Al Fe Ni

Build 1 0.021 0.020 0.110 < 0.005 0.004 21.940 0.050 9.690 3.880 0.120 0.160 3.950 Bal.

Build 2 0.026 < 0.020 0.050 <0.005 0.004 21.510 < 0.020 9.480 3.870 0.110 0.130 3.500 Bal.

Wrought 0.025 0.090 0.120 0.005 0.004 21.640 0.110 8.730 3.460 0.080 0.130 3.520 Bal.

electronmicroscope (SEM)with back scattered electrons and energy dispersive spectroscopy (EDS)

analysis using an accelerating voltage of 15 kV. The powders were found to be spherical in shape.

5.2 Post-processing: Surface finishes and heat

treatments

A variety of conditions were considered, investigating the effect of as-built and heat treated mi-

crostructures (i.e. grain size variation and texture), as well as various different surface roughness

conditions upon the oxidation performance of L-PBF IN625.

5.2.1 Heat treatments

To investigate the effect of microstructure, as-built microstructure samples from Build 1 were pro-

duced, as well as a set of solution-treated tokens, outlined in Table 5.4, following guidance outlined

in AMS2774D [61]. A solution-treatment was applied to as-built material in order to see the ef-

fects of a fully recrystallized microstructure with large twin boundary fractions, combined with

the removal of microsegregated Nb and Mo on cell boundaries. This was conducted to study their

combined effects on the oxidation mechanism of L-PBF IN625, particularly on chromia growth,

and the precipitation of the brittle 𝛿-phase (Ni3(Nb,Mo)).

Two methods were applied to heat treat samples depending on their geometry. Cylindrical

rods received from Build 1 were placed into a pre-heated box furnace for a solutionising heat treat-

ment at 1177∘C for 1 hour, before their removal andwater quenching to room temperature. In order

to heat treat the individual tokens from with additive surface roughness taken from Build 2, to-

kens were firstly encapsulated in an argon back-filled quartz ampule.The ampules then underwent

solution-treatment in a pre-heated box furnace, were they were subsequently water quenched to

room temperature upon completion.
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Table 5.4
StandaRd heat tReatments foR IN625 - AMS2774E [122].

Condition Heat Treatment Details

AB As-built N/A

ST Solution-treated 1177∘C, 1 hr dwell
60∘C/min forced air cool/water quench

5.2.2 Surface finishing

A variety of different surface finishes were applied with the aim of devising a suitable post-

processing route for L-PBF IN625. Alongside standard ground samples, three additional surface

finishes were selected based on their applicability to complex additive geometries seen with addi-

tivemanufacturing: Additive surface roughness tokens, Centrifugal High Energy Finishing (CHEF),

and electropolished tokens. Electropolishing and CHEF in particular were applied to examine the

effects of strain induced in the surface of the component upon the oxide films produced. Here

CHEF was considered to be highly strained, and electropolished tokens were considered to have

a very low surface strain.

5.2.2.1 Grinding and polishing

Specimens of L-PBF IN625 were made to size from cylindrical rods taken from Batch 1.These were

cut perpendicular to the build direction using Electrical Discharge Machining (EDM) to produce

disks of diameter 14 mm and thickness 2 mm. The surfaces were successionally ground, and the

edges chamfered to approximately 45∘ to 400 to 4000-grit (approximately 5 µm, R𝑎 = 0.15 µm, R𝑎

= 0.10 µm, respectively) using a combination of wet SiC papers, and an automated Struers Ltd.

Tegramin-30. This was to remove any residual surface damage produced following cutting. This

was carried out using both as-built and solution-treated tokens to investigate the effects of the

as-built microstructure.

5.2.2.2 Centrifugal High Energy Finishing (CHEF)

Solution-treated tokens from Build 2 underwent Centrifugal High Energy Finishing (CHEF). This

involved putting coupons of L-PBF IN625 into a barrel, mounted upon a large rotating wheel.

Small barrels containing abrasive media and agents (see Table 5.5) were mounted on the edge of

the wheel which then rotated with opposing spin. High centrifugal force and contact pressure

between components and media reduces the surface roughness of the sample by abrading each

sample surface to produce highly finished samples, albeit leading to a small loss in the sample
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geometry. The centrifugal finishing was performed using three stages outlined by the machine,

provider ActOn Finishing Ltd [245]: (i) cutting for 120 mins with ceramic media (carbide-free

bainitic, CFB, medium abrasive) 10 × 10 with 50 ml of LQ18 reagent and water, (ii) smoothing

for 120 mins with ceramic media (Semi-Friable Bainitic, SFB, highly abrasive) 6 × 10 with 50 ml

of LQ16 reagent and water, then (iii) polishing for 60 mins in dry maize. Following their removal

samples were cleaned in an ultrasonic bath with ethanol to remove any remaining media upon the

surface. This produced samples with a mirror-like finish (R𝑎 = 0.40 µm) and sample edges which

were rounded.

5.2.2.3 Electropolishing

A set of solution-treated tokens from Build 2 underwent electropolishing. Using a power supply,

a stainless-steel coil was connected as the sacrificial cathode, and the sample to be polished was

connected to act as the anode. Both were placed into a 500 ml beaker containing a 4:1 ratio so-

lution of sulfuric acid and methanol kept at room temperature (20-22∘C). The power supply was

set to 30 V. This was according to the ASTM standard for the electropolishing of Ni-based super-

alloys (E1558-09) [246], with adaptations to ASTM G1-03 [247]. The voltage was applied, and the

samples were swirled in the mixture using metal tongs. To produce a mirror finish, samples were

electropolished for 10 minutes each, stopping at 20 s intervals to rotate the sample to allow for

full coverage, and to wash away surface contaminants using ethanol. The procedure resulted in

samples with an even surface finish (R𝑎 = 1.8 µm), and sample edges which were rounded.

A summary of all sample token types is outlined in Table 5.6.

Table 5.5
Chemical agents applied duRing CHEF, ActOn Finishing Ltd. Adapted fRom [245].

Compound name Description pH

LQ16 A concentrated cleaner agent used for polishing 8.5 – 9
and brightening non-ferrous alloys

LQ18 A light descaling agent applied to remove metal oxides 1 – 2
following heat-treatment to give a bright surface finish
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Table 5.6
SummaRy of the heat-tReated and suRface finish conditions of the mateRial in-
vestigated foR wRought and L-PBF IN625.

Alloy Heat treatment(s) Surface(s)

L-PBF Batch 1 As-built 4000-grit
0.25 µm (OPS)

Solution 4000-grit
0.25 µm (OPS)

L-PBF Batch 2 As-built 0.25 µm (OPS)
Solution Additive surface

CHEF
Electropolished

Wrought Solution 0.25 µm (OPS)

5.3 Characterisation of as-received materials

5.3.1 Sample density and porosity validation measurements

In order to assess that the fabricated tokens were fully dense, a combination of Archimedes density

testing, and SEM imaging was carried out. Archimedes testing was performed using a variation

on methods laid out in ASTM B962-17, where tokens were measured in both air and ethanol at

room temperature [248]. To confirm these measurements, XY and XZ cross-sections of tokens

from Builds 1 and 2 were imaged using SEM using 3 repeat locations across the sample surfaces.

Using FIJI Image J software, an image threshold approach was taken, where pores or voids are

filled allowing the % porosity to be calculated [249]. Both methods confirmed the tokens to be

approximately fully dense at 99.6%, on average showing tokens to have a density of 8.41 g/cm3

compared to 8.44 g/cm3 for wrought IN625 [20].

5.3.2 Surface roughness measurements

Surface roughness measurements were taken using a combination of confocal microscopy and

physical recordings taken using a surface Rugosimeter.

An Alicona InfiniteFocus optical 3D measuring instrument was used at 5× magnification.

Analysis of the data was completed using the Infinite Focus Measurement Suite by Alicona. In

this work, the areal surface texture parameters S𝑣 (the maximum valley depth of the selected area)

and S𝑎 (arithmetical mean height of the selected area) are used. Surface heightmapswere alsomea-

sured to analyse the peaks and valleys of all conditions and to show improvements of the surface

conditions compared to additive surface roughness specimens. When taking line measurements
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R𝑎 and line profiles, care was taken to measure perpendicular to machining marks for ground and

additive roughness samples.

A Surfcorder SE1700 surface analyser was used to measure surface roughness profiles for all

conditions investigated in this study. Values for R𝑎 (the arithmetic average of the height profile

over the measured length), R𝑚𝑎𝑥 (the maximum value of the vertical distance between the highest

peak and lowest trough in the profile) and R𝑧 (the average arithmetic height, calculated from the

distances between the highest peaks and lowest troughs in the profile). Three repeat values were

recorded for each specimen type, at random areas on the surface. For the additive roughness and

ground samples, where topography is directional, measurements were taken both parallel and

perpendicular to the weld tracks and grinding marks, respectively.

5.3.3 Metallurgical sample preparation

Both XY and XZ cross-section metallographic samples were produced for all conditions of the

as-received materials investigated, including all heat-treated and surface finish conditions. To ex-

amine the microstructure, materials were hot mounted in Bakelite and successively ground and

polished to a mirror-like finish using 0.25 µm OP-S colloidal silica (R𝑎 = 0.05 µm) . To etch samples

and reveal the microstructure, samples were excessively polished with the OP-S solution for times

up to 2 hours.

5.3.4 Scanning Electron Microscopy, Assessing the as-received

microstructures

Scanning Electron Microscopy (SEM) was performed using the following microscopes over the

duration of the project: a Hitachi TM 3030Plus tabletop SEM, a JEOL 6060 SEM with Oxford Inca

EDS capabilities, a JEOL 7000F Field Emission Gun Scanning ElectronMicroscope (FEG-SEM), and

a Zeiss EVO-15 SEMwith BrukerQuantax EDS. SEM using both Backscattered Electrons (BSE) and

Secondary Electrons (SE) were used to obtain images and compositional data from the as-received

microstructures of all conditions and surface features, respectively, where an accelerating voltage

of 20 kV was used throughout imaging.

5.3.5 Electron Backscatter Diffraction (EBSD)

A JEOL 7000F Field Emission Gun Scanning Electron Microscope (FEG-SEM) equipped with an

HKL Nordlys EBSD unit with Oxford Aztec capabilities was used to image the microstructure

samples of as-received material in both the XY and XZ orientations. Samples were tilted by 70∘
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and scanned at 20 kV, using step sizes and scanning areas of 2.5 µm and 680 × 400 µm2 for the

as-built alloy conditions, and 1.5 µm and 500 × 400 µm2 for solution-treated alloy conditions due

to the differing grain sizes observed.

EBSD ctf. files obtained were reconstructed using the MATLAB MTEX toolbox to generate

the inverse pole figure (IPF) maps. These were plotted and analysed using code taken and adapted

from the MTEX MATLAB framework, allowing for the calculation of average sample grain sizes

(D50 measurements). MTEX is a free open-source library containing the tools needed to analyse

and model crystallographic texture by means of EBSD IPFs. The codes written in the present work

build upon existing codes produced by Bachman, Hielscher, Krakow and Nolze [250–254].

5.3.5.1 Determination of grain size

To calculate the grain size, IPF maps were recorded over scanning areas spanning 1200 µm × 900

µm2 to provide a large enough sample number of grains representative of the sample. An au-

tomated MATLAB code was created which applied the Heyn Lineal Intercept procedure to the

generated EBSD IPF maps of the same size area, according to ASTM E112-13 [255]. The code esti-

mated themean average grain size by layering a 15 x 15 square grid upon each EBSD IPFmap. Care

was taken to ensure each line would intercept at least 50 grains each to allow for the calculation

of an average grain size. Additional attention was given to begin each measurement at the start of

a new grain to prevent sampling of incomplete grains. The grain diameters were then plotted as

cumulative grain size fractions for both XY and XZ orientation samples. This then allowed for the

grain diameters to be plotted as a cumulative grain size fractions for direct comparison to each

other.

5.3.5.2 Grain misorientation and texture

To investigate the fractions of special grain boundaries and randommisorientation boundaries, IPF

maps were analysed to determine local grain misorientation. The percentages of Low Angle Grain

Boundaries (LAGBs, 𝜃 < 15 ∘) and High Angle Grain Boundaries (HAGB, 𝜃 > 15 ∘) were measured,

taking a particular interest in the frequency of Twin Grain Boundaries (TGBs) (𝜃 = 60∘) for each
condition of L-PBF IN625. In order to classify each type of grain boundary within the Coincidence

Site Lattice (CSL) framework (Σ ≤ 29), the Palumbo-Aust Criterion was chosen and applied to

calculate the maximum geometrically allowable deviation from the exact CSL misorientation (see

Equation (5.1)). The frequency of special boundaries was then calculated as the length fraction of

the total grain boundary length in the IPF map:
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Δ𝜃 = 𝜃0 ⋅ (Σ)
−5
6 (5.1)

where Δ𝜃 is the allowable angular deviation, 𝜃0 is the misorientation angle.

Qualitative measurements of texture variations in the samples were made from IPF maps gen-

erated.

5.4 High temperature isothermal oxidation in air

A collection of isothermal oxidation tests was conducted, characterising the performance of L-

PBF IN625 across various heat treated and surface finish conditions. All testing was done in ac-

cordance with the standardised procedures outlined in ASTM G1-03 (2011), and methods adapted

from ASTM B487-85 (2013) using SEM for oxide thickness measurements [247, 256].

5.4.1 Laboratory air and pressure, 950∘C

Isothermal oxidation testing was conducted at 950∘C in laboratory air and pressure for 24 - 1000 h

using a Lenton Thermal Designs horizontal tube furnace, calibrated to give temperatures correct

to ±1∘C using calibrated R-type and K-type thermocouples. Calibration testing was conducted by

testing the furnace temperature in 50∘C increments from 500 – 950∘C. The hot zone of the furnace

was determined by measuring temperature in 5 cm increments along the furnace working tube.

The exposure temperature of T = 950∘C was selected in order to investigate the oxidation of the

alloy near it’s operational limit of T = 980∘C, and to accelerate the formation of a protective oxide,

and the associated key precipitate phases for inspection.

An additional set of oxidation tests were also carried for short time periods of oxidation at

950∘C in laboratory air and pressure for 0.5 to 100 h to investigate the evolution of the oxide scale,

and the early stages of recrystallisation experienced by as-built and solution-treated L-PBF IN625

material. These were oxidised using a Nabertherm horizontal metal tube furnace at the University

of Malta. Prior to starting these tests, the furnace was also calibrated to give temperatures correct

to ±1∘C using a calibrated K-type thermocouple. Calibration testing was conducted in the same

manner as the Lenton Thermal Designs tube furnace.

An oxidation testing matrix outlining all specimen types, surface conditions and times inves-

tigated is shown in Table 5.7. Oxidation behaviour was investigated using a combination of two

methods: Specific weight gain calculation, and cross-sectional oxide thickness measurements.
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To measure the specific weight gained by each specimen, the surface area and thickness of

all samples was measured in six locations using a micrometer. Sample mass was measured using

a calibrated micro-mass balance (accurate to ±0.00001 g). Prior to oxidation, all specimens were

degreased in acetone in an ultrasonic bath for 5 minutes and subsequently dried with hot air

(See Figure 5.2). Batches of 4 – 6 specimens were placed in open ceramic alumina crucibles and

placed into the centre of a pre-heated tube furnace. These were all removed, and air cooled to

room temperature after exposures of: 0.5, 1, 8, 24, 100, 500 and 1000 h (see Table 5.7). At each

time period, each specimen was re-weighed 3 times to determine the net mass increase per unit

area, then kept in a desiccator ready for inspection of the oxide scale. Samples and crucibles were

examined for visual signs of spallation upon removal.

For each time period, at least 2 samples from each batch were selected to undergo surface and

cross-sectional analysis using the following techniques: Scanning ElectronMicroscopy (SEM)with

both BSE and SE, Transmission Electron Microscopy (TEM) with STEM-EDS (selected samples

of interest only), X-ray Diffraction (XRD), Electron Backscatter Diffraction (EBSD), and surface

roughness measurements using a confocal microscope and non-contact profiler.

5.5 Oxide sample preparation post-exposure

Following isothermal oxidation, analysis of the oxide cross-section, chemical composition and

sub-scale elemental depletion depth was carried out. To protect against cracking or spallation of

Table 5.7
Oxidation testing matRix foR L-PBF IN625, T = 950∘C, t = 0.5 – 1000 h.

CHEF = Centrifugal High Energy Finishing
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Figure 5.2: (a) L-PBF IN625 - Batch 1, polished to an OP-S mirror-finish, (b) L-PBF IN625
- Batch 2. Build 1 and 2 token dimensions: 14 mm diameter, 2 mm thickness. Note the
building direction (BD) annoted for each build.

the oxide, the following Ni electroplating method was applied, adapted from methods outlined by

Cruchley et al. [149]:

• Specimens were sputtered with gold, producing a conductive layer upon the surface.

• Specimens were Ni-plated using a Watt’s bath electrolyte solution (25 – 40 g/l NiSO4·

6H2O, 20 – 60 g/l NiCl2·6H2O and 30 – 45 g/l H3BO3) at 46 – 71∘C, using a temperature

controlled hot plate. A current density of 1 – 10 A/dm2 was applied using a power supply.

The Ni-plate aids in the protection of the scale during sectioning, as well as acting as

marker to indicate where the scale started and ended.

• Samples were mounted in low-shrinkage cold resin (Struers Duracit-3), and sectioned

into half-moons using a Struers Accutom-5 precision cutting machine at <0.05 mm/s.

All mounted cross-section specimens were ground using wet SiC papers to 4000 grit, and

subsequently polished to a 0.25 µm finish using a Struers MD-Chem disc with OP-S solution.

Prior to imaging, samples were cleaned in an ultrasonic bath with ethanol for 5 mins.
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5.6 Characterisation of oxidation products

5.6.1 Scanning Electron Microscopy and optical microscopy

Scanning Electron Microscopy (SEM) was performed to image the external oxide and oxide-cross-

sections using the following: A JEOL 6060 SEM with Oxford Inca EDS capabilities, a Hitachi TM

3030Plus SEM. SEM with Backscattered Electrons (BSE) was used to obtain images and compo-

sitional data from the surface oxide and to conduct cross-sectional analysis of the through sam-

ple specimens via EDS point, line and map scanning. An accelerating voltage of 20 kV was used

throughout, except for the Hitachi TM 3030Plus, where a maximum voltage of 15 kV was applied.

Additional imaging using optical microscopy was also performed on specific areas of interest us-

ing a Zeiss Axioscope 5 microscope for comparison.

5.6.1.1 Analysis of oxide cross-sections

Fiji Image J was used to characterise the oxide cross-section. A grid was overlaid onto each

cross-sectional image, producing 5 equally spaced intersections from which to measure the thick-

ness/depth of the oxide using the line tool. 50 measurements of the desired feature were recorded

to produce a representative average and standard deviation. The following measurements were

made across 10 repeat images:

(a) External chromia scale

Chromia scale thickness measurements were taken by drawing lines from the surface of

the oxide to the oxide scale/alloy boundary. To confirm the presence of chromia, EDS line

scans from the scale surface to the bulk of the alloy were taken. For more non-uniform

surface finish oxides such as the oxides grown on the additive roughness tokens (with

adhered powder particles on the surface), separate measurements were taken (i.e. mea-

surement of thickness over the powder particles, and measurements of oxide thickness

on the flat surfaces of the token.)

(b) Internal oxide scale

Internal oxide penetrationwasmeasured by drawing lines from the external chromia/substrate

boundary to the end each instance of internal oxide. EDSmaps and line scans were taken

to inform the presence of Al, Ti, etc.

(c) Precipitate free zone

The precipitate free zone was measured by drawing lines from the oxide scale to the bulk

of the alloy where precipitate was first encountered.
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Figure 5.3: A BSE-SEMmicrograph depicting a summary of the oxide scale measurements
carried out. (a) Chromia thickness (µm), (b) internal oxide depth (µm), (c) precipitate free
zone depth (µm), (d) 𝛿-phase percentage coverage across the scale/alloy interface (%). 10
individual measurements were taken for each cross-section feature present, to allow for
an average value and standard deviation to be calculated.

(d) Internal oxide scale – 𝛿-phase characterisation The 𝛿-phase layer was measured by

drawing a line across the scale/alloy boundary and measuring the percentage coverage

of the line by 𝛿-phase.

A summary of these measurements is shown in Figure 5.3.

5.6.1.2 Cr depletion profiling

In order to investigate the growth mechanism differences between different conditions of L-PBF

IN625, it is necessary to examine the microstructure beneath the oxide scale, particularly Cr de-

pletion in the near-oxide affected region. To inform this, EDS line scans approximately 150 µm

length were performed from the centre of the scale/alloy interface down through to the bulk of

the sample. To improve the repeatability of the measurements, 3 repeat EDS lines scans were taken

for each sample at 3 random regions across the surface of the cross-section. For each condition,

the line scans were plotted, solved and fitted to Fick’s 2nd law of diffusion for diffusion into or

out of a semi-infinite solid using python code, see Equation (6.1) [66, 67]:

𝑁𝐶𝑟 = 𝑁 (𝑆)
𝐶𝑟 + (𝑁 (𝐵)

𝐶𝑟 − 𝑁 (𝑆)
𝐶𝑟 ) ⋅ 𝑒𝑟𝑓 ⋅ ( 𝑥

2√𝐷𝑡
) (5.2)

where 𝑁𝐶𝑟 is the Cr content in mol fraction, 𝑁 (𝑆)
𝐶𝑟 is the Cr content at the scale/alloy interface,

𝑁 (𝐵)
𝐶𝑟 is the Cr content in the bulk of the alloy, 𝐷 is the diffusion coefficient of Cr in Ni-Cr alloy in

mm2/s, t is time in seconds, and x is the line distance.
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For the fit, the diffusion coefficient of Cr in a Ni-Cr alloy was taken to be approximately 2.64 ×
10−16 m2/s, extrapolated from data reported by Ruzikova et al. (1981) [257]. From the fit, values of

the diffusion coefficient of Cr in the IN625 bulk could be determined, along with the approximate

depletion depth for comparison across the different conditions of L-PBF IN625.

5.6.2 X-ray Diffraction (XRD)

An automated Proto AXRD Benchtop X-ray Diffractometer was used to identify key phases in

the as-received material (XY cross-sectioned), as well as the oxide scales formed on all conditions

exposed to high temperature air and PWR hydrogenated water.This was conducted using a Cu K𝛼
radiation source, indexed between a 2𝜃 range of 20∘ – 100∘, with a step size of 0.02∘. A combination

of MATCH! (by Crystal Impact Ltd) [258] and Crystal Diffract (by CrystalMaker Software Ltd)

software [259] was used to analyse the XRD data obtained. The data was compared to imported

ICSD database files for key phases and oxides curated by the PSDS (The Physical Sciences Data

Science Service), as well as resources from NIST [260].

5.6.2.1 Determination of residual stress using the sin2(𝜓 ) method

In order to determine the residual stress within the near surface of the oxide scales produced

for t = 0.5 h – 1000 h, macroscopic scale measurements were obtained using conventional X-ray

diffractionwith the 𝑠𝑖𝑛2(𝜓 )method. An automated RigakuUltima IVX-ray diffractometerwas used

to obtain this measurement by following the standard method outlined by the National Physical

Laboratory (NPS) [172].Themethod involves the determination of residual stress bymeasuring the

strain in the crystal lattice via peak shift.This accounts for the elastic constants of the material and

the assumption that there is linear elastic distortion of the crystal plane. Plane stress conditions

are assumed, where stress normal to the surface is set to zero.

The principle of the analysis relies on the interaction between the incoming wave front of the

X-ray beam and the crystal lattice, following Bragg’s Law Equation (5.3) [172]:

𝑛 ⋅ 𝜆 = 2𝑑 ⋅ 𝑠𝑖𝑛(𝜃) (5.3)

where 𝑛 is the diffraction order, 𝜆 is the wavelength, 𝑑 is the interplanar spacing, and 𝜃 is the

diffraction angle.

The incoming X-ray interacts with the crystal to produce a diffraction pattern, which can be

related to the distance between the atomic planes in the material. An interplanar space which is

free from strain allows for the production of a pattern characteristic of the material. When the
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material becomes elastically strained, the contractions and elongations produce a change in the

materials interplanar spacing, d, which causes a shift in the characteristic pattern. An example of

the observed peak shift can be viewed in Figure 5.4 for chromia formed upon L-PBF IN625. It is

this shift in the diffraction pattern which can be measured to give a Δd [172]:

𝑑𝑛 = 𝑛 ⋅ 𝜆
2 ⋅ 𝑠𝑖𝑛(𝜃) (5.4)

where 𝑑𝑛 is the interplanar spacing for diffraction 𝑛.

Assuming the measurement is made in the surface of the oxide and the orthogonal coordinate

system shown in Figure 5.5 is applied, strain in the lattice can be determined. This involves a com-

parison between the perfect unstrained lattice interplanar spacing with the strained interplanar

spacing, assuming plane stress conditions where 𝜎𝜓 = 0. Experimentally, this can be achieved by

measuring the strain along a direction 𝜓 , by altering the tilt of the specimen in the diffractometer

an various angles of 𝜓 to give the following relationship, Equation (5.5) [172]:

𝜖𝜓 = 𝑑𝜙𝜓 − 𝑑0
𝑑0

(5.5)

where 𝜖𝜓 is the strain measured for the angle 𝜓 , andd is the interplanar spacing for directions

of the angles 𝜓 and 𝜙.

It is then possible to use the measured values of strain to determine the stresses present in the

oxide surface via the application of Hooke’s Law Equation (5.6) [172]:

Figure 5.4: A plot showing the peak shift experienced by chromia grown upon an as-
built token of L-PBF IN625, exposed to 950∘C for 100 h in air. Peaks were measured over
a range of 0 - 60∘, showing decreased peak intensity with increasing tilt.
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Figure 5.5: A diagram showing the co-ordinate system used to calculate the strain and
stress in the surface of an oxide. Oxide scale through thickness assumed through z-
direction. Taken from the Measurement Good Practice Guide No. 52, National Physical
Laboratory, NPL [172].

𝜎𝑦 = 𝐸 ⋅ 𝜖𝑦 (5.6)

where 𝜎𝑦 is the stress in direction y, E is the elastic modulus of the oxide, and 𝜖𝑦 is the strain

in the y direction.

By the assumption that plane stress exists and that biaxial stresses are present in the sample

surface, the following equation to be derived [172]:

𝜖𝑥 = 𝜖𝑦 = −𝜈 ⋅ 𝜖𝑧 =
−𝜈 ⋅ 𝜎𝑦

𝐸 (5.7)

where 𝜖𝑥 and 𝜖𝑧 is the strain in the x and z direction, respectively, and 𝜈 is the Poisson’s ratio.

Then by rearranging Equation (5.7) to assume plane stress conditions, the following equation

takes form [172]:

𝜖𝑧 = −𝜈 ⋅ (𝜖𝑥 + 𝜖𝑦 ) = −𝜈
𝐸 ⋅ (𝜎𝑥 + 𝜎𝑦 ) (5.8)

Through the combination of Equation (5.5) and Equation (5.8), it is possible to measure a single

stress acting in the surface Equation (5.9) [172]:

𝜎𝜙 = 𝐸
(1 + 𝜈) ⋅ 𝑠𝑖𝑛2(𝜓 ) ⋅ (

𝑑𝜓 − 𝑑𝑛
𝑑𝑛

) (5.9)

where 𝜎𝜙 is the stress in angle 𝜙, and 𝐸 is strain in the crystal lattice.
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In this fashion, stress can therefore by calculated for any chosen direction from the change in

interplanar spacing Δd, via measurement in the plane perpendicular to the sample surface and the

direction through which stress is desired to be measured. A plot was generated for each sample,

of 𝑠𝑖𝑛2(𝜓 ) against the measured interplanar spacing, for the d (116) of Cr2O3. An example of this

plot can be viewed in Figure 5.6.

By calculation of the gradient of the line, 𝑚, and knowledge of the elastic constants of pure

chromia (E116 = 334.5 GPa, 𝜈116 = 0.264, taken from Guerian et al. (2017) [167], and Panicuad (2004)

[261]), stress can be given by Equation (5.10) [172]:

𝜎𝜙 = ( 𝐸
1 + 𝜈 ) ⋅ 𝑚 (5.10)

where 𝑚 is the gradient of the line of d vs 𝑠𝑖𝑛2(𝜓 ).

To achieve this, the Inorganic Crystal Structure Database (ICSD) was referred to in order

to obtain a value for the characteristic interplanar spacing for a perfect, pure chromia (Cr2O3).

This was calculated to be approximately 𝑑0 = 0.1672124 nm for the (116) plane of a hexagonal

close-packed crystal, taken from Sawada (1994) [262]. A high intensity 2𝜃 peak characteristic of

chromia was chosen (55∘) to ensure that small changes in 𝑑 and the angular position of the peak

were significant enough for the accurate determination of the residual stress.

Multiple XRDmeasurements were carried out for the 55∘ peak over a selected 2𝜃 range of 52.5∘

– 57.5∘. A step size of 0.03 – 0.04∘ was applied throughout measurements, as well as a dwell time of

20 – 40s.These values were dependent on the thickness of the oxide film examined, where a longer

dwell time and a smaller step size was required for the measurement of thinner oxide scales. The

measurements were carried out for seven values of 𝜓 : 0, 20.705∘, 30∘, 37.761∘, 45∘, 52.239∘ 60∘. The

Figure 5.6: An example of an interplanar spacing, d, vs 𝑠𝑖𝑛2𝜓 graph for chromia growth
upon L-PBF IN625 in the (116) plane of Cr2O3.
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values of 𝜓 were selected to replicate the methods outlined by Guerain et al. (2017), allowing for

direct comparison and validation of the results obtained for chromia. These were chosen to obtain

equidistant values of 𝑠𝑖𝑛2(𝜓 ) ranging from 0 – 0.8 [167].

5.6.3 Characterisation of oxidation products, contact

profilometry

Surface profiles were collected to investigate the oxide topography formed on the surface of tokens

exposed to high temperatures. This was carried out using a NanoMap-LS 3D contact profilometer,

using a 1 µm stylus tip, over areas of 500 µm × 500 µm2 to generate a 3D surface topography map.

A speed of 20 µm/s was selected to occur over a limit of 5000 positions, measuring out at 150 points

measured per scan. A contact force of 15 mg was selected to limit damage to the oxide surface.

Care was taken at the start of each measurement to manually calibrate the sample by varying X

and Y until the surface was deemed to be approximately planar.

5.7 Corrosion testing, Simulating a Pressurized Water

Reactor (PWR)

A recirculating autoclave loop was used to simulate the corrosive environment inside a PWRwith

high temperature hydrogenated primary water.The temperature of the autoclave was set to 300∘C,

and water pressure was monitored at 10.8 MPa. Samples were exposed for interrupted periods of

500 h to 1500 h. Water chemistry inside the autoclave was controlled and set to contain: 2 ppm Li

(added as 30.23 mg of LiOH), 3 ppm H2 (33.7 cc/kg), and <5 ppb of O2. The feed tank volume of

water was at 2.5 litres capacity and was maintained alkaline at 10.5 pH.

To assess the effect of the as-built microstructure and surface finishing techniques on oxidation

performance, disks (14 mm diameter, 2 mm thick) of as-built material, solution-treated material,

and cuboidal tokens of wrought IN625 (10 mm × 10 mm × 2 mm) were investigated for comparison

to conventional materials used in PWR environments. A series of different surface finishes were

investigated, as informed by Rolls-Royce Nuclear: additive surface tokens, polished (0.25 µm OP-

S), electropolished, and CHEF. These are outlined in Table 5.8.

Each sample condition was exposed to the PWR simulated environment for two time periods

of 500 h and 1500 h to allow for the evolution of the oxide scale with time to be investigated. At

each time period, the samples were removed, and re-weighed 3 times to measure the net mass

gain, then stored in a desiccator.
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Table 5.8
CoRRosion testing matRix foR: L-PBF IN625 and wRought IN625, T = 300∘C, P = 10.8
MPa, t = 500 h, 1500 h.

5.8 Characterisation of corrosion products

5.8.1 External oxide scanning electron microscopy

A Zeiss EVO15 VP ESEM microscope with Backscattered Electrons (BSE) and Bruker eFlash EDS

capabilities was used to obtain images and compositional data from the surface oxide. A com-

bination of EDS point, line and map scans were carried out to identify the oxide and embedded

precipitates. An accelerating voltage of 20 kV was applied throughout imaging.

5.8.2 Characterisation of oxidation products, X-ray diffraction

As laid out in Section 4.6.3, an automated Proto AXRD Benchtop X-ray Diffractometer was used

to identify the corrosion product produced upon all specimens investigated.

5.8.3 Characterisation of oxidation products, Raman

Spectroscopy

Due to overlap between key phases present in the XRD measurements collected for L-PBF IN625

following exposure to PWR hydrogenated waters, Raman spectroscopy was applied to resolve

them. A Renishaw InVia confocal Raman microscope equipped with WiRE 4.2 software was used

to collect and characterise the Raman peak shift values obtained from the oxide surface. This was

carried out on samples exposed for 1500 h. The microscope was operated using a 633 nm edge
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laser, focused at a working distance of 50× with a beam power of 20 mW. Samples scanned were

indexed across an area of 900 µm2 with a step size of 1 µm. Scan dwell times were selected based

on the roughness of the token and the resolution obtained for periods of 8 – 25 s. The RRUFF™

Project database was consulted to collect peak shift values of key oxides formed upon the PWR

exposed tokens [263].

5.8.4 Oxide removal and grain orientation correlations

To correlate oxide thickness to specific grain orientations the following multi-step method was

applied. Four individual rectangular sites of area 500 µm × 500 µm2 were chosen across the L-PBF

solution-treated specimens (of 0.25 µm finish), following exposure to 1500 h in PWR hydrogenated

water. To mark out these sites, a Buehler Wilson VH1102 Micro Hardness machine with a Vickers

indenter was used to place 4 indents, one in each corner. A load of 1 kg was applied, with a dwell

time of 10 s. SE-SEM micrographs were then collected for later comparison to EBSD IPFs.

Following indentation, a gentle vibropolish was applied to oxides grown upon flat XY orienta-

tion samples (cut perpendicular to the building direction) using a Buehler VibroMet-2 Tabletop vi-

bratory polisher. A napless porous synthetic MetPrep Chemicloth was mounted and covered with

500 ml of OP-S (0.25 µm) as a polishing lubricant. Individual samples were mounted in weighted

sample holders (50 g) and placed onto the table. A vibration amplitude of 60% was selected to give

6 rpm. The samples were polished for 50 h each to remove the oxide, and visually inspected inter-

mittently using an optical microscope. Following removal, tokens were submerged in ethanol and

placed into an ultrasonic bath for 5 minutes.

EBSD IPF maps of the revealed sites were then collected using the same microscope, method

and parameters as outlined in Section 5.3.5. EBSD IPF maps were correlated with the correspond-

ing SE-SEMmicrographs of the external oxides to allow for a grain orientation-oxidation relation-

ship to be established.

5.8.5 Focused ion beam milling - Dual-Beam cross-sectioning

In order to cross-section thin oxides and examine their thickness and morphology, Focused Ion

Beam (FIB) milling was applied. An FEI Quanta 3D FEG FIB-SEM was used, applying a variation

on the method used by Cruchley et al. (2014) [264]. First the sample was attached to a five-axis

motorised stage and a eucentric height was set (the location at which the ion and electron beams

intersect). This was then tilted to 52∘ to allow for the positioning of the sample perpendicular to

the ion beam. To protect the oxide film from delamination during ion milling, a thick layer of
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platinum, Pt (30 µm × 2 µm × 2.5 µm) was deposited on the desired area using a Pt needle. An

initial rectangular area of 12 × 12 µm was milled away using the Ga ion beam at the following

applied currents: 65 nA current to remove bulk material, 30 nA to mill a crude flat surface, and

two subsequent cleaning cross-sections at 7 nA, and 0.5 – 1 nA until the oxide and the sub-scale

microstructure was revealed to a sufficient clarity. SE micrographs were then taken at 20 kV ac-

celerating voltage.

5.8.6 Focused ion beam milling and TEM of oxides

To characterise the sub-micron sized precipitates embedded in the surface of the oxide scales and

any voids in the sub-scale, TEMwas required. To investigate the microstructure and the elemental

composition of the precipitates, thin lamellae were prepared using a Thermofisher Helios 660

Xe plasma FIB. This was performed using a standard FIB-lift out technique [265]. The following

currents were applied during milling and cleaning steps at 30 kV: trenches via 15 nA, and cleaning

at 4 nA and 1 nA. Following this the sample was undercut at 4 nA and 30 kV, lifted-out and attached

to a Cu grid. Final polishing of the sample lamellae was carried out at 5 kV, and 2 kV at both 57∘

and 47∘ for 20 s each.

A FEI Talos F200x fitted with Oxford Super-X-Detectors EDS capabilities was used to examine

variations in the chemical composition via point scanning, mapping and STEM-EDS line scans.

Here a beam energy of 200 kV was used, with a dwell time of 10 µm. Note, images were taken

off-axis (i.e. the incident beam was not aligned to a particular crystal orientation direction). A

series of High-angle annular dark-field imaging (HAADF), Dark Field (DF), and Bright Field (BF)

micrographs were produced.
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Chapter 6

The effect of microstructure and surface finish on

the high temperature oxidation of Laser Powder

Bed Fused IN625

6.1 Abstract

Isothermal oxidation of Laser Powder Bed Fused (L-PBF) IN625 was investigated in air at 950∘C for

1000 h, across multiple heat-treated and surface conditions. Findings indicated that ground L-PBF

IN625 performed to a similar standard to wrought Ni-based superalloys, regardless of microstruc-

tural anisotropy. Additive surface roughness and Centrifugal High Energy Finished (CHEF) to-

kens exhibited accelerated kinetics and a departure from sub-parabolic to cubic behaviour, show-

ing spallation, severe void formation and intergranular oxidation. Growth of the near-continuous

Ni3(Nb,Mo) 𝛿-phase differed across conditions and is suggested to improve the adherence of chro-

mia by reducing the critical temperature change for spallation.

Authors: E. R. Lewis, B. Attard, Z. Gao, N. Cruchley, A. C. Cruchley, M. M. Attallah, S. Cruchley.

Keywords: Oxidation, Superalloys, SEM, X-ray diffraction, Rapid solidification, Stress relaxation

6.2 Highlights

• Laser Powder Bed Fused IN625 oxidised at a similar rate to wrought Ni-superalloy.

• The anisotropic as-built microstructure did not alter oxidation kinetics overall.

• AM surface roughness and CHEF residual stresses lead to accelerated oxidation.

• Surface finish altered the precipitation of δ-phase near-continuous layer.

• 𝛿-phase at Cr2O3/IN625 interface lowers the temperature change for spallation.
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6.3 Introduction

High temperature degradation via oxidation is a life-limiting factor in the design of components

for extreme environments. Ni-based superalloys are used extensively in the manufacturing of

critical components in nuclear reactors for steam generator tubing and valving, and many other

applications in the aerospace, automotive and marine industries [18–20, 31, 33, 42, 65].

Chromia forming Ni-based superalloys, such as Inconel 625 (IN625), have been designed and

optimised for such environments, able to provide a combination of high fatigue and creep resis-

tance at elevated temperatures T ≤ 980∘C, whilst maintaining excellent oxidation and corrosion

resistance [18–20, 23, 26, 27, 29, 42, 53, 65, 156, 266–268].

Additive Manufacturing (AM) techniques like Laser Powder Bed Fusion (L-PBF) provide a

promising route for the manufacture of complex components common to high temperature en-

vironments, without the need of costly machining steps [42]. IN625 is well-suited to L-PBF due

to its superior weldability (linked to low Al, Ti wt.%) and is found to produce high density parts

without cracking or defects [33, 269]. L-PBF IN625 has been widely investigated in both its as-

built and heat-treated forms. Key differences in the microstructure compared to wrought materi-

als arise due to the fast solidification rates common to L-PBF (∼ 106 K/s) [35, 270]. This typically

produces columnar grains extending in the building direction with a cellular sub-structure, and

consequently anisotropic mechanical properties with high residual stresses [33, 35, 126, 271–274].

Furthermore, heavy elements such as Nb andMo segregate to interdendritic regions in the as-built

microstructure, leading to localised compositions exceeding the standard composition for IN625

[12, 28, 34, 35, 38, 48, 118, 243].

Heat treatments counteract these effects by removing microstructural anisotropy, resulting

in similar mechanical performance to wrought alloy [34]. Chemical inhomogeneity via microseg-

regation however remains an issue. Selected area electron diffraction (SAED) in the 𝛾 -matrix of

heat-treated L-PBF IN625 has shown that intercellular boundaries remain enriched with Nb and

Mo, and depleted in Ni, Cr and Fe, even following solution treatment at 1177∘C for 1h. [61, 117].

Interdendritic regions saturated in Nb and Mo aid in the accelerated formation of the brittle or-

thorhombic Ni3Nb 𝛿-phase, forming in t < 5 minutes compared to t > 10 h in wrought IN625 when

stress relieving at 870∘C for 1 h [38, 47, 61]. Oxidation studies of L-PBF IN625 are limited to short

periods of t < 1000 h, at T = 850 – 1050℃ in isothermal laboratory air and pressure [1, 9, 10, 13–

17, 175, 191]. Results obtained for L-PBF IN625 are nonetheless promising, shown to perform to a

similar standard to wrought chromia forming Ni-based superalloys.

Findings by Chyrkin et al. [1, 196] determined that the AM microstructure did not affect the
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oxidation characteristics in air. Instead, kinetics were driven by the intergranular oxidation fol-

lowing buckling, and minor alloying differences in Ti, Mn, Si, Al, and S. It was also observed that

variations in grain size (up to 100 µm) altered oxidation behaviour but not the intergranular oxi-

dation morphology. Internal oxidation at grain boundaries, and formation of voids were found to

be more pronounced in L-PBF IN625, due to steep Cr depletion profiles underneath the scale and

alloying additions of Si [1, 196].

For IN625, a near-continuous Ni3Nb 𝛿-phase layer forms at the scale/alloy interface, remaining

stable at T = 700 – 1000∘C [1, 7, 9–11, 13–15, 175, 191, 192, 196]. It is understood that 𝛿-phase grows

following changes in the chemical potential of Nb and Mo beneath the scale due to Cr depletion

[7]. It is unclear how microsegregation of Nb and Mo, and minor alloying variations may affect

the oxidation characteristics of AM alloy by possible changes to the growth and nucleation of this

phase. Elliot and Hampton [193] reported the effects of Nb on the cyclic oxidation of Ni-Cr alloys,

reporting that Nb led to reduced spallation, an improvement in oxide self-healing, and a reduction

in internal oxidation. Delaunay et al. investigated the protective qualities of the Ni3(Nb,Mo) layer,

reporting improvements in the oxidation resistance of IN718 by acting as a diffusion barrier against

Cr [185]. Contradictory findings state that 𝛿-phase may deteriorate the protective qualities of the

oxide scale. Parizia et al. [15] stated that the formation of theNi3(Nb,Mo) layer leads towrinkling of

the scale, generated by growth stresses viamismatch in the volume expansion coefficients between

chromia, 𝛿-phase, and the bulk [7]. This is believed to accelerate oxidation by causing micro-

cracking in the protective chromia via a volume change in the scale/alloy interface [7, 9, 15].

Surface roughness and residual stresses in Ni-based superalloys directly influence oxidation

rates by affecting the grain boundary and dislocation density in the surface [67]. A key drawback

for the application of AM is that the additive surface roughness is high (R𝑎 ∼ 15 µm for vertical

surfaces), often too rough and non-uniform for use in industry [10, 13, 133, 187]. This can lead to

oxidation rates 100 × higher than the standard expected for wrought alloys [16]. Surface topology

may affect the precipitation of the 𝛿-phase, by altering the Cr depletion profile underneath the

scale.

Research is needed to establish post-process heat-treatments and surface finishes optimised

for oxidation resistance in AM components, and to characterise their influence on mechanisms

of oxidation. An investigation of the isothermal oxidation behaviour of L-PBF IN625 at 950℃ for

1000 h was conducted, using as-built and solution-treated tokens to evaluate the effects of grain

size and microsegregation. A series of surface finishes applicable to AM were selected to evaluate

their effect on the oxidation rate, the oxidation-affected region, and growth of the 𝛿-phase layer.
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6.4 Material and Methods

6.4.1 Materials

Specimens were built using an EOS M280 (400W) L-PBF machine with the default IN625 Perfor-

mance 1.10 parameter set. Two builds were completed: Builds 1 and 2 (Figure 6.1). IN625 powder

particle sizes of 15 – 45 µm were used with a layer thickness of 40 µm. The powder chemical com-

position was measured using inductively coupled plasma mass spectroscopy (ICP-MS) and X-ray

fluorescence (XRF), in accordance with ASTM F3056-14 (see Table 6.1) [243].

In order to compare the oxidation behaviour of the as-built and solution treated microstruc-

tures, 72 fully dense cylinders (Figure 6.1(a)) (14 mm diameter, 125mmheight) weremanufactured.

A set of cylinders underwent solution-treatment at 1177∘C for 1 h in air, followed by a water

quench [122]. Disks (14 mm diameter, 2 mm height) were cut from both as-built and solution-

treated cylinders using electrical dischargemachining (EDM). Specimen surfaceswere then ground,

and the edges were chamfered at 45∘ using wet SiC papers to 4000-grit (approximately R𝑎 = 6 µm).

To investigate the effect of additive surface roughness, a set of 420 fully dense individual disks

(14 mm diameter, 2 mm thickness) of L-PBF IN625 were manufactured (Figure 6.1(b)). To remove

14 mm

14 mm

2 m
m

2 m
m

120 m
m

BD

a) Build 1
Effect of microstructure

b) Build 2
Effect of surface finish

Build plate Build plate

Figure 6.1: A Schematic showing the orientations of L-PBF IN625 samples fabricated in
Build 1 and 2. Build 2 tokens include bar-supports. BD indicates the building direction.

Table 6.1
MeasuRed composition foR L-PBF IN625 powdeRs, Batch 1 and Batch 2 foR this
study.

Alloy Element (wt.%)

C Mn Si P S Cr Co Mo Nb Ti Al Fe Ni

IN625 Powder - <0.01 0.07 <0.01 - 21.27 0.04 9.02 3.65 0.10 0.11 3.66 Bal.

Batch 1 - 0.02 0.11 <0.01 - 21.94 0.05 9.69 3.88 0.12 0.16 3.95 Bal.

Batch 2 - <0.02 0.05 <0.01 - 21.51 <0.02 9.48 3.87 0.11 0.130 3.50 Bal.
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Table 6.2
OveRview of mateRials, heat tReatments and suRface finishes investigated.

Build no. Sample condition Surface finish

Ra (µm) Rz (µm) Sa (µm) Sv (µm)

1 – Microstructure Ground (AB) 0.14 0.01 - -
Ground (ST) 0.14 0.01 - -

2 – Surface finish Additive (ST) 9.10 33.80 6.80 33.50
CHEF (ST) 0.40 2.20 0.90 15.00

AB = As-built.
ST = Solution-treated (1177∘C 1h, water quench).
Ra = Arithmetical average relative to base length.
Rz = Maximum valley depth below the mean line.
Sa = Maximum valley depth of a selected area.
Sv = Arithmetical mean height of the selected area.

microstructural anisotropy, the specimens underwent solution-treatment in an argon back-filled

quartz ampule [122]. Centrifugal High Energy Finishing (CHEF) was selected as an alternative

surface finish applicable to complex AM components, producing a smooth surface finish with

high compressive residual stresses similar to that of shot-peening (∼550 MPa) [137]. The CHEF

tokens were produced in three stages: (1) cutting for 120 minutes with ceramic and 50 ml of LQ18

reagent/water mix (light descaling agent to remove oxides, pH = 1 – 2); (2) smoothing for 120

minutes with ceramic and 50 ml of LQ16 reagent/water mix (concentrated cleaner for polishing,

pH = 8.5 – 9.0); (3) polishing for 60 minutes in dry maize. Fresh media was used at the start of each

stage [137].

Sample surface roughness was determined using a combination of techniques. An Alicona

InfiniteFocus confocal microscope at ×5 magnification was used, and the data analysed using the

InfiniteFocus Suite. Area measurements were investigated to take into account the non-uniform

surface of AM components. For comparison, a Fowler Surf-corder SE1700 Rugosimeter surface

analyser was also used, applying a Gaussian fit to peaks recorded.

A summary of the sample specimen types can be viewed in Table 6.2.

6.4.2 Isothermal oxidation testing

Isothermal oxidation testing was conducted at 950∘C in laboratory air and pressure for t = 24, 100,

500, and 1000 h in a Lenton Thermal Designs horizontal tube furnace. The furnace was calibrated

to give a heat zone correct to ±1∘C using calibrated R-type and K-type thermocouples.

Prior to exposure, samples were degreased in acetone in an ultrasonic bath, then dried with
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air. Specimen dimensions were measured using a screw gauge micrometer. Samples were placed

in open ceramic alumina crucibles (6 repeat tokens per condition, per exposure time) and placed

directly into the heat zone of the pre-heated furnace. After exposure, the samples were removed

from the furnace and left to cool to room temperature. Specific mass gain/area curves were gen-

erated by measuring the sample mass prior to, and after exposure using a Sartorius ME5 micro

balance (± 0.00001 g).

6.4.3 Microstructural characterisation, SEM, TEM, XRD

Prior to exposure, metallographic specimens were cut via EDM and mounted in Bakelite. Fol-

lowing their oxidation, oxide cross-section specimens were also produced for each condition,

per time period. This was carried out by sputtering the tokens with gold, Ni-plating and then

mounting in low-shrinkage cold-setting resin. The mounted samples were cut into halves using

a Struers Accutom-50 with a SiC blade to reveal the oxide cross-section. Metallographic samples

were ground using wet SiC papers, and polished to 0.25 µm mirror-finish using colloidal silica

solution (OP-S). The microstructure was examined using SEM with backscattered electrons (SEM-

BSE) and energy dispersive spectroscopy (EDS), conducted using a JEOL 6060 SEM, with Oxford

INCA EDS at 20 kV. Cr depletion profiling underneath the oxide scale was carried out using EDS

line scan data fit to Fick’s second law of diffusion. This allowed for the calculation of depletion

depth, and approximation of Cr diffusion coefficients in each condition, see Equation (6.1) [67]:

𝑁𝐶𝑟 = 𝑁 (𝑆)
𝐶𝑟 + (𝑁 (𝐵)

𝐶𝑟 − 𝑁 (𝑆)
𝐶𝑟 ) ⋅ erf ⋅ ( 𝑥

2√𝐷𝑡
) (6.1)

where x is the distance from the scale/alloy interface,𝑁𝐶𝑟 is the Cr content inmol fraction,𝑁 (𝑆)
𝐶𝑟

is the Cr content at the scale/alloy interface, 𝑁 (𝐵)
𝐶𝑟 is the Cr content in the bulk, 𝐷 is the diffusion

coefficient of Cr in the alloy in m2/s, and t is time in seconds. For the fit, the initial prediction for

the diffusion coefficient of Cr in a Ni-Cr alloy was taken to be approximately 2.64 × 10−16 m2/s,

taken and adapted from Ruzikova et al. [257].

External oxides were examined using SEM with BSE and secondary electrons (SE). Fiji im-

age processing software was applied to measure oxide thickness and to quantify the amount of

Ni3Nb 𝛿-phase formed at the scale/alloy interface [249]. The 𝛿-phase was measured as a percent-

age coverage along the line of the scale/alloy interface, across 10 repeat micrographs of the same

magnification, for each condition, per time period.

Electron backscatter diffraction (EBSD) was carried out to determine texture and grain size

using a JEOL 7000F FEG-SEM at 20 kV, equipped with an Oxford Instruments Nordlys EBSD detec-
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tor. Depending on the microstructure examined, step sizes ranging from 1.5 – 2.5 µmwere applied,

over maximum scanning areas of 800 × 600 µm2 to produce inverse pole figure (IPF) maps repre-

sentative of the sample. MATLAB was used with the MTEX toolbox to generate IPF maps from

EBSD data [250–254]. Average grain size (D50) measurements were calculated using the Heyn

Lineal Intercept method (ASTM E112-13) in the XY and XZ directions using IPF maps generated

[275].

To examine voids present in the oxidation-affected sub-scale, Transmission ElectronMicroscopy

(TEM) was performed. Thin lamellae were prepared via a Thermofisher Helios 660 Xe plasma Fo-

cused Ion Beam (FIB) using a standard FIB-lift out method to mill and clean the sample [265].

TEM was carried out using a FEI Talos F200x fitted with Super-X-Detectors EDS capability. A

beam energy of 200 kV was used, with a dwell time of 10 µms to collect EDS maps and line scans.

To identify the oxide crystal structure, X-ray Diffraction (XRD) was performed using a Proto

AXRD Benchtop X-ray Diffractometer with a Cu K𝛼 radiation source, indexed between 2𝜃 = 20 –

100∘, with a step size of 0.03∘.

6.4.4 Measuring oxide residual stress

To investigate residual stress in the surface of the scale, the XRD sin2(𝜓 ) method was applied

using a Rigaku Ultima IV automated multipurpose XRD, as outlined by the National Physical

Laboratory (NPL) standard [172]. Data from the Inorganic Crystal Structure Database (ICSD) was

used to obtain the characteristic interplanar spacing (d0) for a perfect, non-stressed chromia of d0 =

0.16721 nm for the (116) plane [262].The high intensity 55∘ 2𝜃 reflection of chromia (corresponding

to the (116) plane) was selected to ensure small changes in d and the angular position of the

reflection were significant enough for the accurate determination of residual stress in the oxide

surface. The interplanar spacing shift in the 55∘ reflection was measured over a 2𝜃 range of 52.5

– 57.5∘, using a step size of 0.03 – 0.04∘, and dwell times of 20 – 40 s, dependent on the thickness

of the scale investigated. Seven values of 𝜓 were investigated: 0.000∘, 20.705∘, 30.000∘, 37.761∘,

45.000∘, 52.239∘, and 60.000∘. The values of 𝜓 were selected to provide equidistant values of sin2(𝜓 )
from 0 – 0.8, for comparison to results obtained for pure chromia by Guerain et al. [167]. The

elastic constants for pure chromia were taken as follows: E116 = 334.5 GPa, and 𝜈116 = 0.264, taken

from Guerian et al. [167] and Panicuad et al. [261]. The stress state of the oxide was determined

by plotting a straight-line graph of the interplanar spacing of chromia, d, against sin2(𝜓 ), then
calculating the gradient of the fit, m, [172, 276]:
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𝜎𝜙 = ( 𝐸
1 + 𝜈 ) ⋅ 𝑚 (6.2)

where 𝜎𝜙 is the stress in the oxide, E is the Young’s modulus of the oxide, 𝜈 is the Poisson’s

ratio of the oxide, and m is the gradient of the fit line.

6.5 Results

6.5.1 Microstructural characterisation

Figure 6.2 shows the SEM-BSE micrographs and EBSD IPF maps of as-built L-PBF IN625, and

the microstructure following solution-treatment. The as-built material demonstrated a fine cel-

lular microstructure, with grains <22 µm in size, and cells in the XY direction approximately 1

µm in diameter across both builds [275]. Fine cells extended parallel to the build direction, with

strong texturing effects observed in the ⟨100⟩ direction. The as-built microstructures observed

across Builds 1 and 2 were deemed to be similar, showing no significant difference in chemical

composition using EDS, or in cell/grain size and morphology.

Figure 6.2: SEM-BSE micrographs and IPF maps of the as-built and heat-treated mi-
crostructures of L-PBF IN625 across Build 1 and Build 2, where BD indicates the build-
ing direction. Solution-treated material across both builds showed the same equiaxed
and recrystallised microstructure. Solution-treated micrographs were taken using Build
2 materials.
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The solution-treated microstructure was revealed to be fully recrystallised, with equiaxed

grains <25 µm in size, demonstrating a complete transformation from the as-built structure. A

random texture was exhibited throughout the microstructure, showing the elimination of texture

effects resultant of the L-PBF process. When compared to as-built material, the solution-treated

IN625 (see Figure 6.2) showed a decrease in the number and size of precipitates observed, suggest-

ing the successful redistribution of solute during the heat treatment [191].

6.5.2 Surface roughness

The surface roughness measurements recorded for L-PBF IN625 can be viewed in Table 6.2, and

the associated surface profile height variation maps for the CHEF (ST) and additive (ST) tokens

are shown in Figure 6.3 (a) and (b), respectively. Following AM, un-melted powder particles were

observed to be adhered to the additive surfaces, see Figure 6.3 (b). In the absence of any surface

finishing, additive surfaces yielded mean surface S𝑎 values of 6.80 µm, with mean average height

variation S𝑣 ≤ 33.50 µm.This was deemed representative of AM surfaces investigated in literature,

where surfaces are reported to show S𝑎 ≥10 µm, with best cases reaching S𝑎 = 1.5 – 6 µm along the

surface of an additive component [41, 88, 132, 277]. Following CHEF, a significant improvement

in the surface finish was observed, where roughness was reduced to sub-micron levels of S𝑎 =

0.90 µm, with S𝑣 = 15.00 µm. This was within the range observed for similar L-PBF components

finished using CHEF [137].

Figure 6.3: Confocal images showing the height variation observed across the (a) CHEF
(ST) surface, and (b) as-received additive (ST) surface L-PBF IN625 samples, both mea-
sured in the XY orientation. The two conditions use two different colour styles, in order
to highlight the features present, e.g. the labeled powder particles present in the case of
the additive surface tokens.
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6.5.3 Isothermal oxidation

The oxidation data for all conditions of L-PBF IN625 was collected and fit to the classical Wagner

equation, (Equation (6.3)), and log-log plots were generated for each data set, to determine the

exponent n. For comparison, the parabolic and cubic rate constants (Table 6.3) were calculated for

all conditions:

(Δ𝑚)𝑛 = 𝐾 ′𝑛 ⋅ 𝑡 (6.3)

where Δ𝑚 is the specific mass gain/area (g/cm2), 𝐾 ′
n the growth rate constant (g/cm2)𝑛/s), and

𝑡 is the exposure time (s).

The fit applied to themeanmass gain data for all conditions can be viewed in Figure 6.4, plotted

using their respective n-values into Equation (6.3), against standard wrought IN625 data taken

from Chyrkin et al (using tokens with a comparable starting surface finish of 0.25µm) [1]. Sub-

parabolic oxidation behaviour (n>2) was observed (see Figure 6.4, Table 6.3), with the exception of

the additive (ST) tokens, which showed a departure to cubic behaviour (n = 3). This contrasted the

typically parabolic behaviours observed in wrought Ni-based superalloys [1–4, 7, 9–11, 173, 278].

Ground (AB, ST) tokens showed approximately the samemass gain over 1000 h exposure, showing

lower rates of oxidation compared to wrought IN625. Higher surface area and residual stresses in

the additive (ST) and CHEF (ST) led to accelerated growth of oxide, respectively.

Table 6.3
Values of the exponent, 𝑛, paRabolic, 𝐾𝑃 , and cubic, 𝐾𝐶 , Rate constants foR the
oxide gRowth at 950∘C, 1000 h foR L-PBF, and wRought IN625 (with staRting suR-
face finish of 0.25µm) fRom liteRatuRe.

Condition 𝐾𝑃 (mg2/cm4/s) n 𝐾𝐶 (mg3/cm6/s)

Ground (AB) 7.60 (±0.04) × 10−7 2.6 (±0.1) 0.88 (±0.04) × 10−6

Ground (ST) 6.00 (±0.04) × 10−7 2.7 (±0.1) 0.71 (±0.03) × 10−6

Additive (ST) 2.41 (±0.38) × 10−6 3.0 (±0.2) 2.30 (±0.09) × 10−6

CHEF (ST) 1.35 (±0.06) × 10−6 2.4 (±0.2) 7.90 (±0.58) × 10−6

Wrought [1] 1.61 × 10−6 2.0
1 Data taken from Arrhenius plot, taken from Chyrkin et al. [1].
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Figure 6.4: Mean mass gained/area vs time for each condition of L-PBF IN625, oxidised
at 950∘C for up to 1000 h compared to wrought IN625: (a) Plots comparing the effect of
microstructure, (b) Plots comparing the effects of surface finishing. Wrought data taken
from Chyrkin et al. [1].

6.5.4 Oxide cross-section analysis

6.5.4.1 External oxide

Figure 6.5 shows SEM-BSE cross-sections and the top view of the oxide scales produced for L-PBF

IN625 after 24 h – 1000 h at T = 950∘C. A combination of EDS maps, point scans and XRD patterns,

Figure 6.6 and Figure 6.7, determined that all conditions formed Cr2O3 external oxide with slight

Mn enrichment incorporated throughout. The Mn enrichment in the scale was most prominent in

the additive (ST) samples (Figure 6.7), identified via XRD to be Ni(Mn0.2Cr1.8)O4 spinel.

For Ground (AB) and Ground (ST) samples, the morphology of the protective chromia ap-

peared to be porous (Figure 6.8), and fairly uniform in thickness (Table 6.4), increasing from an

average of <2.5 µm to <10 µm at 24 h and 1000 h, respectively [1, 191]. From SE external oxide

micrographs obtained after 24 h (Figure 6.5), it was observed that the Ground (ST) tokens showed

enhanced oxidation along grain boundaries. This was less apparent in the Ground (AB) samples.

The additive (ST) surface tokens investigated showed a non-uniform andwrinkled scale, where

un-melted IN625 powder particles adhered to the surface oxidised preferentially. A thicker oxide

scale was observed along these powder particles, measured on average to be 4.0 (± 0.4) µm thick,

compared to 1.0 (± 0.2) µm across the smoother surfaces of the sample after 24 h. In some cases,

the un-melted powder particles were observed to be consumed by oxidation completely, as shown

in Figure 6.5 and Figure 6.9. Cracking was also observed inside the oxidised powder particles after

24 h of exposure, see Figure 6.5. The CHEF oxide tokens showed a highly wrinkled oxide scale

after 1000 h of exposure. Thinner oxide scales were observed in the more complex surface finishes

investigated, additive (ST) and CHEF (ST) compared to ground tokens.
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Figure 6.5: Summary of SEM-BSE oxide cross-sections for L-PBF IN625 exposed to 950
∘C in laboratory air and pressure for 24-1000 h. SE image inserts show the XY external
oxide formed upon the surface of each sample condition after 24 h exposure.

Figure 6.6: BSE-SEMmicrograph showing the oxide cross-section through as-built L-PBF
IN625 exposed to 950∘C in laboratory air and pressure for 1000 h, with the corresponding
EDS maps: Cr, Al, Nb, Mn.

6.5.4.2 The near-continuous 𝛿-phase (Ni3Nb) layer

A Nb-rich phase was detected as discrete islands at the scale/alloy interface from 24-1000 h, be-

coming near-continuous with extended exposures of t >500 h (see Figure 6.5 and Figure 6.6). A

combination of XRD and EDS identified this phase to be the Ni3(Nb,Mo) 𝛿-phase [7, 9, 53, 191].The

percentage coverage of the 𝛿-phase across the scale/alloy interface from 24 and 1000 h of exposure
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Figure 6.7: XRD patterns obtained for L-PBF IN625 exposed to 950 ∘C for 1000 h. The
identified peaks are labelled and outlined in the legend. ICSD collection codes: Ni – 8688,
Cr2O3 – 261801, Ni3Nb – 105175, NiMn0.2Cr1.8O4 – 9407.

is shown in Figure 6.8. The 𝛿-phase coverage was observed to increase from 50% at the scale/alloy

interface after 24 h, to up to 75% for the Ground (AB) and Ground (ST) samples after 1000 h.

The coverage and morphology of the 𝛿-phase was observed to have evolved differently across

the additive (ST) and CHEF (ST) tokens. Significantly less 𝛿-phase was measured to cover the

interface in the additive (ST) and CHEF (ST) tokens, with only 40% coverage after 1000 h. In par-

ticular, the additive (ST) tokens showed preferential formation of 𝛿-phase as islands inside of

the un-melted powder particles adhered to the surface of the tokens, rather than alongside the

scale/alloy interface as seen throughout literature for oxidised IN625 and the ground surface sam-

ples in this study (see Figure 6.5 and Figure 6.9). The CHEF (ST) tokens however, exhibited 𝛿-phase
growth inside the wrinkled and suspected buckled areas of the oxide film.

Spallation of the scale was observed visually in all cases after 100 h. This was more significant

in the additive (ST) and CHEF (ST) cases, where chromia was found to delaminate from the sur-

face, leaving behind the exposed 𝛿-phase islands at the scale/alloy interface. An example of this

phenomenon can be viewed in Figure 6.8(b), (c) and (d), showing delamination of the oxide scale

from the near-surface 𝛿-phase following oxidation periods of 1000 h.
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Figure 6.8: Spallation of the oxide revealing 𝛿-phase presence beneath the scale, for
solution-treated ground L-PBF IN625 exposed for 1000 h. (a) BSE-SEMoxide cross-section
showing awell adhered chromia scale, (b) BSE-SEMoxide cross-section showing a spalled
area of oxide, (c) external oxide SE-SEM showing spalled oxide, (d) EDS maps showing
enrichment in Ni, Nb, Mo underneath the spalled region, indicating oxide delamination
from the near-continuous 𝛿-phase, (e) a bar chart showing growth of the 𝛿-phase as per-
centage coverage at the scale-alloy interface for all conditions of L-PBF IN625.

6.5.4.3 Internal oxides and voids

Beneath the scale, extensive inter/intragranular Al-rich oxides were detected and identified to be

Al2O3 using EDS mapping and point scanning (Figure 6.6(c) and Figure 6.9 (e)). These formed at

the substrate grain boundaries, penetrating depths from 30 – 55 µm for all conditions [135]. An

additional small presence of Ti-enriched oxide, taken to be TiO2, was detected using EDSmapping

at the scale/alloy interface as internal oxide along grain boundaries in the Ground (ST) samples

after 1000 h. Powder particles adhered to the surface of the additive (ST) tokens were also shown
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Figure 6.9: BSE-SEM micrograph and corresponding EDS maps (Cr, O, Nb, Al) showing
oxide cross-sections for additive (ST) tokens of L-PBF IN625, oxidised for 500 h. Note the
Nb distribution localised to the centre of the oxidised powder particle, and Cr enrichment
in voids present in the sub-scale.

to exhibit severe internal oxidation (Figure 6.5).

Alongside alumina internal oxide on grain boundaries, voids formed in the oxidation-effected

region from 24 – 1000 h. In particular, the additive (ST) and CHEF (ST) tokens showed the most

evidence of void formation, see Figure 6.9, particularly visible after 500 h where ridge and spheri-

cal voids appeared beneath the oxide scale. Ridge voids were present more so in the Ground (AB)

tokens along grain boundaries and have interestingly not been observed previously in conven-

tionally manufactured materials in the literature [1]. Possible ridge void presence was confirmed

via FIB lamellae thinning, where STEM-EDS mapping and line scans revealed voids to be absent

of any oxide, as shown in Figure 6.10. Some interfacial voids present in the additive (ST) tokens

were also found to have become back-filled with Cr2O3 (see Figure 6.9) due to the higher oxygen

partial pressure here, a common feature observed in the literature for IN625 due to Cr depletion

in the oxidation-effected region [1].

6.5.4.4 Oxidation-affected region: Cr depletion and precipitation

Nb and Mo-rich precipitates formed inter/intragranularly in the bulk following exposure for all

cases but were most apparent in the Ground (AB) samples, particularly after 24 h of exposure

at 950∘C (Figure 6.5). EDS point scanning and evidence posed from modelling using Thermo-

Calc (TCNI8 Ni-based superalloy database) suggests these were most likely a combination of

Ni3(Nb,Mo) and (Nb,Mo)6C, supporting findings in the literature for IN625 [7, 9, 47, 191]. The dis-

tribution of these precipitates changed over time, where a precipitate free zone from 5 to 150 µm

was formed following from 24 – 1000 h exposure, respectively, agreeing with findings by Chyrkin

et al. [7]. Coarsening of grains was observed in the oxidation-affected region for all conditions,
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Figure 6.10: (a) SE-SEMmicrograph showing an oxide cross-section through Ground (AB)
L-PBF IN625 oxidised for 100 h at T = 950∘C, indicating the region of a FIB lift-out. (b)
Shows the trenching of the FIB lift-out sample during the thinning stages. (c) A High
Angle Annular Dark Field (HAADF) micrograph showing a ridge void formed in the
Ground (AB) sub-scale after 100 h, with the corresponding STEM-EDS maps (d) showing
the elemental distribution of Ni, O, Al, and Ti.

where an increase from (21.95 ± 0.80) µm to (28.44 ± 2.31) µm) was observed in the most extreme

case of the CHEF (ST) tokens.

To further understand the oxidation mechanism, the microstructure and composition in the

oxidation-affected zone underneath the oxide scale was investigated. To examine chromia growth

and void formation, Cr depletion profiles were generated using Equation (6.1) and can be viewed

in Figure 6.11 [66]. From the fit, values for the Cr depletion depth (µm) and Cr diffusion coefficients

(m2/s) were extracted, shown in Table 6.4. Cr depletion profiles were found to extend into the bulk

at depths up to 140 µm. Additive (ST) and CHEF (ST) tokens showed a deeper Cr depletion profile

beneath the oxide scale compared to the Ground (AB,ST) conditions, showing depletion of < 14

wt.% Cr at the scale/alloy interface.

Overall, the oxidemorphology obtained in the ground samples (Figure 6.5) were representative

of those typically observed in the literature for IN625, AM and wrought Ni-based superalloys

[1, 3, 7, 15, 16, 173, 175, 176, 187].
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Figure 6.11: Chromium depletion profiles generated for all conditions of L-PBF IN625
after oxidation at 950∘C for 1000 h. Profiles generated from EDS line scan measurements
averaged and fitted to Fick’s second law of diffusion, Equation (6.1) [66].

Table 6.4
Oxide thicKness, chRomium depletion depth and calculated chRomium diffusion
coefficients measuRed foR all sample conditions of L-PBF IN625, afteR 1000 h ex-
posuRe at 950∘C.

Sample Oxide thickness (µm) Depletion depth (µm) Diffusion coeff. (m2/s)

Ground (AB) 10.3 (± 0.6) 110.0 (± 10.0) 2.9 × 10−16 (± 6.1 × 10−17)
Ground (ST) 10.6 (± 0.4) 120.0 (± 14.0) 4.1 × 10−16 (± 9.9 × 10−17)
Additive (ST) 6.9 (± 0.4) 140.0 (± 3.0) 7.0 × 10−16 (± 1.2 × 10−16)
CHEF 8.4 (± 0.5) 140.0 (± 0.6) 4.3 × 10−16 (± 7.9 × 10−17)

6.5.4.5 Stress in the oxide scale: XRD sin2(𝜓 ) oxide stress measurements

The XRD sin2(𝜓 ) method for measuring surface stress was applied to all sample conditions after

1000 h exposure [172, 276]. The compressive stresses of the oxides obtained after 1000 h, for all

conditions of L-PBF IN625 were calculated according to Equation (6.2) and can be viewed in Fig-

ure 6.12. The compressive stresses measured in the oxides ranged from −0.64 to −2.20 GPa, where

samples with ground surfaces exhibited higher levels of compressive stresses in the oxide surfaces

after 1000 h of exposure. The additive (ST) and CHEF (ST) conditions showed diminished levels of

compressive stress in the external oxide, indicating possible relaxation of the scale via spallation.
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Figure 6.12: A bar chart showing the compressive stresses measured using the XRD
sin2(𝜓 ) method, for surface oxides formed for all conditions of L-PBF IN625, exposed
to 950∘C for 1000 h.

6.6 Discussion

6.6.1 The effects microstructure upon oxidation

6.6.1.1 Microstructure characterisation - Ground (AB, ST)

The results obtained were in-line with observations found throughout literature for AM IN625

[35, 44, 116, 118, 191]. Precipitates observed were taken to be likely a mixture of MC primary car-

bides (Nb, Mo, Ti), and 𝛿-phase. In a previous study by the authors using the same L-PBF IN625

material and heat-treated conditions, sub-micron globular intermetallic precipitates enriched with

Nb (approx. 7 wt.%) were found to decorate grain boundaries in small amounts [191]. These pre-

cipitates were identified to be primary NbC from similar findings in literature [36, 38, 89, 92, 191].

The strong texturing effects observed in the ⟨100⟩ direction were also consistent with previous

research for the AM IN625, and other similar AM superalloys such as IN718 [34, 99, 104, 176].

The solution-treated microstructure obtained was comparable to conventional wrought an-

nealed IN625 found in literature, where SEM-EDS found the composition of both the as-built and

solution-treated alloy to be in line with the specified composition for the alloy [1, 7, 9, 243, 279].

6.6.1.2 Oxidation kinetics - Ground (AB, ST)

From Figure 6.4(a), it was shown that anisotropy resultant of the AM microstructure did not sig-

nificantly alter the oxidation kinetics, leading to similar mass gain values in the Ground (AB, ST)

samples compared to wrought IN625 observed in literature [1]. Parabolic growth rates calculated

were slower than those found in wrought Ni-based superalloys, regardless of heat treatment. It is

important to note, that the exposure temperature of 950∘C is close to IN625’s solutionising temper-
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ature of 1050∘C, therefore it is likely the as-built material experienced recrystallisation during the

early hours of exposure. This would produce an equiaxed grain structure similar to the solution-

treated alloy, and a similar density of grain boundaries for ion transport. Note, the wrought data

extracted from Chyrkin et al. [1] was based upon samples fabricated with a 0.25 µm mirror-finish,

meaning accelerated growth rates would be driven by microstructural feature differences, such

as compositional variations between samples. The samples investigated in by Chyrkin contained

0.30 wt.% Al, approximately twice the amount present in the samples built in this study (0.13–0.16

wt.%) [1]. This is likely to have contributed to greater amounts of internal oxidation, and thus a

greater mass gain overall.

The Ground (ST) samples exhibited a slightly slower growth rate, supporting previous finding

by the authors and Parizia et al. [15, 191]. The authors attribute this effect to the lower density of

grain boundaries for diffusion of Cr in the equiaxed heat-treated material, compared to the fine

microstructure shown in Ground (AB) material [4, 195].

The alternative surface finish tokens, the additive (ST) and CHEF (ST) tokens (Figure 6.4(b)),

however showed accelerated oxidation rates compared to the ground tokens, as well as similar

wrought Ni-based superalloys in the literature [1, 7, 10, 11, 278, 280]. It was noted that spallation

of the protective oxide was observed on cooling of the additive surface and CHEF cases after 24

h exposure, leading to a larger variation in the mass gain. This was also observed in the Ground

(ST) cases, though to a lesser extent.

6.6.1.3 Oxide film analysis - Ground (AB, ST)

Ground samples (AB and ST) showed approximately the same oxide morphology and chemical

composition. The only noticeable difference was that enhanced grain boundary oxidation was

observed after 24 h of exposure in the Ground (ST) samples (Figure 6.5), due to grain boundaries

acting as short circuit diffusion pathways for ion transport to the scale. This led to the formation

of external oxide ridges over grain boundaries [173, 187, 237]. This effect was diminished after 100

h, where the oxide became thicker and more evenly distributed across the surface. Literature has

reported these oxide ridges to be decorated with Ti, but this was not found in the present study [1].

This phenomenon was less apparent in the Ground (AB) sample external oxides due to the cellular

sub-grain structure. Overall, it was determined that despite differences in the oxide morphology

at short periods (t > 24 h), that the resultant oxide scale morphology was not significantly affected

by L-PBF microstructure; supporting work by Chyrkin et al. [1].

122



CHAPTER 6. MICROSTRUCTURE AND SURFACE FINISH EFFECTS, OXIDATION

6.6.1.4 Oxidation affected region: Delta-phase - Ground (AB, ST)

Underneath the oxide scale, a near-continuous layer of Nb-rich 𝛿-phase formed at the scale/alloy

interface. A significant fraction of the scale/alloy interface was covered in both the cases of the

Ground (AB) and Ground (ST) tokens, where 50% – 75% of the scale was measured after 24 h and

1000 h of exposure, respectively (see Figure 6.8). This suggests that the majority of the 𝛿-phase
coverage nucleated and coarsened laterally during the early stages of oxidation t < 24 h. These

samples also showed similar oxide thicknesses (∼ 10 µm) and Cr depletion depths (∼ 115 µm),

indicating that microstructural differences did not significantly influence the 𝛿-phase’s nucleation
at the scale/alloy interface.

6.6.1.5 Oxidation affected region: Internal oxide and Cr depletion - Ground

(AB, ST)

The Cr depletion measured in the Ground (AB, ST) conditions correlate well with the growth rate

constants obtained for these conditions, and confirms the thermodynamic relationship between

Cr depletion and the nucleation of precipitates containing Nb, Mo and C, as shown by Chyrkin

et al. [7]. In addition, indications of both spherical and ridge voids were detected in all condi-

tions of L-PBF IN625. Void formation commonly occurs due to the Kirkendall effect and vacancy

injection, following Cr depletion in the oxidation-affected region beneath the protective oxide

scale [135]. Multiple morphologies of voids have been reported in literature across several AM

Ni-based superalloys, most recently by Chyrkin et al. [1] for L-PBF IN625 oxidised at 900 – 1000∘C

[5, 10, 26, 128, 181, 187]. These were reported to form in t < 2 h of exposure, with some interfa-

cial voids becoming back-filled with oxide (Cr, Al, Ti rich) during longer exposures. This occurred

more excessively at higher temperatures where oxidation rates were accelerated, leading to faster

depletion of Cr, void formation, and direct contact between the gas phase and the metal substrate

[1].

Elongated ridge voids formed along grain boundaries following buckling and the subsequent

delamination of the oxide scale, accompanied by a corresponding oxide ridge, where the oxide

wrinkles above a grain boundary, see Figure 6.5. More ridge voids were observed in Ground (AB)

samples compared to Ground (ST). This may be due to the faster oxidation growth rate experi-

enced by the Ground (AB) materials, leading to larger growth stresses and hence buckling of the

protective oxide scale [10].

Spherical voids formed in the microstructure due to steep chromium diffusion profiles in the

oxidation-affected region. This was driven by accelerated oxidation rates and spallation of the

oxide. Possible Cr and Mo volatilisation is also possible due to the high exposure temperature
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of 950∘C, and the open flowing system present in the horizontal tube furnace. It was noted that

spherical void formation was more prominent in the Ground (ST) samples after 24 h, appearing

as long streaks along grain boundaries. This is thought to be due to the larger initial grain size

compared to the anisotropic Ground (AB) material, where fewer grain boundaries lead to slower

diffusion of Cr to the sample surface, and thus a steeper Cr depletion profile. This is supported

by recent findings by Chyrkin et al. [1], who reported that following heat treatment to remove

grain boundaries via coarsening that a slower diffusion rate was achieved. It has been discussed

in literature, that severe internal oxidation and void formation is a driving force for the faster high

temperature oxidation of AM Ni-based superalloys [1, 187]. Despite this, whilst the micrographs

obtained indicate the presence of ridge/spherical shaped voids in the subscale, further work using

FIB and TEM is necessary to fully confirm this is not resultant of oxide delamination above the

scale.

Internal oxide and void formation appears more so in AM material than wrought conditions,

particularly reported in the works by Chyrkin et al. [1] and Sanviemvongsak et al. [187] when

working at temperatures above 850∘C [1]. It is yet unclear as to why severe formation of internal

oxide and voids is so prominent in AMmaterials. Arguments can be made that the phenomenon is

not directly related to microstructural differences, but rather small variations in alloy composition

and microsegregation of key (Nb and Mo) and minor alloying elements (Si) following the L-PBF

process.

6.6.2 The effects of surface finish on oxidation

6.6.2.1 Microstructure characterisation - Additive (ST), CHEF (ST)

No significant difference was noted in the bulk microstructures observed in the additive (ST) and

CHEF (ST) tokens compared to Ground (ST) in terms of average grain size, texture and precipitates.

This was to be expected, as they both shared the same solution-treatment prior to oxidation.

6.6.2.2 Oxidation kinetics - Additive (ST), CHEF (ST)

The additive (ST) and CHEF (ST) tokens exhibited faster oxidation rates compared to both the

Ground (AB, ST) samples. This can be attributed to multiple factors, firstly, that the additive (ST)

samples have a rougher, non-uniform finish, providing a larger surface area to volume ratio for

oxidative attack. It can also be assumed that the CHEF tokens had a higher level of surface residual

stress (∼ 550 MPa [137]) present than the ground cases. Higher stress, dislocation density and an

increased defect population is assumed to have driven accelerated rates of oxidation. Spallation
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observed in these cases may have also driven re-passivation and increased rates of diffusion of Cr

to the surface to re-form chromia.

6.6.2.3 Oxide film analysis - Additive (ST), CHEF (ST)

The morphology of the additive (ST) and CHEF (ST) tokens differed greatly from those typically

observed in the literature due to their high surface roughness and surface residual stresses, respec-

tively, showing non-uniform, wrinkled oxide scales. Both the additive (ST) and CHEF (ST) samples

showed visual evidence of spallation, exhibiting thinner oxide thicknesses than their ground coun-

terparts after 1000 h, measuring thickness on average of 6–8 µm compared to 10 µm, respectively.

This was an effect of the spallation of the oxide scale, which was exacerbated in these cases due

to the higher surface roughness of the additive (ST) tokens, and surface residual stress in the case

of the CHEF (ST) tokens.

The additive (ST) samples also showed preferential oxidation of adhered powder particles on

the surface of the tokens, resultant of the L-PBF process. Many of these powder particles ob-

served after 24 h of oxidation showed significant cracking (Figure 6.5) indicating a high level of

stress in these regions. It is suggested by the authors that these areas are most likely to experi-

ence spall. SEM and EDS mapping of oxide cross sections revealed that in areas of spallation, the

protective scale here tended to delaminate, removing the powder particle/oxide scale from the

surface completely to leave the underlying 𝛿-phase layer exposed to the environment (see Fig-

ure 6.8). This supports similar findings by Kang et al. [128] who observed the same delamination

phenomena with chromia growing on near-continuous 𝛿-phase upon AM IN718. This may affect

additive (ST) and CHEF (ST) IN625 usability in critical high temperature environments, where the

re-passivation of the protective chromia may be limited due to the low solubility of Cr in 𝛿-phase
(of up to 4 wt.%); effectively making the 𝛿-layer a diffusion barrier against diffusion of Cr to the

surface. [13, 181, 185, 191].

The additive (ST) oxide in particular showed a deviation in chemical composition compared to

the other conditions investigated, where a stronger presence of the Mn-enriched spinel phase was

detected using XRD and EDS mapping (Figure 6.7). It is predicted that this was due to the faster

oxidation rates observed in the additive (ST) tokens resultant of the high surface roughness. Stott

et al. outlined the mechanism for theMn spinel formation, whereMnO is able to form via transient

oxidation at the alloy surface prior to chromia (ΔG𝑀𝑛𝑂 <ΔG𝐶𝑟2𝑂3 ) [189].TheMnO likely established

itself quicker than in the other conditions, allowing for the formation of NiMn0.2Cr1.8O4 spinel by

accelerated Mn diffusion through the growing chromia scale.

The enhanced presence of the Mn-rich spinel may provide an explanation for the more cubic
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Table 6.5
Elastic constants and fRactuRe eneRgies taKen fRom liteRatuRe foRCR2O3, Ni3Nb
and IN625 [20, 157, 165, 200, 208, 281–284].

Phase E (GPa) 𝜈 ΔT (∘C) 𝛾𝑓 (J/m2) Ref.

Cr2O3 273 – 280 0.29 930 4.4 – 6.0 [157, 200, 208, 283, 284]
Ni3Nb 212 – 268 0.34 930 [281, 282]
IN625 206 – 208 0.28 930 [20, 165]

behaviour of these oxides, where competing growth of the spinel may disrupt the growth of the

perfect stoichiometric chromia scale and reduce Cr evaporation by volatilisation [181]. Mn enrich-

ment in oxide scales has been widely investigated across multiple Ni-based superalloys from T =

700 – 1100∘C, and has been found to provide both complementary and adverse effects on oxidation

resistance at high temperatures [1, 9–11, 53, 181, 185, 189, 192, 278]. Presence of Mn spinel such as

MnCr2O4 have been found to alter oxidation kinetics when present in minor amounts, providing

improved oxide adherence through reduced chromia activity [181]. The accelerated diffusivity of

Mn compared to Cr (×102 faster), means that Mn spinel tends to form first at the scale/alloy in-

terface, and quickly diffuses through to the external oxide [189]. The Mn-spinel has been shown

to decrease inward diffusion of oxygen, suppressing further oxidation of Cr and reduce oxidation

growth rates up to ×103 [53].

6.6.2.4 Oxidation-affected region: 𝛿-phase - Additive (ST), CHEF (ST)

The 𝛿-phase morphology was influenced by surface topography and stress effects. For the more

non-uniform surfaces present in the additive (ST) and CHEF tokens, formation of the continuous

𝛿-phase layer was delayed and inhibited, where only 40% of the scale/alloy interface was covered

following 1000 h. The non-uniform morphology of these scales led to the disruption the near-

continuous coverage of the 𝛿-phase layer, forming as localised islands inside powder particles and

the peaks and troughs present in the CHEF (ST) sample case.

6.6.2.5 Oxidation-affected region: Internal oxide and Cr depletion - Additive

(ST), CHEF (ST)

Void formation in the sub-scale was enhanced for the additive (ST) and CHEF (ST) tokens. This

may be due to the non-uniform nature of the scales and severe spallation observed here. Visually,

these sample also exhibited the most relaxation in the scale via cracking, leading to significant

ingress of oxygen, and subsequent internal oxidation of Al and Ti at grain boundaries [7, 9, 173].

The presence of TiO at grain boundaries however was diminished compared to that observed by
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Chyrkin et al. and Parizia et al. [1, 15]. This is likely due to higher alloying amounts of Ti content

(Chyrkin et al.: 0.33 – 0.36 wt.% [196], Parizia et al.: < 0.40 wt.% [15]) compared to the present

study (0.11 – 0.12 wt.%).

The deeper Cr depletion profile present in the additive (ST) and CHEF surface tokens serves

to explain the enhanced presence of voids in the oxidation affected regions, shown in Figure 6.9.

Deeper depletion profiles were observed in this study compared to Chyrkin et al. [7] for wrought

IN625 after 1000 h of exposure at 900∘C. This may however be due to the higher exposure temper-

ature investigated. A deeper Cr depletion profile will result in a high net flux of vacancy injection

at the scale/alloy interface, and thus amplify the Kirkendall affect. This is attributed to their en-

hanced oxidation growth rates due to the larger surface area for oxidative attack and high levels

of residual stress in the surface compared to Ground (AB, ST) conditions.

In this fashion, the CHEF and additive (ST) tokens with deeper Cr depletion profiles should

have experienced the most 𝛿-phase coverage at the scale/alloy interface (see Figure 6.8), which

was not observed. This is attributed to the more non-uniform morphologies of the chromia scales

formed, where a more continuous 𝛿-phase layer was prevented from forming due to the sharp

wrinkles of the CHEF token scale, or the adhered powder particles present on the additive (ST)

sample cases. This led to more localised islands forming and coarsening in powder particles on

the surface, as shown in Figure 6.5 and Figure 6.9, rather than the near-continuous layers seen in

literature [1, 9, 191].This is attributed to the higher surface contact angles present at the scale/alloy

interfaces of the additive (ST) and CHEF (ST) sample cases. Higher contact angles result in a higher

Gibbs free energy barriers ΔG required for the nucleation of a phase [285].

6.6.3 Oxidation-affected region: 𝛿-phase and oxide spallation

models

To understand the significance of the presence of the 𝛿-phase at the scale/alloy interface across all

samples, oxide scale spallation models were explored by analogy to research with layered thermal

barrier coatings under compressive loads by Evans et al. [157, 286].

It is understood that the failure of a protective oxide scale via spallation occurs following a

temperature change and/or thermal cycling during a component’s lifetime in-service. This is by

consequence of the superposition of growth and thermal stresses; where thermal stresses are con-

sideredmost influential [155, 157, 159, 168]. On cooling, compressive in-plane stresses experienced

by the oxide are generated due to a difference in the thermal expansion coefficients between the

base alloy and the protective oxide, where often the expansion coefficient of the bulk metal is
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much greater than that of the growing protective oxide scale [5, 157, 159]. Regions experiencing

the largest stresses become points of failure along the scale, leading to promoted crack formation

through the scale to the scale/alloy interface, buckling, de-cohesion at the interface, and spalla-

tion of the protective scale [5, 154, 155, 157]. This may occur when continuous / near-continuous

phases precipitate at the oxide scale/alloy interface, shown to lead to the formation of wrinkled

scales decorated with cracks [15, 18, 65, 181, 237]. As this paper investigates isothermal conditions,

the initial spallation conditions will be considered.

It is common to evaluate the protective quality of a scale or thermal barrier coating by its re-

sistance to spallation following a temperature change.This can bemodelled by taking into account

the elastic strain energy of the growing oxide scale per unit volume,W *, following extensive work

by Evans et al. [157, 286]. With this knowledge, and the assumption that all stresses experienced

by the scale are only experienced during cooling to room temperature, an equation for the critical

temperature change required to initiate spallation,Δ𝑇𝑐 of the scale can be generated, Equation (6.4)

[157, 286]:

Δ𝑇𝑐 = ( 𝛾𝐹
𝜖 ⋅ 𝐸𝑜𝑥 ⋅ (Δ𝛼)2 ⋅ (1 − 𝜈𝑜𝑥)

)
1/2

(6.4)

where 𝛾𝐹 is the fracture energy of the oxide (J/m2), 𝜖 is the oxide thickness (µm), E𝑜𝑥 is the

Young’s Modulus of the oxide (GPa), 𝛼 is the coefficient of thermal expansion (/K) and 𝜈𝑜𝑥 is the

Poisson’s ratio of the oxide. An extensive derivation of this equation by Evans can be found in

[157].

If the elastic energy inside the scale increases beyond the fracture surface energy, then spal-

lation of the scale will occur; making the alloy only as strong as its protective oxide scale and by

extension its adherence to the bulk alloy [155, 157, 208].

The required information and elastic constants for chromia, IN625 and 𝛿-phase were collected

and can be viewed in Table 6.5 [20, 165, 208, 281–284]. These values were applied in Equation (6.4)

to generate curves showing the temperature change for spallationwith increasing oxide thickness,

shown in Figure 6.13, for: chromia growth on IN625, chromia growth on 𝛿-phase, and 𝛿-phase on

IN625.

It was found that when chromia grows on 𝛿-phase, ΔT𝑐 of the protective scale increases signif-

icantly, preventing instantaneous crack growth and relaxation of the scale. For a critical chromia

thickness of 10 µm, Δ𝑇𝑐 ∼ 200∘C for chromia on IN625, compared to Δ𝑇𝑐 ∼ 400∘C for chromia

growing on 𝛿-phase [1]. Therefore, it would appear that having a near-continuous 𝛿-phase at the

scale/alloy interface may serve to improve the adherence of the film and its protective qualities.
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Figure 6.13: Curves showing the critical temperature change, (ΔT 𝑐), required to initiate
spallation for increasing oxide thickness for: chromia growing on L-PBF IN625, chromia
growing on Ni3Nb 𝛿-phase, and Ni3Nb 𝛿-phase growing on IN625.

This correlates well with visual observations made, where the Ground (AB,ST) samples showing

the most 𝛿-phase coverage showed little visual spallation at all. This was compared to the additive

(ST) and CHEF (ST) tokens which showed significant spallation and accelerated oxide growth ki-

netics with less than half the 𝛿-phase coverage at the scale/alloy interface. It is understood that

the quality of the scale/alloy interface and defect concentration here will affect the adherence of

the scale, where non-uniformity and large Cr depletion in these scales will contribute to stress

generation in these samples by enhanced cracking [155]. This contrasts findings by Parizia et al.

[15] and Chyrkin et al. [7], where 𝛿-phase formation was stated to be the causation of spallation

by virtue of the differences in the thermal expansion coefficients of the bulk, chromia and 𝛿-phase.

6.6.4 Sin2(𝜓 ) oxide stress measurements

To evaluate levels of spallation and thermal stress experienced by the scale, XRD sin2(𝜓 ) mea-

surements of the oxides were carried out (see Figure 6.12). The values obtained showed the oxide

scales to be under compressive stress from −0.6 to −2.0 GPa on cooling from exposure to room

temperature.The values of compressive stressmeasuredwere deemed to be representative of those

observed for chromia forming alloys in literature, determined using a combination of both XRD

and Raman spectroscopy for residual stress measurement across multiple exposure temperatures

from 700 – 1000∘C. Values from literature show that compressive stress in chromia scales tend to
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vary from −1.2 to −3.30 GPa, depending on the exposure temperature and time [154, 167–171].

This is also to be expected for chromia, due to the Pilling-Bedford ratio, PBR > 1 (PBRCr2O3 = 2.07),

leading to compression of the scale [66, 154, 155, 157, 168]

The additive (ST) and CHEF (ST) tokens showed lower levels of compressive stress compared

to Ground (AB, ST) tokens investigated, indicating relaxation in the oxide scale by scale crack-

ing and spallation. This result shows good correlation with the visual observations made, where

spallation was more prominent in the additive (ST) and CHEF (ST) tokens. It is important to note

that these tokens showed the least 𝛿-phase coverage (around 40%), and according to Figure 6.13,

will therefore require a much smaller ΔT 𝑐 before cracks initiate in the scale and spallation oc-

cur. It appears that the surface finish controls the oxide stress state on cooling from exposure to

room temperature, and that the anisotropic as-built microstructure did not contribute to stress

generation significantly.

It is important to note, that thicker oxide scales tend to show a decreased T𝑐 for spallation.

Whilst the Ground (AB, ST) showed on average thicker oxide scales than the additive (ST) and

CHEF (ST) tokens (see Table 6.4), they did not show significant spalling on cooling for times t <

100 h. This poses further evidence for the relaxing effects of the near-continuous 𝛿-phase layer.

[157]. The non-uniform morphology of the additive (ST), and residual compressive stress present

in the CHEF (ST) surfaces will have also likely contributed to their spallation. More poorly adhered

scales tend to buckle at sharp points of curvature leading to the formation of tensile cracks and

enhanced spallation in these regions, in this case the adhered powder particles, and the sharp

wrinkles in the additive (ST) and CHEF (ST) cases, respectively [157].

One drawback of the XRD sin2(𝜓 )method is that it is difficult to separate contributions of the

oxide stress state from growth stresses generated during isothermal oxidation, and the thermal

stresses generated from thermal mismatch between oxides and the base metal, as well as strains

induced by phase changes [157]. However, good agreement has been shown between methods

using XRD against repeat measurements with Raman Spectroscopy for chromia by Guerain et al.,

hence stress values can be taken as a good reflection of the overall superimposition of stress in the

oxide scale [167]. Whilst the results obtained do not directly inform the exact stress mechanism, it

is clear that the surface morphology has a large influence on the stress state of the oxides formed,

as well as the precipitation of the near-continuous 𝛿-phase. Modelling of the ΔT 𝑐 for the alloy

with 𝛿-phase present at the scale/alloy interface suggests that this phase is key in improving the

adherence of the protective film, as evidenced by the lack of relaxation in the Ground (AB,ST)

cases with the largest coverage in 𝛿-phase.
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Figure 6.14: Arrhenius graph, showing the temperature dependence of the parabolic 𝐾𝑃
rate constants for the oxidation of L-PBF and wrought IN625 taken from literature. Note,
* indicates results obtained from this study. [2–5, 7–11, 13–17, 173, 180, 287].

6.6.5 Summary

In summary, it appears that L-PBFmicrostructure anisotropy does not affect the oxidation kinetics

of IN625, but rather surface finish is more critical in the effect upon oxidation rate. Non-uniform

surfacemorphology led to a larger surface area for oxidative attack, where a large residual stresses,

dislocation density and defect concentration contributed to rates of oxidation, leading to severe

void formation, and cracking and spallation of the protective scale. The non-uniform oxides in the

additive (ST) and CHEF (ST) cases led to the disruption of the precipitation of the near-continuous

𝛿-phase layer, leading to lower levels of coverage. This was shown to have implications on the

relaxation of the dual-layered scale when cooling to room temperature, where it is discussed that

𝛿-phase may aid in the adherence of the protective scale.

To compare the oxidation kinetics observed to standard performances in literature forwrought

and AM IN625, and the ideal case of pure chromia grown on a high chromium stainless steel, an

Arrhenius relationship diagram was generated (see Figure 6.14). Overall, oxidation growth rates

were comparable to wrought IN625, as reported by Chyrkin et al. [1] and England et al. [3], in

some cases showing similar performance to pure chromia formed on a high chromium steel [180].

Despite similarities in performance, it is clear that further research is required to optimize the

use of the alternative surface finishes, where non-uniform morphology and high residual stresses

appear to have led to increased rates of oxidation and changes to the typical parabolic behaviour

observed in Ni superalloys.
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6.7 Conclusions

The high temperature isothermal oxidation behaviour of L-PBF IN625 has been studied at 950∘C

for 1000 h in laboratory air and pressure, for different microstructures and surface finishes selected

for their applicability to additively manufactured geometries.

• Oxidation growth rates calculated showed the performance of L-PBF IN625 was similar

to wrought Ni-based superalloy, regardless of anisotropy in the as-built microstructure.

• A protective chromia scale was formed, with small additions of Ni(Mn0.2Cr1.8)O4 spinel

throughout the external scale. This was most prominent in the additive (ST) tokens,

where the authors attributed cubic behaviour to the spinel phase disrupting the diffusion

of Cr to the surface to form perfect stoichiometric chromia.

• Both Ground (AB, ST) tokens showed approximately the same morphology chromia

scale, thick and wrinkled, with a near-continuous 𝛿-phase layer at the scale/alloy in-

terface.

• The additive (ST) and CHEF (ST) surface tokens showed more non-uniform morphology

oxides, with strong wrinkling and indications of stress. Severe void formation beneath

the scale occurred due to accelerated growth kinetics and a steep Cr depletion in the

oxide-affected region.

• The effect of the near-continuous 𝛿-phase layer was investigated using strain energy

modelling and physical stress measurements of the surface oxides formed. It was demon-

strated that chromia scale growing on a continuous 𝛿-phase layer shows a theoretically

larger ΔT 𝑐 , required before the spallation of the protective scale is experienced, improv-

ing the adherence of the oxide scale.
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Chapter 7

The effects of grain boundary character on the

internal oxidation formation in Laser Powder Bed

Fused IN625

7.1 Abstract

This study explores the behaviour of Coincident Site Lattice (CSL) grain boundaries encountered

in Laser Powder Bed Fusion (L-PBF) manufactured IN625 and their resistance to internal oxida-

tion. The oxidation kinetics for as-built and solution-treated L-PBF IN625 are presented follow-

ing isothermal oxidation in laboratory air and pressure at 950∘C for times up to 1000 h. Sub-

parabolic oxidation behaviours were observed, showing oxide growth rates in the range expected

for wrought IN625 (K𝑃 ∼ 1.00 × 10−7 mg/cm2/s – 1.00 × 10−6 mg/cm2/s). Oxide growth and mi-

crostructure in the sub-scale was examined using contact profilometry, SEM, EBSD, and STEM-

EDS. The characteristics of the grain boundaries were examined in relation to the nucleation of

internal oxide. Significant fractions of CSL boundaries were formed, up to 60% following heat-

treatment and high temperature oxidation. EBSD mapping revealed that CSL boundaries demon-

strated a higher resistance to internal oxidation, attributed to lower rates of diffusion compared

to random misorientation grain boundaries. A higher fraction of CSL boundaries were found to

correlate to a shallower depth of internal oxide penetration as a result. Oxidation growth rate

however was unaffected by the slight variations in CSL fraction.

Authors: E. R. Lewis, B. Attard, Z. Gao, J. P. Magnussen, Y. L. Chui, N. Cruchley, A. C. Cruchley,

M. M. Attallah, S. Cruchley,

7.1.0.1 Keywords:

Oxidation, Coincident site lattice, Ni alloys, Electron backscattering diffraction (EBSD), Rapid so-

lidification
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7.2 Highlights

• Laser Powder Bed Fused IN625 showed sub-parabolic oxidation behaviour similar to

wrought Ni-based superalloys.

• CSL boundary fractions (Σ≤29) were significant following heat-treatment (≤62% com-

pared to 4%), and high temperature oxidation.

• Randommisorientation grain boundaries showed enhanced internal oxidation, acting as

short circuit diffusion pathways.

• CSL boundaries showed greater resistance to internal oxidation compared to random

misorientation boundaries.

• A higher fraction of CSL boundaries in the sub-scale corresponded to shallower depths

of internal oxidative attack.

7.3 Introduction

Ni-based superalloys are susceptible to intergranular oxidation at the high temperatures typically

encountered in the nuclear, aerospace and automotive industries [19–21, 62, 66, 67]. This causes

embrittlement of the microstructure by vacancy injection and subsequent oxygen transport to

the bulk, leading to cracking and failure of the protective oxide scale [201]. It is crucial that the

external scales formed are protective to inhibit oxygen ingress and enhanced ionic transport across

the interface [66, 67].

Additive Manufacturing (AM) techniques like Laser Powder Bed Fusion (L-PBF) have been

adopted to allow for greater freedom of design for complex near-netshape components for use

at elevated temperatures [33, 41, 98, 121, 274, 288]. The oxidation performance of L-PBF IN625

has been widely investigated in high temperature air, producing parabolic oxidation rates sim-

ilar to traditionally fabricated Ni-based superalloy via forging or casting [1, 9, 10, 13–17, 115].

Any deviations in performance are attributed to the grain size, quality of the sample density by

sub-optimal parameter selection, high additive surface roughness, and minor alloying element

variations (Si, Mn) [16, 17, 144, 166, 176, 187, 196]. Studies have also reported that AM Ni-based

superalloys show enhanced internal oxidation along grain boundaries in the substrate, leading to

accelerated oxidation kinetics compared to wrought alloy [1, 10, 187, 196, 242]. This is of special

concern, where in-service lifetime is strongly dependent on the alloys resistance to key degra-

dation mechanisms involving grain boundary diffusion, particularly Stress Corrosion Cracking

(SCC) [29, 201, 202, 207, 211, 213, 218].
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The classical dynamic embrittlement cracking mechanism involves the diffusion of oxygen

into a highly-stressed grain boundary ahead of the crack tip. This lowers the grain boundary

cohesion allowing for the propagation of an intercrystalline crack [228, 289]. Grain boundary

character has been found to influence dynamic embrittlement and the oxidation resistance of FCC

materials. Coincident Site Lattice boundaries (CSLs) such as low energy twin boundaries (Σ =

3, with 60∘ misorientation) have been reported to reduce the formation of internal oxides, thus

reducing the effects of dynamic embrittlement compared to high-angle grain boundaries [46, 173,

219, 236, 238]. This is attributed to reduced diffusivity rates resulting from their lower excess free

volume energy (1/50 compared to that of a random oriented grain boundary) [228, 230, 233, 237].

It is understood that increasing the fraction of special CSL boundaries with low diffusivity of

oxygen it is possible to disrupt the network connectivity of random high-angle boundaries present

in the matrix, thereby improving resistance to interface controlled properties such as, creep, cor-

rosion, oxidation, and fatigue [173, 228, 233, 235–238]. This can be achieved through a multi-step

process of plastic deformation and subsequent heat-treatment to induce recrystallisation and twin-

ning; introduced as a concept by Watanabe (1984) [131, 231, 235, 236, 238]. Past research into the

Grain Boundary Engineering (GBE) of wrought IN600 showed that an increase in special bound-

aries reduced the corrosion rate and intergranular SCC [229]. This effect was also reported for

wrought IN718 following works by Trindade et al., Yang et al. and Krupp et al., who observed

fewer instances of internal oxides along CSL boundaries. A shallower internal oxide attack depth

was also reported following the GBE approach [173, 228, 233].

There are few reports investigating the relationship between L-PBF IN625 grain boundary

characteristics and oxidation behaviour. Marchese et al. investigated the effect of heat-treatment

upon texturing andmicrostructure evolution in L-PBF IN625. Following solution-treatment (1150∘C

for 2 h), up to 58.5% of grain boundaries present were classified as Twins, with 60∘ misorientation.

This was then compared to as-built alloy which showed amajority of LowAngle Grain Boundaries

(LAGBs) with 1 – 10∘ misorientation. Heat-treatments at higher temperatures closer to recrystalli-

sation produced an increased number of twins.This was close to the theoretical limit of∼2/3 of the

grain boundaries exhibiting special character in FCC materials [34]. Sanviemongska et al. investi-

gated the oxidation resistance of L-PBF IN718, reporting that low CSL fractions of 35% could lead

to a marked improvement in performance by limiting the internal oxide penetration depth into the

substrate [187, 242]. It is believed that through manipulation of the microstructure via parameter

selection and heat treatment that it may be possible to improve oxidation resistance by increas-

ing the CSL fraction. In this study, samples of as-built and solution-treated L-PBF IN625 were

exposed to 950∘C for 0.5 – 1000 h. Samples were cross-sectioned, and the oxide scale removed to
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allow the inspection of internal oxide along grain boundaries using Electron Backscatter Diffrac-

tion (EBSD). The influence of heat treatment on CSL fraction and subsequent internal oxidation

will be explored.

7.4 Materials and Methods

7.4.1 Materials

Fully dense cylindrical rods of IN625 (diameter 14 mm, height 125 mm) were manufactured using

an L-PBF EOS M280W machine with the default IN625 parameter set. Powder size ranges of 15 –

45 µm were used with a layer height of 40 µm. The chemical composition was confirmed using a

combination of LECO and ICP-OES (Inductively Coupled Plasma - Optical Emission Spectroscopy)

testing is shown in Table 7.1 [243].

A set of cylinders underwent solution-treatment at 1177∘C for 1 h, followed by a water quench

to room temperature [122]. Tokens (diameter 14 mm, thickness 2 mm) of as-built and solution-

treated alloy were cut to size using Electrical Discharge Machining (EDM), and were ground using

wet SiC papers from 120-grit to 4000-grit. A final polish of 0.25 µm (R𝑎 = 0.05 µm) was applied

using OP-S colloidal silica. The token edges were chamfered to remove stress concentrators.

7.4.2 Microstructural characterisation, pre-oxidation

The as-received microstructure of both sample types was inspected following hot mounting in

Bakelite. To inspect the microstructure, samples were imaged using a JEOL 7000F Field Emis-

sion Gun Scanning Electron Microscope (FEG-SEM), with a HKL Nordlys EBSD unit with Oxford

Aztec software. Backscatter Electron (BSE-SEM) micrographs were collected using an acceler-

ating voltage of 20 kV. Electron Backscatter Diffraction (EBSD) was carried out to examine the

microstructure before and after isothermal oxidation. Samples were tilted to 70∘ and scanned at

20 kV using a step sizes and scanning areas dependent upon the sample condition: as-built tokens

Table 7.1
MeasuRed composition foR L-PBF IN625 powdeRs and cylindeRs, wt.%, used in the
pResent study.

Alloy Element, wt.%)

C Mn Si P S Cr Co Mo Nb Ti Al Fe Ni

IN625 Powder - <0.01 0.07 <0.01 - 21.27 0.04 9.02 3.65 0.10 0.11 3.66 Bal.

IN625 Cylinders - 0.02 0.11 <0.01 - 21.94 0.05 9.69 3.88 0.12 0.16 3.95 Bal.
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scanned areas of 680 × 400 µm2 at steps of 2.5 µm, and solution-treated alloy areas of 500 × 400

µm2 at steps of 1.5 µm. EBSD data obtained was plotted and analysed using code from the MTEX

MATLAB framework [250–254]. The average grain size (diameter µm) was calculated from the IPF

maps generated using the Heyn Lineal Intercept method [255].

Grain boundary character was analysed according to the Palumbo-Aust criterion and applied

to EBSD IPF maps obtained for each condition. The Palumbo-Aust criterion classifies each type of

boundary within the CSL framework (Σ ≤ 29), calculating the maximum geometrically allowable

deviation from the misorientation [236]:

Δ𝜃 ≤ 15 ⋅ (Σ) −56 (7.1)

where Δ𝜃 is the allowable angular deviation (∘), and Σ is the reciprocal of the number of coin-

cident sites between neighboring grains.

The frequency of CSL boundaries was calculated as a length fraction of the total grain bound-

ary length.

7.4.3 Isothermal oxidation

Isothermal oxidation testing was carried out in laboratory air and pressure for exposure tempera-

tures of 950∘C for time periods of 0.5 h – 1000 h. A pre-heated Lenton Thermal Designs horizontal

tube furnace was used. Calibration of the furnace was carried out using a combination of K-type

and R-type thermocouples to determine the heat-zone correct to ±1 ∘C. Prior to testing, all sam-

ple types were degreased in acetone in an ultrasonic bath for 5 minutes, then dried in still air.

Six repeat samples were used per time, per conditions. These were placed into open air alumina

crucibles, and then into the pre-heated furnace heat-zone. Oxidation kinetics were determined

using the specific weight gained by each sample upon removal using a calibrated microbalance

(±0.00001 g). This was measured and fit to the classical Wagner’s equation [66, 67].

7.4.4 Microstructural characterisation, post-oxidation

Optical microscopy was performed to examine the external oxide using a Zeiss Axioscope 5 mi-

croscope at ×10 magnification. To further inspect the topography of the external oxide, 2D and 3D

surface profiles were collected. A NanoMap-LS 3D contact profilometer was used, equipped with

a 1 µm stylus tip for scanning areas of 500 × 400 µm2. A dwell time of 20 µm/s was selected, and

a contact force of 15 mg.
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To allow for EBSD analysis of the microstructure beneath the oxide scale, selected tokens were

vibropolished to remove their surface oxide. A Buehler VibroMet2 tabletop vibratory polisher was

used with 0.25 µm OP-S suspension as lubricant for t<50 h. To inspect the oxide cross-sections,

oxide tokens were sputtered with gold, and Ni plated. To section, samples were cold-mounted

using low shrinkage resin and cut in half. These were then polished to a 0.25 µm finish. Cross-

sectional features such as internal oxidation penetration depth were measured and analysed using

Fiji image software [249]. Discrete instances of internal oxide on each grain boundary type in the

oxidation-affected sub-scale were counted manually using Fiji across 3 repeat images per condi-

tion, following 1000 h of exposure. This allowed the percentage of internal oxide on a particular

grain boundary character type to be calculated via direct comparison between EBSD IPF maps and

the corresponding SEM-BSE cross-section micrographs (taken at the same magnification). Nano-

sized precipitates in the oxide cross-section were characterised using an FEI Talos F200X fitted

with Oxford Super-X-Detectors STEM-EDS capability. A Thermofisher Helios G4 XE plasma FIB

CXe dual beam SEM was used to produce a FIB lamellae using a standard FIB lift out technique

[265].

7.5 Results

7.5.1 Microstructural characterisation of as-received materials

Figure 7.1 shows a summary of the sample microstructures obtained for as-built and solution-

treated IN625 prior to exposure via BSE-SEM micrographs and EBSD IPF maps. The as-built mi-

crostructure consisted of fine cells, with dendrites extended in the building direction, resultant

of the heat flow in the L-PBF process (XZ, perpendicular to the image). Grains were < 22 µm in

diameter, with cells showing an average diameter of approximately 1 µm. A strong texture was

demonstrated along the ⟨100⟩ direction, parallel to the building direction of the sample. Few CSL

character boundaries were present following building, with as-built samples showing an average

of 5.7% of grain boundaries classified as Σ≤29, with only 4.5% classified as Σ3 twins. Only a small

percentage of twin family Σ3𝑛 boundaries were seen to have formed. Altogether this shows good

agreement with the literature [34, 35, 117].

The solution-treated tokens showed a complete transformation from the anisotropicmicrostruc-

ture and the removal of melt pool lines. Fully equiaxed grains of diameter < 25 µm were observed,

with a random grain orientation with respect to the building direction throughout, as found in

wrought alloy [35, 104]. No significant precipitationwas observed inside grains or on grain bound-

aries following EDS mapping. From the IPF maps and band contrast micrographs generated from
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Figure 7.1: A summary of BSE-SEM micrographs, and Inverse Pole Figures (IPF) maps
showing the microstructure of as-built and solution-treated L-PBF IN625. Imaged per-
pendicular to the build direction. Note the recrystallisation and subsequent increased oc-
currences of twin family boundaries in the microstructure following solution heat treat-
ment.

Figure 7.1 it can be seen that L-PBF IN625 demonstrated a significant fraction of twin grain bound-

aries when heat-treated, with an average of 62.0% twin boundaries, and 64.7% classified as special

grain boundaries (Σ ≤ 29); highlighted in red (Σ = 3), blue (Σ = 9), and yellow (Σ = 27).

7.5.2 Isothermal oxidation kinetics

The specific mass change experienced by as-built and solution-treated L-PBF IN625 following ex-

posure to 950∘C for times up to 1000 h is shown in Figure 7.2.The associated parabolic oxide growth

rate constants calculated from the data alongside the exponents n are shown in Table 7.2. Slower

rates of oxidation were obtained for the solution-treatedmaterial compared to as-built IN625. Both

alloys showed sub-parabolic oxidation behaviour with n > 2.0 compared to traditional parabolic

behaviour expected for conventional Ni-based superalloy. Despite these differences, both sample

conditions showed slightly slower kinetics than traditional wrought IN625, indicating superior

oxidation resistance [1, 3]. Some visual spallation was observed in both sample cases at t > 100 h

upon cooling.

7.5.3 External oxide

The external oxide topography was examined using a combination of optical microscopy and con-

tact surface profilometry after t = 100 h of exposure. The summary of the external oxides formed

from t = 0.5 – 100 h exposure can be seen in Figure 7.3. The 3D and corresponding 2D surface
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Figure 7.2: Mean mass gain/area vs time for as-built and solution-treated L-PBF IN625,
exposed to 950∘C for up to 1000 h, compared to wrought IN625 extrapolated from data
reported by Chyrkin et al. (2022) with 0.25 µm starting surface finish tokens [1]. Data fit
to Wagner’s classical equation for oxidation. * Indicates data external to the study.

Table 7.2
Exponent, n, and K𝑃 , Rate constant foR oxide gRowth at 950∘C foR t = 0.5 – 1000
h. WRought data extRapolated fRom ChyRKin et al. [1].

Alloy condition K𝑃 (mg2/cm4/s) n

As-built 7.37 (± 0.55) × 10−7 2.4
Solution 5.72 (± 0.06) × 10−7 2.2
Wrought 1.61 × 10−6 2.0

profile maps can be seen in Figure 7.4 and Figure 7.5. These collectively revealed the surface to be

decorated in a thin fully covering oxide at t<1.0 h, where microstructural features in the substrate

were still visible. Grain boundary enhanced oxidation can be observed for t = 0.5 – 8 h, and prefer-

ential oxidation dependent upon grain orientation particularly in the case of the solution-treated

tokens following exposure for t = 0.5 h (Figure 7.5). Oxides appeared to grow thicker and coarsen

with prolonged periods of oxidation.

The scan tracks resultant from the L-PBF process were still visible after 0.5 h exposure (see

Figure 7.1 and Figure 7.3) and showed thicker oxide along the cell boundaries present up to 4

µm higher than the surroundings. Recrystallisation of the as-built microstructure can be observed

after t > 0.5 h, with some evidence of twin boundary formation (see Figure 7.3 and Figure 7.5).

Here equiaxed grains and grain boundaries appear, showing elevated islands of oxide. This effect

was masked after 100 h of exposure, where both as-built and solution-treated alloy demonstrated
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thicker, coarse layers of oxide. Oxide formed on the as-built alloy after 100 h appeared to be coarser

and more porous than the dense scale grown upon the solution-treated condition evidenced by

the larger islands of oxide demonstrated in the 3D profiles generated. Areas of the oxide appear

to have spalled from the surface (see Figure 7.4 (a), Figure 7.5 (a)) leaving behind areas exposed

to the gaseous environment. This was less apparent in the solution-treated case, although both

tokens showed visual evidence of spalling upon removal from the tube furnace.

Figure 7.3: A summary of optical micrographs showing the external oxide of as-built and
solution-treated L-PBF IN625 from t = 0.5 h – 100 h. Imaged perpendicular to the build di-
rection, thicker oxides show darker contrast, compared to thinner thickness films. Note,
partial recrystallisation of the microstructure was observed following 1 h of high tem-
perature exposure evidenced by the formation of equiaxed grains and instances of twin
boundaries (Σ3). Microstructural features beneath the oxide film were however obscured
for t > 1 h.
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Figure 7.4: A summary of 3D profilometry maps of the surface of samples of as-built and solution-treated L-PBF IN625 held at 950∘C for 0.5 – 100 h.
Note the elevated topography along scan tracks and grain boundaries at early periods of oxidation, t<1 h. A summary of 2D profilometry maps of the
surface of samples of as-built and solution-treated L-PBF IN625 held at 950∘C for 0.5 – 100 h. Note the elevated topography along scan tracks and grain
boundaries at early periods of oxidation, t<2 h showing enhanced oxidation in these regions compared to the bulk matrix. Evidence of oxide spallation
can be seen in both sample cases, particularly following 100 h exposure. Oxide islands in the as-built 100 h case appeared visually coarser than the
solution treated L-PBF IN625.
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NFigure 7.5: A summary of 2D profilometry maps of the surface of samples of as-built and solution-treated L-PBF IN625 held at 950∘C for 0.5 – 100 h.
Note the elevated topography along scan tracks, grain boundaries and certain grain orientations at early periods of oxidation, t<2 h showing enhanced
oxidation in these regions compared to the bulk matrix. Evidence of oxide spallation can be seen in both sample cases, particularly following 100 h
exposure.
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7.5.4 Grain boundary evolution - Oxide cross-sections

The cross-sections through the oxides formed upon as-built L-PBF IN625 are shown via EBSD IPF

maps and SEM-SE micrographs in Figure 7.6 and Figure 7.7 respectively. Special grain bound-

ary character is overlaid. EBSD and SEM examination of the scale revealed the presence of a

thick chromia Cr2O3 external scale, with an underlying near-continuous Ni3Nb 𝛿-phase layer (see

Figure 7.6). This correlated to results obtained with the same materials in a previous study by

the authors [191] using SEM-EDS and XRD (ICSD collection codes: Chromia - 261801, 𝛿-phase -

105175). Grain coarsening in the oxidation-affected region was observed for both sample condi-

tions, showing coarsening of the sub-scale to give mean grain sizes of 26.0 µm (± 2.0 µm) for the

as-built samples, and 29.1 µm (± 0.7 µm) for the solution-treated tokens. This further indicated

partial recrystallisation of the microstructure. This was thought to be due the fact that the high

exposure temperature of 950∘C was close to the solutionising temperature of the alloy (1150∘C).

Significant fractions of twin family CSL boundaries were formed during exposures up to 1000

h; a summary of these are shown in Table 7.3.The as-built material experienced recrystallisation at

the high exposure temperature of T = 950 ∘C, exhibiting up to approximately 60% twin boundaries

forming in the sub-scale oxidation-affected region following 1000 h (see Figure 7.6). The majority

of these formed during the early stages of oxidation t ≤ 100 h (see Table 7.3). The fraction of twins

in as-built material following recrystallisation were approx. 10% higher than the solution-treated

material, which showed a decrease in twin boundary fraction in the sub-scale following oxidation.

Extensive internal oxide attack was observed along grain boundaries in the sub-scale after

high temperature exposure (Figure 7.6 and Figure 7.7). Internal oxide was identified to be alumina

Al2O3 via EDS mapping. Few instances of internal oxide were observed to propagate along CSL

boundaries, shown using EBSDmapping.This was particularly visible in Figure 7.7, where internal

oxide grew preferentially along random misorientation grain boundaries. An average of 70.2% (±
3.6%) of instances of internal oxide in the sub-scale appeared on random boundaries in the as-

built material following 1000 h of isothermal oxidation.The same relationship was observed in the

solution-treated alloy, where an average of 71.3% (± 1.4%) of instances of internal oxide occurred

upon random boundaries. This was correlated to the internal oxide penetration depths, where

depths of attack of 44.4 (±2.7) µm, and 55.8 (±3.7) µm were measured for as-built and solution-

treated L-PBF IN625 exposed for 1000 h, respectively (see Table 7.3).
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Figure 7.6: (a) EBSD phase map showing a fully indexed cross-section through as-built L-PBF IN625 exposed to 950∘C for 1000 h. Note the external
chromia scale, with near-continuous 𝛿-phase at the scale/alloy interface. (b) EBSD band contrast map showing grain boundary character, with special
boundaries highlighted (Σ3 = red, Σ9 = blue, Σ27 = yellow). Palumbo-Aust criterion taken from [236].
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NFigure 7.7: SEM-SE micrograph of a cross-section with special boundaries highlighted, through as-built L-PBF IN625 exposed at 950∘C for 1000 h. Note
internal oxide growing primarily along random oriented boundaries only, circled in white.

147



CHAPTER 7. GRAIN BOUNDARY CHARACTER AND INTERNAL OXIDATION

Table 7.3
Σ3 boundaRies (%) in L-PBF IN625 befoRe and afteR oxidation at T = 950∘C foR T =
100, 1000 h, Related to inteRnal oxide penetRation depth.

% CSL Boundaries (Σ3)

Sample As-received 100 h* 1000 h* Internal oxide depth (µm)*

As-built 4.5 (± 2.1) 53.0 (± 3.1) 59.7 (± 1.7) 44.4 (± 2.7)

Solution 62.0 (± 4.0) 49.7 (± 5.0) 50.1 (± 3.2) 55.8 (± 3.7)

*EBSD IPF maps obtained in the sub-scale oxidation-affected region.

7.5.5 Grain boundary evolution - External oxide

The microstructure evolution beneath the oxide scale was examined in the as-built condition fol-

lowing oxidation periods of 1 – 100 h, shown in Figure 7.8, Figure 7.9 and Figure 7.10, respec-

tively. After exposures of t = 1 h, small amounts of recrystallisation were observed, with slight

changes to grain texturing. Clusters of twin boundaries tended to form in fine-grained areas of

the microstructure with high grain boundary density (Figure 7.8 (b)), with some instances of twin

family Σ9 boundaries beginning to form. Figure 7.8 (c) shows small islands of un-indexed phase

on grain boundaries, identified to be alumina using EDS mapping. Note, no internal oxide formed

upon Σ3 boundaries, nucleating preferentially upon random misorientation boundaries and Σ9
CSLs. Recrystallisation became more apparent following exposure for 100 h, small grains grew in-

ter/intragranularly, and a higher frequency of Σ3 twins were encountered of approximately 10%.
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Figure 7.8: EBSD IPF maps and their corresponding band contrast maps with grain boundary character overlaid, for (a) as-built L-PBF IN625 before,
and (b) after 1 h of isothermal oxidation at 950∘C. (c) A magnified EBSD band contrast image, highlighted in (b). Note the un-indexed phase decorating
grain boundaries, identified to be internal oxide via EBSD. Evidence of partial recrystallisation can be viewed in areas with fine grains, evidenced by
formation of clusters of twin grain boundaries (CSL 3).
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Figure 7.9: EBSD IPF maps and their corresponding band contrast maps with grain boundary character overlaid, for as-built L-PBF IN625 before (a), and
after 100 h (b) of isothermal oxidation at 950∘C. (c) A magnified band contrast image, highlighted in (b). Note the un-indexed phase decorating grain
boundaries, identified to be a mixture of internal oxide and external oxide via EBSD. Full recrystallisation was shown to occur following exposure for
t = 100 h, evidenced by formation of equiaxed grains and higher fractions of twin boundaries.
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Figure 7.10: Phase map of the site shown in Figure 7.9, showing the elemental distribu-
tion across the sample surface following partial oxide removal via vibropolishing. Note
Cr2O3 and Al2O3 presence along instances of Ni3Nb 𝛿-phase. White clustered phase is
un-indexed partially removed oxide.

Figure 7.10 shows a phase EBSD IPF map for the 100 h sample following partial oxide removal.

Phase mapping showed the presence of chromia Cr2O3 and alumina Al2O3 within the external

oxide scale. Small presence of rutile TiO2 was also detected on the oxide surface, though this was

not clear to see from EBSD phase maps produced at this magnification. Of special interest was the

presence of localised islands of chromia, alumina and rutile upon instances of Ni3Nb 𝛿-phase on

the sample.

7.5.6 TEM - nano-sized precipitates in the sub-scale

Further examination of the oxidation-affected sub-scale using STEM-EDS was carried out via FIB

and TEM with STEM-EDS. Figure 7.11 shows a High Angle Annular Dark Field (HAADF) micro-

graph of as-built L-PBF IN625 following 100 h exposure at 950∘C. Sub-micron globular precipitates

were detected beneath the chromia and 𝛿-phase external layer. These appeared to be a mixture of

two precipitates embedded into each other. STEM-EDSmapping revealed that the finer precipitate

at the centre of the globular phase to be enriched in O and Al. The larger precipitate enveloping

this however appeared to be enriched in Ti and Nb. Areas enriched in precipitate were also de-

pleted in Ni and Cr compared to the surrounding 𝛾 ’ matrix. No SiO2 was detected in the oxide

scale, compared to Chrykin et al. (2022) [196].
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Figure 7.11: (a) BSE-SEM micrograph showing the location of the FIB lift-out performed
for solution-treated L-PBF IN625 following exposure at 950∘C for 100 h. Note the FIB lift-
out was performed in the oxidation affected region. (b) HAADF micrograph produced
showing the sub-scale microstructure, and corresponding STEM-EDS maps (c – h) show-
ing the elemental distribution of Ni, Cr, O, Al, Nb and Ti. Note the formation of fine
Al-rich oxides, surrounded by (Nb,Ti) rich globular precipitates in the oxide sub-scale.

7.6 Discussion

7.6.1 Oxidation kinetics and external scale

Oxidation growth rate kinetics of the L-PBF material were observed to be slower than typical

parabolic wrought alloys found in the literature (Table 7.2), where the solution-treated L-PBF

material outperformed the as-built alloy. The oxide scale formed on the solution-treated tokens

was finer and more compact, as evidenced by the surface profile maps in Figure 7.4 and Figure 7.5,

showing fewer visual instances of spallation compared to the as-built alloy oxides formed after 100

h exposure. Slower rates of oxidation were attributed to a lower density of grain boundaries acting

as short circuit diffusion pathways, due to the larger initial grain size of 25 µm compared to 22

µm. This is supported by findings reported by Parizia et al. (2020) who investigated the oxidation

kinetics of both as-built and heat-treated material for t ≤ 96 h exposure at 900∘C [15]. This effect is

expected to diminish over time, where the as-built alloy experienced a partial recrystallisation after

t > 100 h exposure. These results showed good agreement with those presented in an additional

work by the authors [191] using the same cylinders of material. These results were supported by

findings by Chyrkin et al. (2022), who reported that grain size influenced oxidation rate, where

L-PBF IN625 following hot rolling (fine-grained), and ageing treatments (coarse-grained) showed

faster (7.93 × 10−7 mg/cm2/s) and slower rates (2.19 × 10−7 mg/cm2/s), respectively. [1].
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Enhanced oxidation above grain boundaries has been widely discussed in the literature for

Ni-based superalloys, producing wrinkled oxide scales [1, 9, 15, 176]. It is likely such wrinkling is

produced as a result of grain boundaries acting as short-circuit diffusion pathways for ion trans-

port from the bulk to the surface oxide. Higher supply of Cr to the grain boundary therefore results

in faster growth of the oxide above these regions [290, 291].

7.6.2 Post-oxidation microstructure, Oxide sub-scale

No significant differences in chemical composition are thought to have contributed to variations

in the mass gain across the as-built and solution-treated samples. However, the (Al, O) and (Ti,

Nb)-enriched globular precipitates examined using TEM existed solely in the solution-treated ma-

terial following t = 100 h exposure. These appeared to form intragranularly with no preference for

formation on grain boundaries. Literature suggests the smaller circular precipitate enriched in Al

and O to be most likely Al2O3 [1, 7, 14, 15, 80, 117, 187]. Ageing treatments comparable to pro-

longed exposures to high temperatures suggest the larger globular precipitates surrounding the

alumina to be likely to be (Ti,Nb)C primary carbide [19, 38, 44, 118]. Hyer et al. (2022) reported

the presence of globular M6C carbide inside grains and on grain boundaries via STEM and TEM

diffraction patterns following solution treatment [117]. These were enriched in (Nb, Mo, Si, Al)6C,

and is supported by similar findings by Inaekyan et al. via STEM-EDS [89, 117]. Gola et al. (2020)

also reported presence of precipitates in the sub-scale, measured to be roughly 100 nm in size, with

Ni, Nb and Mo enrichment [118]. Due to the Ti enrichment displayed by the globular precipitates

in the present study however, it was concluded by the author that these were MC primary car-

bides [19, 292]. Due to the higher stability of Al > Ti oxides according to the Ellingham-Richardson

diagram, it is believed by the authors that the alumina formed prior to the MC primary carbide

[2, 66]. It is thought that carbides and oxides may act to improve the oxidation resistance of the

alloy by providing pinning effects to counteract coarsening in the sub-scale, and reduce related

stress effects on the protective oxide [19, 38]. Smaller carbides can contribute to improved strength

and creep-life, though ductility is reduced if precipitates coarsen to sizes > 1 µm at longer periods

of exposure. Al-rich oxides <100 nm in size however are reported to have negligible effects on me-

chanical properties [117, 292]. Hence it is thought that the aforementioned precipitates observed

in the current study may produce beneficial mechanical effects in the sub-scale, though could act

to decrease ductility if seen to coarsen over time.

A small presence of TiO2 was indexed via EBSD, embedded alongside alumina Al2O3 in the

external chromia scale. This was not observed in the previous study by the authors [191], but

supports findings in literature for L-PBF and wrought IN625 and IN718 for T = 750 – 950∘C [1,
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2, 10, 13, 15, 54, 128, 166, 174, 181, 185, 187, 237]. TiO2 is reported to grow as intergranular small

nodules on the surface of the chromia film due to the faster diffusion and mobility of Ti compared

to Cr, as well as the lower oxygen partial pressure towards the sub-scale interior [181, 185, 187].

Parizia et al. reported rutile presence in t<8 h after exposure to 900∘C in both as-built and solution

treated L-PBF IN625. This is understood to lead to an improvement in the adherence of the oxide

scale under cyclic oxidation conditions, according to Al-Hatab et al. [181].

7.6.3 CSL boundaries and internal oxidation

A significant increase in the CSL boundary density occurred during oxidation at 950∘C following

recrystallisation. This is likely due to the fact the exposure temperature was close to the anneal-

ing and recrystallisation temperature of IN625 (980 – 1050∘C), as well as the FCC material’s low

stacking fault energy, where a material will act to reduce it’s grain boundary energy via emission

of dislocations [104]. It was noted that the fraction of twin boundaries (with 60∘ misorientation)

measured in both the as-built and the solution-treated materials were significantly higher than the

wrought materials (cold rolled, hot extruded, annealed, solution-treated) as well as some L-PBF

IN625 heat-treated materials in the literature. L-PBF material in the present study showed up to

70% of its boundaries classified as Σ ≤ 29, compared to wrought alloy showing only 36% without

application of Grain Boundary Engineering (GBE), according to Trindade et al. [34, 131, 173, 230].

The authors highlight that the special grain boundary fractions measured were comparable to that

of wrought materials that have undergone extensive GBE, such as multiple cold rolling passes and

heat-treatments, as shown with IN600 by Lin et al. (1995) [229]. These fraction were close to the

theoretical limit expected for CSLs in an FCC material of 2/3 of grain boundaries, approx. 66%

[34, 131, 219, 229, 230, 233].

It is understood that the as-built alloy microstructure was likely to be highly stressed, with

large residual stresses measured up to 575 MPa present following the fast solidification rates (∼106

K/s) common to the L-PBF process [38, 104]. It is expected that the high dislocation density present

(<2 × 1014 dislocations/m2 [118]) lowered the threshold energy required for twin boundary forma-

tion, and exceeded the predicted strain level of 20 – 30 % required for a GBE effect to be produced

[46]. Here a mobile twin forms by way of stacking faults on parallel planes to retain the strain

accumulated in the crystal lattice due to high dislocation density at the grain boundary [131]. On

heat treating, when two Σ3 boundaries meet, a Σ9 boundary will form to create a triple junction via

the Σ3 regeneration mechanism and strain induced grain boundary migration [46]. This was the

case following 1 h of exposure, where small instances of Σ9 boundaries began to form, as shown

in Figure 7.8 (b) where small amounts of strain remained in the microstructure. Once the strain
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in the microstructure was reduced, the once mobile boundaries slowed down, allowing for the

increased nucleation of low-energy annealing twins. Subsequently the Σ3 proportion increases to

replace the random grain boundaries and disrupt the grain boundary network [23, 237]. This was

observed following oxidation for 1000 h in Figure 7.6.

Very few instances of internal oxide were observed to form on intergranular CSL grain bound-

aries in the sub-scale, shown by EBSD and the removal of the oxide following oxidation. Both as-

built and solution-treated alloy showed that approximately 70% of internal oxide in the sub-scale

occurred upon random oriented grain boundaries. This is attributed to the low grain boundary

diffusivity of CSL boundaries compared to random orientation grains, inhibiting the formation

of alumina in these areas [4, 173, 228, 233]. In the as-built case, a higher frequency of Σ3 bound-

aries were formed compared to the solution-treated material following 1000 h of exposure (∼10%
higher). This was correlated to the shallower internal oxide penetration depth measured and sup-

ports the concept of CLS boundaries disrupting the network of diffusion along random oriented

grain boundaries [228]. It is thus believed that by altering the stress state of the as-built alloy via

process parameters, scan strategy design, and post-processing heat treatments, the CSL fraction

could be controlled to limit internal oxidation in L-PBF IN625 at high temperatures.

7.7 Conclusion

The effect of heat treatment on the oxidation growth rate and internal oxidation of L-PBF IN625

was investigated. As-built L-PBF IN625 formed significant amounts of CSL boundaries (up to 70%)

during exposure to high temperatures, comparable to the likes of GBE Ni-based superalloy in

the literature. The majority of grain boundaries showing internal oxidation in the sub-scale were

revealed to be on random oriented grain boundaries.This was shown visually using vibropolishing

and EBSD.Whilst less internal oxide occurred on CSL boundaries, overall oxidation rates appeared

to be similar for both the as-built and solution-treated alloy, meaning internal oxidation did not

drive differences in mass gain. It was proposed that further work investigating induced residual

stresses in AM materials could be applied to influence the CSL fraction following heat treatment

via careful parameter and scan strategy selection. This has the potential to allow for the design

of components with surfaces engineered against internal oxidative attack, with the added benefit

of fewer costly post-processing steps than in traditional GBE. A high CSL boundary density in

the L-PBF material could act to limit the occurrence of cracking in the sub-scale region, and thus

decrease the likelihood of spallation of the protective scale and subsequent oxidative damage of

the substrate.
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Chapter 8

Effects of microstructure and surface finish on the

corrosion of L-PBF IN625 in Pressurised Water

Reactor hydrogenated water

8.1 Abstract

Thepresent study aims to determine the oxidation performance of Laser Powder Bed Fused (L-PBF)

Inconel 625 (IN625) Ni-based superalloy for use in Pressurised Water Reactor hydrogenated pri-

mary water designs. As-built and solution-treated tokens were investigated to assess the effect of

L-PBF microstructure, alongside a series of surface finishes applicable to Additively Manufactured

(AM) components. Tokens were exposed to hydrogenated PWR primary water in an autoclave at

300∘C and 10.8 MPa for periods of 500 h and 1500 h. Exposure led to the formation of a duplex

oxide, composed of an outer Ni(Fe,Cr)2O4 Fe-rich oxide, and a Cr-rich inner layer which coarsened

over time. Microstructural anisotropy resultant of the L-PBF process did not significantly alter the

oxidation kinetics, however differences in surface topography lead to small variations in the oxide

crystallite morphology. Higher surface roughness and surface residual stress lead to mass loss at

early stages of oxidation t < 500 h. Electropolished surface were deemed ideal for producing oxi-

dation behaviour similar to conventional material. Grain texture was found to influence oxidation,

where an orientation relationship was established in the order of increasing oxidation rate: [001]

< [101] < [111].

Authors: E. R. Lewis, N. Cruchley, J. P. Magnussen, A. Dickinson-Lomas, J. Duff, A. C. Cruchley,

Y. L. Chui, F. Scenini, S. Cruchley, M. M Attallah.

Keywords: Oxidation, Ni-based superalloy, Electron backscattering diffraction (EBSD), STEM.

157



CHAPTER 8. PWR HYDROGENATED WATER CORROSION

8.2 Highlights

• Laser Powder Bed Fused IN625 showed oxidation behaviour similar to wrought Ni-based

superalloys.

• Surface finish influenced oxidation behaviour more significantly than L-PBFmicrostruc-

ture.

• Duplex oxide formed, comprised of a Fe-rich (Ni(Fe,Cr)2O4) outer layer, and thin Cr-rich

inner layer.

• Electropolished tokens produced oxides similar to the wrought alloy in terms of size and

thickness.

• A grain orientation-oxidation relationshipwas established for increasing diffusion: [100]

< [101] < [111].

8.3 Introduction

In a drive for increased efficiency, higher operational temperatures and pressures (T > 400∘C, P

> 20 MPa) are key in the design of Pressurised Water Reactors and Generation IV Supercritical

Water Reactors (SCWRs) [23–25, 29, 30, 57, 293]. Smaller, more compact designs of SCWRs could

potentially allow for the integration of AdditivelyManufactured (AM) parts. AMprovides a unique

design control previously unavailable with traditional subtractive methods for the fabrication of

complex geometries common to the nuclear industry [33, 39, 41, 42].

Ni-based superalloys such as Inconel 625 (IN625), IN718 and IN690 are widely used in new and

pre-existing Light Water Reactor designs (LWRs), and are a prime material for the manufacturing

of cladding, steam generator tubing, as well as control rod components [23, 29, 55, 57, 201, 202].

This is on account of their superior corrosion resistance over common stainless steels such as 316L

and 304, pairedwith their ability tomaintain high temperaturemechanical properties (high fatigue

cycle and creep resistance) in corrosive environments [19, 20, 25, 27, 29]. IN625 has a notably low

parabolic corrosion rate compared to the likes of IN718 and stainless steels attributed to its higher

Cr alloying content (≤ 27.0 wt.%) [2, 23, 25, 29, 55, 204, 214]. Was et al. reported corrosion rates

3× less than that of stainless steel, which was further supported by works by Fujisawa et al. for

exposure to SCW deaerated conditions [29, 210].

Due to its high weldability and low (Al, Ti) wt.% content, IN625 is highly compatible with

AM techniques like Laser Powder Bed Fusion (L-PBF), making it a key candidate material [33, 39–

41, 63]. At this time, there is little research into L-PBF IN625 corrosion resistance in PWR envi-
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ronments, where most work investigates high temperature conditions common to the aerospace

industry. Current research has deemed L-PBF IN625 to perform to approximately the same stan-

dard as conventional wrought Ni-based superalloy in high temperature air for T = 800 – 1050∘C

for t < 1000 h [1, 9, 10, 12–17, 196]. Microstructural anisotropy resultant of the AM process does

not appear to lead to any significant variation in performance, where rapid cooling rates of 106

K/s produce fine dendritic grains that extend parallel to the building direction of the component

[1, 38, 104]. Grain anisotropy can be removed via standard solution heat treatment, producing

equiaxed grains comparable to wrought alloy [38, 44, 83, 89].

When exposed to PWR hydrogenated primary water, wrought IN625 forms a passive duplex

oxide which acts as a diffusion barrier against the ingress of oxygen [29]. Exhaustive studies have

identified the outer layer of the oxide to consist of Ni(Fe,Cr)2O4 spinel distributed upon the surface

as irregular hexagonal crystallites embedded into a Cr-rich layer [23, 30, 201, 204, 205, 212, 214].

This occurs via the non-selective oxidation of Ni and Fe [29, 209, 214]. The scale has been reported

to be non-stoichiometric, showing slight porosity and the presence of mixed oxides such as Fe2O3

and Fe3O4 [29, 68, 204]. This is related to Fe saturation in the surrounding primary water by the

gradual degradation of the PWR pressure vessel [205, 216]. The Cr-rich inner layer is comprised

of dense and fine equiaxed grains, and is reported to often be too thin (<1 µm) to measure without

the application of TEM [24, 25, 55, 201, 205, 209, 214, 216]. In comparison to the outer layer, this

grows via the selective oxidation of Cr and grows at a much slower rate, leading to a Cr-depleted

sub-scale [29, 209, 212].

The predominant mechanism of failure of IN625 in PWRs is its susceptibility to intergranular

oxidation and pitting [23, 25, 29, 55, 68, 206, 216, 230]. Spallation and pitting is known to occur

more readily when moving into higher temperatures common to SCWRs, driven by (Ti, Nb)-rich

inclusions such as MC primary carbides, nitrides or oxides [23, 25, 206, 211, 216]. This is especially

important for L-PBF IN625, where significant microsegregation of Nb and Mo occurs following

fast cooling and solidification rates [12, 34, 38, 48, 116, 270, 294]. The unexpected, enhanced pre-

cipitation of deleterious phases can hence occur due to non-equilibrium compositions present

[47, 48, 116]. This gives rise to environmentally enhanced crack growth (EECG), observed to oc-

cur in L-PBF IN718 due to Nb segregation and formation of Nb2O5 ahead of the crack tip during

isothermal oxidation in air [103]. This targeted corrosion leads to galvanic coupling effects in the

oxide and the formation of pits (4.3 – 12.9 µm) which grow over time due to the stochastic loss of

metal cations from the surface [23, 29, 55, 68, 203, 206, 216]. PWR water chemistry combats this

by additions of hydrogen (25 - 30 cm3/kg) to absorb oxygen. This impedes oxidation rates and em-

brittlement at higher temperatures, and destabilises the formation of non-protective oxides such
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as NiO when added in amounts of 9.16 cm3/kg at 320∘C [202, 205, 207, 210, 213, 214].

Literature reports that surface finish strongly influences the oxidation performance ofwrought

Ni-based superalloys and steels in PWR corrosive conditions. Additive surfaces without post-

processing are generally too rough and non-uniform for application in industry (R𝑎 ≤ 30) [10,

132, 133, 187]. This leads to poor oxidation rates, particularly if the process parameters of the

build are un-optimised [16, 17, 144, 166, 176, 187]. Chang et al. investigated the effects of a ma-

chined surface and demonstrated that Stress Corrosion Cracking (SCC) preferentially propagates

along grooves left behind from the process [218]. The oxide formed upon the machined surface

was porous and non-protective.This was compared to a set of non-stressed electropolished tokens

which formed denser, more stable protective oxide. Grain boundary and grain orientation effects

on the surface of the alloy also led to changes in oxidation rate, where certain grain orientations

exhibited greater rates of oxide growth than others [46, 173, 195, 228, 229]. Was et al. expanded on

this in PWR primary water and SCWR conditions, showing grain orientation enhanced oxidation

with IN690 with the aid of EBSD [29].

The purpose of this study was to assess the corrosion resistance of candidate L-PBF IN625

for use in current and future generation PWR environments. The study considered the effects of

additive microstructure, and a variety of surface finishes suitable for complex geometries for a

clearer understanding of the applicability of AM, and an optimised route for post-processing.

8.4 Experimental procedure

8.4.1 Materials

Individual disks of L-PBF IN625 (diameter = 14 mm, thickness 2 mm) were manufactured using an

EOS M280 L-PBF machine with the standard IN625 parameter set at the Manufacturing Technol-

ogy Centre (MTC). Disks were fabricated using the standard IN625 performance 110 parameter

set, with a powder particle size range of 15 – 45 µm and a layer height of 40 µm. Powder and to-

Table 8.1
MeasuRed composition foR L-PBF IN625 metallic powdeRs, and consolidated to-
Kens used in the coRRosion study.

Alloy Elements (wt.%)

C Mn Si P S Cr Co Mo Nb Ti Al Fe Ni

Powder - <0.01 0.07 <0.01 - 21.27 0.04 9.02 3.65 0.10 0.11 3.66 Bal.

L-PBF 0.026 <0.02 0.05 <0.01 - 21.51 <0.02 9.48 3.87 0.11 0.130 3.50 Bal.

Wrought 0.025 0.090 0.120 0.005 0.004 21.64 0.110 8.730 3.460 0.080 0.130 3.520 Bal.
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ken chemical composition was confirmed using a combination of LECO and ICP-MS (Inductively

Coupled Plasma Mass Spectroscopy) and is shown in Table 8.1. Cuboidal tokens of wrought IN625

(10 mm × 10 mm × 2 mm) were also machined for comparison to additive materials using electrical

discharge machining (EDM).

In addition to the as-built condition, a set of tokens were also solution heat treated at 1177∘C

for 1 h and water quenched to room temperature according to AMS2774D [122]. Tokens were

encapsulated in an argon back-filled quartz ampule prior to treatment. To assess the effect of mi-

crostructure, a set of as-built and solution-treated tokens were polished, and the edges chamfered

using wet SiC papers to 4000-grit, and mechanically polished with OP-S colloidal silica to 0.25 µm.

A variety of sample surface finishes were explored, outlined in Table 8.2. A set of tokens were kept

with their as-received additive surface finish. An additional set of tokens underwent Centrifugal

High Energy Finishing (CHEF) to produce a smooth mirror finish, performed using three stages:

(i) cutting for 120 mins with 10 mm × 10 mm ceramic media with LQ18 chemical agent and wa-

ter, (ii) smoothing for 120 mins with 6 mm × 10 mm ceramic media with LQ16 chemical agent

and water, and (iii) polishing for 60 mins in dry maize. Tokens were also electropolished in a 4:1

solution of sulfuric acid and methanol at room temperature, using a 30 V power supply applied

for 10 min intervals until an even finish was achieved [246]. An Alicona InfiniteFocus confocal

instrument was used at 5× magnification to collect surface area roughness measurements (S𝑎, S𝑣 ).

A Surfcorder SE1700 surface analyser was used to correlate roughness measurements, allowing

for the recording of R𝑎, R𝑣 and R𝑚𝑎𝑥 values.

8.4.2 Microstructural characterisation, as-received condition

Metallurgical samples were prepared for as-built, solution and wrought IN625. These were hot

mounted in Bakelite and mechanically polished to a 0.25 µm mirror-finish with OP-S colloidal

silica. The as-received sample microstructure was imaged and analysed using a combination of

BSE-SEM with EDS and EBSD. A JEOL 7000F FEG-SEM equipped with a HKL Nordlys EBSD unit

was used, and a tilt of 70∘ was applied. An accelerating voltage of 20 kV was set for imaging

with a 1.0 µm step size. Grain size and texture was measured using IPF maps generated using code

taken and adapted from the MATLABMTEX toolbox, including the Heyn Lineal Intercept method

[250–254, 275].
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Table 8.2
OveRview of mateRials, micRostRuctuRes and suRface finishes investigated.

Study Condition Surface finish

Ra (µm) Rz (µm) Sa (µm) Sv (µm)

1 – Microstructure As-built 0.14 0.01 - -
Solution 0.14 0.01 - -

2 – Surface finish Additive (ST) 9.10 33.80 6.80 33.50
CHEF (ST) 0.40 2.20 0.90 15.00
Electropolish (ST) 1.76 4.91 - -

ST = Solution-treated (1177∘C 1h, water quench).
Ra = Arithmetical average relative to base length.
Rz = Maximum valley depth below the mean line.
Sa = Maximum valley depth of a selected area.
Sv = Arithmetical mean height of the selected area.

8.4.3 Corrosion exposures and analysis

Interrupted simulated PWR corrosion testingwas conducted inside a recirculating autoclave closed

loop at T = 300∘C and P = 10.8 MPa for times of 500 h and 1500 h. Water chemistry was controlled

and monitored, set to contain: 2 ppm Li (added as LiOH), 3 ppm H2 and <5 ppb O2. The autoclave

feed tank had a capacity of 2.5 L and was maintained at an alkaline pH of 10.5. Following removal

from the autoclave, samples were dried and weighed. Specific weight gain due to oxidation was

calculated by measuring the mass prior to and following exposure with a calibrated mass balance

(±0.00001 g).

External oxides were characterised using BSE-SEM with EDS with an accelerating voltage

of 20 kV at a 10 mm working distance with a Zeiss EVO-15 VP ESEM microscope with Bruker

eFlash EDS. Oxide cross-sectioning was performed to determine the oxide layer morphology and

thickness. Cross-sectioning was carried out using a dual-beam FEI Quanta 3D FEG-SEM applying

a variation on a standard Focused Ion Beam (FIB) trenching method outlined by Cruchley et al.

[264]. To examine sub-micron features present in the additive sample case, TEM with STEM-EDS

was performed using a standard FIB lift-out technique [265]. A Thermofisher Helios G4 PFIB CXe

dual beam FIB-SEMwas used to produce the FIB lamellae. Imaging of the lamellae was carried out

using an FEI Talos F200X fitted with Oxford Super-X Detectors STEM-EDS capability. To examine

the effects of grain texture on oxidation, vibropolishing was applied to remove the oxide scale

and to produce a mirror-finish for EBSD.This was achieved using a VibroMet-2 tabletop vibratory

polisher with OP-S (0.25µm) for times up to 50 h.

X-ray Diffraction was carried out using a Proto AXRD Benchtop X-Ray Diffractometer with
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a Cu-K𝛼 radiation source. Indexing was performed in the 2𝜃 range of 20 – 100∘ with a 0.02∘ step

size. For correlation and to resolve overlapping peaks, Raman Spectroscopy was performed us-

ing a Renishaw InVia confocal Raman microscope with WiRE 4.2 software. Measurements were

carried out with a 633 nm edge laser focused at 50× magnification and a beam power of 20 mW.

Sample scanning areas of 900 µm2 were measured with a step size of 1 µm, and dwell times of

8 – 25 s dependent on sample roughness and signal resolution. For both sets of XRD and Raman

measurements, 1500 h exposed tokens were inspected.This was in an effort to maximize the signal

obtained via a larger crystallite size.

8.5 Results

8.5.1 Specific weight gain

The specific weight gained for all conditions examined are summarized in Table 8.3, and bar charts

for each condition at t = 500 h and 1500 h are presented in Figure 8.1. Following exposure, all condi-

tions experience a mass gain which was seen to accelerate following a period of 500 h.The as-built

IN625 showed the highest mass gain of 0.00009 g/cm2 of the conditions, followed by the wrought

IN625 tokens. Following solution-treatment, mass gained was reduced slightly, producing more

comparable mass gain values to the conventional wrought IN625. For the alternative surface fin-

ishes examined, electropolishing was observed to result in approximately the same mass gain as

the wrought material, showing good agreement with the more uniform polished surface finishes

shown in in Figure 8.1. The additive surface tokens and CHEF conditions exclusively showed sig-

nificant evidence of spallation at early periods of exposure, producing a mass loss after t = 500 h.

However this was overtaken after 1500 h where an overall mass gain was experienced.
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Table 8.3
SummaRy of oxidation data collected foR L-PBF IN625 held at 300∘C foR 1500 h.

Condition Oxide crystal Weight gain Oxide thickness Oxide layout Oxide Analysis
size (µm) (g/cm2) (µm) (SEM,TEM) (XRD, Raman)

As-built 1.13 (±0.02) 0.00009 (±3.00 ×10−6) 0.39 (±0.10) Fe-rich outer, Ni(Fe,Cr)2O4, Fe3O4,
Cr-rich inner Nb2O5,

Solution 0.97 (±0.01) 0.00006 (±5.00 ×10−6) 0.36 (±0.10) Fe-rich outer, Ni(Fe,Cr)2O4, Fe3O4,
Cr-rich inner Nb2O5,

Wrought 0.97 (±0.02) 0.00007 (±3.00 ×10−6) 0.29 (±0.09) Fe-rich outer, Ni(Fe,Cr)2O4, Fe3O4,
Cr-rich inner Nb2O5,

Additive 0.53 (±0.02) 0.00001 (±6.00 ×10−6) 0.35 (±0.05) (Fe, Ti)-rich outer, Ni(Fe,Cr)2O4, Fe3O4,
Cr-rich inner Nb2O5, (Nb,Mo)2N

CHEF 0.91 (±0.03) 0.00001 (±6.00 ×10−6) 0.71 (±0.16) Fe-rich outer, Ni(Fe,Cr)2O4, Fe3O4,
Cr-rich inner Nb2O5,

Electropolish 0.89 (±0.03) 0.00007 (±8.00 ×10−6) 0.55 (±0.12) Fe-rich outer, Ni(Fe,Cr)2O4, Fe3O4,
Cr-rich inner Nb2O5,
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Figure 8.1: Mass gain change experienced by different conditions of L-PBF IN625 in hydrogenated PWR primary water held at 300∘C for 500 h and 1500
h. (a) Microstructure study, (b) surface finish study.
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Figure 8.2: X-ray diffraction patterns from the surfaces of the corrosion tokens of different conditions of L-PBF IN625 following exposure to hydrogenated
PWR primarywater held at 300∘C for 1500 h. (a) Microstructure study, (b) surface finish study. ICSD collection codes: Ni - 8688, NiFe2O4 - 38999, NiCr2O4
- 84376. Note in (a) for the as-built sample case, preferential reflections can be seen for Ni ∼50∘, due to the dominant [001] texture present in the additive
microstructure.
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Figure 8.3: Raman spectra recorded from the surfaces of the corrosion tokens of different conditions of L-PBF IN625 following exposure to hydrogenated
PWR primary water held at 300∘C for 1500 h. (a) Microstructure study, (b) surface finish study. Peak shift values compared to literature and the RRUFF
Project database ID: Ni(Cr,Fe)2O4 - R140860, Fe3O4 - R060191, Fe2O3 - R040024 [24, 30, 68, 212, 216, 263].
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8.5.2 Analysis of the external oxide scale, microstructure

Diffraction patterns obtained via XRD of the external oxides produced can be viewed in Figure 8.2.

Results demonstrated that all surface finishes produced the same external oxides, where the dom-

inant phase was Ni(Fe,Cr)2O4. Higher Ni signal correlated to thinner oxide thickness (see Ta-

ble 8.3) for the additive and wrought samples in particular. However, due to overlapping peaks

the XRD results can be deemed inconclusive. To disambiguate the overlapping peaks in the XRD

patters, Raman Spectroscopy analysis was performed, and the resultant spectra can be viewed in

Figure 8.3. The most prominent peak in all spectra occurred at ∼700 – 709 cm−1 corresponding to

Ni(Cr,Fe)2O4, followed by a peak shift at∼491 – 503 cm−1 showing significant presence of NiFe2O4.

A small presence of Fe2O3 and Fe3O4 was detected across all sample surfaces, alongside Nb2O5 for

peak shift ranges of 1334 – 1356 cm−1. A small peak was arguably present at the 1124 – 1141 cm−1

indicating some quantity of NiO, however this was deemed to be likely present from background

noise, supported by the fact that hydrogen in the water chemistry exceeds the amounts required

to prevent the oxides stability [213, 214]. Small amounts of peak shift was observed across the

sample types investigated, particularly the as-built case, additive surface and CHEF tokens. This

was assumed to be due to surface residual stresses.

Analysis of the external oxide on the token surfaces for t = 500 – 1500 h are summarized in

Figure 8.4. Despite anisotropy introduced by the L-PBF processing route, similar morphology crys-

tallites were formed on a bed of lower contrast, fine oxide across the as-built and solution-treated

L-PBF material compared to conventional wrought alloy. EDS mapping shown in Figure 8.5, re-

vealed the larger crystallites to be enriched in Fe and O and depleted in Cr and Ni. Crystallite size

varied between 0.95 – 1.15 µm, where the as-built alloy showed the largest average diameter crys-

tallites. This corresponded well to the higher mass gain experienced by the as-built alloy tokens

(Table 8.3). Solution-treated alloy exhibited similar crystallite morphology and sizes to wrought

alloy.

Notably, the solution-treated and wrought tokens experienced clear evidence of grain orienta-

tion enhanced oxidation (see Figure 8.5). To further investigate this and to establish a relationship

between grain orientation and oxidation, selected areas upon the solution-treated tokens were

marked, and the oxide removed via gentle vibratory polishing. This allowed for EBSD IPF maps to

be generated and correlated to SE-SEM images taken prior to their exposure. This can be viewed

in Figure 8.6. EBSD IPF mapping and analysis indicated that grains with orientation aligned to the

[001] direction showed distinctly less oxide formation than grains aligned to the [101] and [111]

orientations. This allowed the following grain orientation relationship to be established in order

of increasing diffusion of ions through the grain orientation: [100] < [101] < [111].
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Figure 8.4: BSE-SEM micrographs of the external oxide formed upon corrosion tokens of different heat-treated conditions of L-PBF and wrought IN625
following exposure to hydrogenated PWR primary water held at 300∘C for 1500 h. Note, oxide crystallite size increased in diameter for longer periods
of exposure, t. Evidence of grain orientation-related preferential oxidation can be viewed in the wrought tokens exposed for t = 500 h.
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(a)

(b)

(c)

Figure 8.5: BSE-SEM micrograph and the corresponding EDS elemental maps showing
the oxide crystallites formed upon (a) as-built, (b) solution-treated and (c) wrought IN625
following exposure to hydrogenated PWR primary water held at 300∘C for 1500 h. Note
the grain orientation enhanced oxidation visible in sample cases (b) and (c).
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Figure 8.6: SE-SEM micrographs of selected regions of solution-treated L-PBF IN625
corrosion tokens (a,b,c,d) and their corresponding EBSD IPF maps following oxide re-
moval after 1500 h exposure to hydrogenated PWR primary water. Note, the [001] ori-
entated grains show less oxidation compared to [111] oriented grains, demonstrating an
oxidation-grain orientation relationship.
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8.5.3 Analysis of the external oxide scale, effect of surface finish

The external oxides formed upon the alternative surface finishes of the additive surface, CHEF and

Electropolished tokens can be viewed in Figure 8.7. Similar to the microstructure study tokens,

large higher contrast crystallites were observed to have formed upon a dense fine bed of lower

contrast oxide. Crystallite sizes ranged from 0.51 – 0.94 µm. The smaller sizes here correspond to

the lower mass gains observed, driven by spallation at early stages of oxidation. EDS mapping

(see Figure 8.8 and Figure 8.9) revealed the larger crystallites to be enriched in Fe suggesting the

expected NiFe2O4 oxide was formed, as shown via XRD and Raman spectroscopy. Additive tokens

with powder particles adhered to the surface showed enhanced oxidation here, due to their higher

surface area, showing greater Fe enrichment in these areas compared to the smoother regions upon

the tokens. A similar relationship between sample surface area / roughness was observed in the

CHEF and Electropolished cases, where enhanced oxidation and Fe-rich crystallite presence was

observed in the peaks and troughs resultant of the CHEF and electropolish processes, respectfully.

EDS mapping revealed the presence of a sub-micron (Nb,Mo)-rich precipitate embedded ho-

mogeneously within the additive surface oxides, see Figure 8.9. The evolution of this precipitate

was examined throughout the sample lifetime, shown in Figure 8.10 via EDS maps taken prior

to solution-treatment, and following exposure to 500, and 1500 h. It appeared that the (Nb,Mo)-

enriched precipitate developed primarily during the PWR exposure rather than during the heat-

treatment stage.

Cross-sectional analysis of the oxides formed across all conditions of L-PBF IN625 andwrought

alloy are summarized in Figure 8.11. Similar oxide morphology and thickness of 0.2 – 0.5 µm

was observed, outlined in Table 8.3. Here the oxide scale appeared to be uniform, with large Fe-

rich crystals discretely embedded onto the outer surface. The alternative surface finishes however

showed a departure from uniformity.TheCHEF sample cases showed the largest deviation in oxide

thickness, with Fe-rich oxide growing preferentially inside the troughs left behind from the CHEF

process. Here larger oxide thicknesses≤0.87 µmwere observed to form.The electropolished cross-

sections however were deemed to be approximately the same as the wrought and solution-treated

tokens, with similar oxide thicknesses and crystallite morphology/sizes demonstrated. This was

of course with exception to areas upon the sample showing enhanced oxidation due to surface

height variation following the electropolishing process, and possible grain orientation-oxidation

effects.
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Figure 8.7: BSE-SEM micrographs of the external oxide formed upon corrosion tokens of different surface finish conditions of L-PBF IN625 following
exposure to hydrogenated PWR primary water held at 300∘C for 1500 h. Note in the additive case, oxide appears to be thicker upon the powder particle
compared to the flatter surroundings. For the CHEF case, troughs present from the surface finishing process appear to show enhanced oxidation. Raised
areas left behind from the electropolishing process also show enhanced oxidation due to their higher surface area compared to surrounding smoother
surfaces.
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The additive sample case showed the thinnest oxide scales (≤0.40 µm) of the study, located in

the smoother regions of the tokens in the absence of the un-melted powder particles. Extensive

precipitation was also viewed beneath the scale in the oxidation-affected region. This was charac-

terised using TEM with STEM-EDS mapping which can be viewed across maps in Figure 8.12 and

Figure 8.13, and corresponding line scans through targeted areas of interest via Figure 8.14.

Figure 8.12 shows a series of HAADF (High Angle Annular Dark Field), bright-field (BF) and

dark-field (DF) micrographs through the additive oxide scale following 1500 h exposure, and their

corresponding EDS maps.This demonstrated the duplex nature of the scale, showing large Fe-rich

oxide crystallites forming upon a thin <100 nm Cr-rich oxide layer. This was further confirmed

via the STEM-EDS linescan taken through the scale shown in Figure 8.14. Mn and Ti enrichment

was also viewed to be equally distributed through the protective oxide scale, with small Ti and O

presence inside precipitates (≤100 nm) in the oxidation-affected sub-scale.

Figure 8.13 shows additional STEM-EDS maps generated from the additive oxide scale cross-

section following 1500 h exposure. The (Nb,Mo)-rich acicular precipitate (≤600 nm) can be viewed

here, showing small amounts of N enrichment, particularly along the edges of the precipitate.

EDS line scanning through the acicular precipitate further demonstrated this, revealing slight N-

enrichment compared to the bulk material. Small amounts of Nb and Mo enrichment also existed

in the outer layer of the scale, showing the precipitate to form transversely across the protective

duplex oxide. Al-rich oxide was also observed to be to be distributed throughout the (Mn,Ti)-

enriched (≤100 nm) oxidation-affected sub-scale region. EDS line scanning through an instance

of the precipitate (Figure 8.14) further exhibited the strong enrichment of Al, Ti and O here.
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Figure 8.8: BSE-SEM micrograph and the corresponding EDS elemental maps showing the oxide crystallites formed upon additive surface L-PBF IN625
following exposure to hydrogenated PWR primarywater held at 300∘C for 1500 h. Note, the (Nb,Mo)-rich precipitate forming homogeneously as acicular
needles in the oxide surface. Darker areas showing lower elemental contrast adjacent to powder particles in each EDS map indicate shadowing effects
due to the non-uniform surface finish of the oxide token.
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Figure 8.9: Higher magnification BSE-SEMmicrograph and the corresponding EDS elemental maps showing the oxide crystallites formed upon additive
surface L-PBF IN625 following exposure to hydrogenated PWR primary water. Note the acicular (Nb,Mo)-rich precipitates present, depleted in Ni.
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Figure 8.10: BSE-SEM micrographs and the corresponding Nb EDS elemental maps showing the evolution of the Nb-rich precipitate following solution
heat-treatment (at 1177 ∘C, 1 h, water quench) and prolonged exposure to hydrogenated PWR primary water held at 300∘C for 500 and 1500 h. Following
solution treatment, Nb presents itself as small needles assumed to be Ni3Nb 𝛿-phase. When held for 500 h in PWR simulated conditions, the Nb-rich
needles dissolve and redistribute themselves to residual cell boundaries in the sample surface. After a longer holding period of 1500 h, the Nb-rich
precipitate appear to reform as coarse acicular needles distributed homogeneously through the surface.
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Figure 8.11: BSE-SEMmicrographs showing FIB cross-sections of the oxides formed upon corrosion tokens of different heat-treated and surface finished
conditions of L-PBF and wrought IN625 following exposure to hydrogenated PWR primary water held at 300∘C for 1500 h.
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Figure 8.12: HAADF, BF and DF micrographs and corresponding STEM-EDS elemental
maps showing the FIB cross-section through oxide scales formed upon additive surface
L-PBF IN625 following exposure to hydrogenated PWR primary water held at 300∘C for
1500 h. Note the duplex scale, with Fe-rich outer scale and Cr-rich inner scale.
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Figure 8.13: HAADF, BF and DF micrographs and corresponding STEM-EDS elemental
maps showing the FIB cross-section through oxide scales formed upon additive surface
L-PBF IN625 following exposure to hydrogenated PWR primary water held at 300∘C for
1500 h. Note the (Nb,Mo)-rich needle-like precipitate.
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(a)

(b)

(c)

Figure 8.14: STEM-EDS elemental map and corresponding labelled STEM-EDS line scan
(see white dotted line) through: (a) oxide scales, (b) Nb-rich precipitate, (c) Al-rich pre-
cipitate formed in the sub-scale region of the additive surface L-PBF IN625 following
exposure to hydrogenated PWR primary water held at 300∘C for 1500 h.
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8.6 Discussion

8.6.1 Mass gain

The specificweight change experienced by the L-PBF IN625 tokenswerewithin the range expected

for corrosion inside a PWR environment [23, 214, 216]. Zhou et al. recorded similar mass gain

values (∼ 0.11 mg/cm2 after 1500 h) for wrought IN625 in PWR primary water, comparable to the

as-built and wrought samples examined. In contrast to Zhou et al. however, no pitting corrosion

was observed, though this is likely due to the fact pitting effects were more dominant at earlier

stages of oxidation which were not tested for (e.g. t < 100 h) in the current work [25, 68, 206, 216].

In the present study, any deviation to specificweight gainwas seen to bemore dependent upon

the surface finish, rather than microstructural anisotropy introduced by the L-PBF process. This

is clearly evidenced by the similar performance exhibited by the as-built alloy compared to both

the solution and wrought tokens, and reinforces conclusions that solution treatment is successful

in producing approx. the same microstructure as found in conventional material [28, 34, 44, 83,

89, 295]. It is thought that the slight increase in mass gain demonstrated by the as-built tokens is

likely by consequence of the finer grain size compared to the wrought alloy, providing a higher

density of short circuit diffusion pathways. It is also assumed that as-built L-PBF microstructures

demonstrate higher dislocation densities (∼ 2 × 1014 dislocations/m2) than those encountered in

heat-treated materials [118]. An increased defect population will drive diffusion of ions and hence

accelerate rates of oxidation experienced here [13]. It is also possible microsegregational effects

by Nb and Mo may have contributed to faster oxidation and mass gained here, as experienced

previously with L-PBF IN718 by Ramenatte et al. amongst other studies with AM materials [10,

109, 127, 185]

Surface finish influenced the mass gain rates significantly. This is strongly supported by the

increased rates of spallation demonstrated by the additive sample case, followed by the CHEF to-

kens investigated, which lead to mass losses at early stages of exposure. Spallation is frequently

observed for wrought IN625 investigated in the literature, though this is usually attributed to pit-

ting corrosion effects at higher oxidation temperatures [23, 25, 29, 55, 68, 216, 230]. High surface

roughness increases the surface area for oxidative attack, and has been readily observed through-

out studies in the literature [16, 207, 218]. It is further understood that high residual stresses mea-

sured in the CHEF sample case can rival that of shot peening, measuring values up 550 – 800 MPa

[42, 100, 134, 137]. Reynolds et al. investigated the effect of surface modifications on the high tem-

perature oxidation of RR1000 in air [200]. Shot peening and high compressive stresses induced

in the alloy surface led to increased buckling behaviour and accelerated oxidation. It is likely the
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CHEF process produced a similar effect, with high dislocation densities providing short circuit

diffusion pathways for enhanced ion transport [13, 200, 205]. Stress in the CHEF tokens can also

be concluded following the peak shift demonstrated in the Raman spectra obtained for the con-

dition compared to the polished and electropolished tokens investigated. Robertson summarized

the effects of surface finish dependence upon the oxidation of stainless steels in high tempera-

ture de-oxygenated waters [209]. Here electropolished surfaces were deemed close to ideal for

Ni-based superalloy in PWR environments, which supports the low rates of oxidation and similar

oxide thicknesses and morphologies observed in the present study. Scalability of electropolishing

for larger scale components however will remain a challenge. Common systems for electropolish-

ing are available via bench top, wet bench or floor standing lab set ups. Large surface area parts

can limit the effectiveness of the polish with regard to issues related to heat management and

maintenance of the concentration of the electrolyte chemistry, leading to part size creep (longer

processing times and uneven quality.)

8.6.2 Analysis of the external oxide

A duplex oxide structure (of thickness 0.20 – 0.87 µm) was consistently demonstrated across all

microstructure and surface finish sample types investigated in this study, including the rough-

est case of the additive tokens [23–25, 30, 55, 204–206, 212, 214, 216]. The duplex oxide structure

demonstrated is indicative of non-selective oxidation behaviour in the alloy, which is traditionally

observed for wrought Ni-based superalloy in the literature [209, 214]. The outer layer was con-

cluded to consist primarily of the Ni(Fe,Cr)2O4, as evidence by a combination of EDS, XRD, Raman

and STEM-EDS. Formation of the discrete islands of Fe-rich spinel has been widely reported in

PWR and higher temperature SCWR conditions in the literature [24, 55, 68, 201, 204–206, 214, 216].

The oxide morphology on the surface was similar in shape and size across all conditions, particu-

larly comparable to works by Panter et al.with IN600 in PWR primarywater [201]. It is understood

that the Fe-rich spinel grows via the ingress of water along micro-pores present in the oxide. The

Fe-rich spinel coarsens faster than the Cr-rich counterpart at temperature ranges common to Gen-

eration III PWR designs (T < 400∘C) due to its accelerated diffusivity in the oxide compared to Cr

and other key alloying elements, D𝐹𝑒 > D𝑁 𝑖 > D𝐶𝑟 [68, 204, 209, 214, 216]. Hence non-selective

oxidation of the outer layer occurs via the diffusion of Ni+2 and Fe+2 cations to the surface along

grain boundaries and vacancies, leading to the formation of a protective layer which coarsens at

higher temperatures and prolonged periods [209]. Further work is required to validate the non-

selective oxidation mechanism and could be determined by a comparison of the Ni:Fe:Cr ratio via

extensive EDS measurement in the bulk of the alloy substrate, as demonstrated by Was et al. for
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316L and 304 stainless steels.

It is thought that spallation of the surface oxide into the recirculating fluid may have led to en-

hanced Fe-cation saturation of the primary water by its dissolution [205, 209, 216]. This may pose

as a solution to the significant mass gain following 500 h exposure, where an increase in Fe content

would drive accelerated formation of the dominant NiFe2O4 spinel phase [214, 216]. This may also

explain the presence of Fe2O3 and Fe3O4 detected via Raman spectroscopy, as observed by Yang et

al. in the external oxide [68]. Formation of Nb2O5 however can be attributed to microsegregation

effects, as well as relatively high Nb content in the alloys investigated [23, 24, 214, 216]. Wrought

IN625 tokens demonstrated the lowest intensity peak shift for Nb2O5 at 1334 – 1356 cm−1 and

can be attributed to the lower Nb compositional content measured in the bulk alloy (3.460 wt.%)

compared to the L-PBF materials (3.870 wt.%) in the study. Mixed spinel formation can lead to a

disruption of the protective oxide stoichiometry and uniformity, leading to accelerated rates of

oxidation, and lower adherence of the scale to the substrate.

The thin, dense Cr-rich inner layer however, appeared to have a more continuous uniform

interface, similar to that observed by Panter et al. [23, 201]. This layer demonstrated selective

oxidative behaviour, with evidence of strong Cr enrichment throughout the inner oxide layer re-

vealed using STEM-EDS, as well as Cr depletion in the sub-scale as demonstrated by Ren et al for

alloy 625 in supercritical waters [25, 55, 68, 209, 214]. HAADF TEMmicrographs further indicated

a change in contrast when moving from the inside to outer oxide layer suggesting a compositional

change. Raman, XRD and results from the literature allow the authors to conclude the spinel to be

likely NiCr2O4, although additional thermodynamic analysis is needed to fully confirm this. Cor-

relations between the oxygen enrichment zone and the Cr depletion depth beneath the scale could

also pose as further evidence for the relationship, as stated by Panter et al. [201]. It is postulated

that the selective oxidation of Cr will lead to the formation of vacancies which could enhanced

the transport of oxygen into the substrate, promoting intergranular oxidation and SCC.

Strong Ti and Mn enrichment was shown to be distributed equally throughout the oxide film.

Ti presence in the oxide scale has been associatedwith accelerated rates of oxidation via Ti-doping.

Ti-doping of chromia Cr2O3 has been observed for the Ni-based superalloy RR1000 during high

temperature oxidation in air. Cruchley et al. demonstrated that Ti ions have a greater mobility

through the chromia scale to allow formation of oxide in the outermost layer [156]. For IN625 this

effect is expected to diminish over time due to the low Ti content in the alloy. Mn presence has

been related to improved adherence of the oxide scale by a reduction to the activity of chromia

[5, 181, 188].

Sub-micron (Nb,Mo)-rich acicular precipitates were distributed across the external oxide layer
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formed upon the additive surface tokens. STEM-EDS mapping and line scanning revealed the

precipitate to have small amounts of N-enrichment, concentrated at the edges. These findings

suggest that the precipitate is likely a (Nb,Mo)-rich nitride. Zuback et al. studied the formation of

similar Nb-rich nitrides formed in Laser Powder Bed Fused IN625 samples of varying Fe content

[130]. Following heat-treating, it was shown that high Fe, Ti and Si content (Fe: < 4.0 wt.%, Ti: 0.19

wt.%, Si: 0.0035 wt.%) lead to the enhanced formation of MN nitrides, paired with effects of Nb

microsegregation in the as-built alloy. The lower content samples (Fe: 1.0 wt.%, Ti: 0.019 wt.%, Si:

0.37 wt.%) however formed Laves phase upon building which upon heat treatment experienced a

partial transformation into a (Nb,Cr,Mo)2N. Based on the findings posed by Zuback et al. and the

chemical compositions in the present study, it is likely the precipitate is an MN nitride, although

further quantitative STEM-EDS and diffraction patterns must be obtained to fully characterise the

precipitate.

It is believed that the (Nb,Mo)-rich precipitate was exclusively present in the additive case

due to the unique surface finish. Powder particles adhered to the surface lead to localised non-

equilibrium chemical composition. Due to the wrinkled and convoluted surface finish, upon heat

treatment there were likely fewer degrees of freedom for the diffusion of ions in the surface than

within the substrate bulk. Therefore it appears likely that following post-processing microsegre-

gational effects remained in the surface region of the sample, leading to (Nb,Mo) microsegregation

and saturation, and hence the promoted nucleation of the (Nb,Mo)N.

8.6.3 Grain orientation and oxidation effects

The external oxides presented on the solution-treated L-PBF and wrought alloy tokens showed en-

hanced oxidation related to grain texture demonstrated on the sample surface prior to exposure.

Similar research into the oxidation of Ni-based superalloys in PWR environments by Sennour et

al. and Was et al. revealed that the sample oxides formed were often too thin to mask any surface

features such as machining marks, or indeed grain orientation [29, 205]. Here it appeared that

there was an epitaxial relationship between the between Cr-rich and Fe-rich crystallites formed

on the alloy surface leading to selected raised areas showing thicker oxide formation [205]. Tan

et al. investigated the effects of Grain Boundary Engineered Ni-based superalloy in PWR primary

water. Here through control of the Coincident Site Lattice (CSL) grain boundary fraction (Σ ≤ 29)

a significant decrease in corrosion rate was achieved by lower diffusivity along CSLs than ran-

dom misorientation boundaries [23]. A similar approach can be taken when relating the effects of

grain orientation to oxidation in the present study. It is thought that the [001] orientation showed

decreased rates of oxidation due to the larger interplanar spacing, and fewer nearest neighbour

185



CHAPTER 8. PWR HYDROGENATED WATER CORROSION

atoms here compared to the likes of the [101], and [111] grain orientations. This would result

in a longer pathway for the diffusion of ionic species to form oxide, hence establishing a grain

orientation-oxidation relationship. The result has interesting implications for the application of,

and the freedom of parameter design encountered with AM, where grain texture could potentially

be controlled in order to limit oxidation in select regions of a component.

8.7 Conclusion

Oxidation of L-PBF IN625 inside simulated PWR hydrogenated water results in the formation of

a duplex oxide scale. Regardless of variations in the L-PBF microstructure or surface finish, the

outer layer was comprised of discrete crystallites of Fe-rich Ni(Fe,Cr)2O4 spinel, and a Cr-rich

dense inner layer. It is understood that the outer layer grew by the non-selective oxidation of Fe

and Ni, whereas the inner layer grew by the selective oxidation of Cr via the inward diffusion of

oxygen anions to the inner layer interface. Mass gain and spallation was related to surface rough-

ness, topography and surface residual stress, where a combination of these led to greater amounts

of mass loss and formation of a less protective oxide scale. Electropolishing was deemed the more

ideal surface finishing choice for L-PBF IN625, where similar oxide morphology, thicknesses and

specific weight change was achieved compared to conventional wrought alloy. The oxidation of

the external scale was influenced by grain orientation, where a oxidation-orientation relationship

was established using SE-SEM of the oxide and correlative EBSD of the microstructure under-

neath. Unique metal nitrides were characterised in the additive surface oxides, shown to grow

during PWR exposure. These were consistent with microsegregated L-PBF IN625 heat treated in

the literature.
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Chapter 9

Conclusions and Future Works

9.1 Conclusions

Chapters 1 to 5 give an introduction to the oxidation and corrosion behaviour of the Ni-based

superalloy IN625. Following this is original work from this project, the main conclusions of which

outlined below.

Chapter 6 presents an investigation into the microstructure and oxidation properties of L-

PBF IN625 following heat treatment (as-built and solution) and surface finishing (ground, additive

surface roughness, and Centrifugal High Energy Finishing, CHEF), exposed to 950∘C in laboratory

air and pressure for periods of 24 h – 1000 h.

Sub-parabolic to cubic oxide growth rate behaviour was demonstrated across all conditions,

calculated to be slightly lower than those typically found for wrought IN625. Microstructural

anisotropy introduced by the L-PBF process was not seen to influence oxidation resistance sig-

nificantly compared to surface finish. Enhanced rates of oxidation and spallation in the additive

roughness and CHEF tokens were attributed to having higher effective surface area for oxida-

tive attack, and surface residual stresses increasing the defect population for diffusion of ions to

the surface oxide, respectively. Overall CHEF and additive surfaces were seen to have an adverse

effect on the oxidation kinetics compared to smoother ground or polished token surface finishes.

Regardless of microstructural variations or differences in the surface finishing, all conditions

formed a protective external chromia scale (Cr2O3) alongside a near-continuous Ni3Nb 𝛿-phase
layer at the scale/alloy interface. Significant Cr depletion was characterised beneath the scale

and related to void formation, where Cr diffusion coefficients were extrapolated to inform the

oxidation mechanism. Additive samples with the highest oxidation rate showed the deepest Cr

depletion zone, with a corresponding high density of voids in the oxidation affected-region. In-

stances of internal oxidation were observed to penetrate from the oxide scale into the bulk of the

substrate, identified to be alumina (Al2O3). Precipitates rich in (Nb,Mo,Ti) were examined in the

oxidation-affected bulk, identified to be most likely a mixture of M6C carbides and 𝛿-phase.

Surface finish was seen to alter the precipitation of the 𝛿-phase (Ni3Nb) at the scale/alloy inter-
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face via changes in the surface roughness morphology and the contact angle for nucleation of the

phase. Surfaces with more non-uniform roughness profiles contained less 𝛿-phase. The 𝛿-phase
coverage at scale/alloy interface was calculated to influence the theoretical temperature change

for spallation (ΔT 𝑐), where full coverage could potentially lead to a 200∘C increase in ΔT 𝑐 . This

was related to physical measurements of stress in the oxide scale via XRD, where 𝛿-phase is pre-

dicted to accommodate growth and thermal stresses generated by the chromia and substrate. This

finding has important implications for the surface finish design of AM components for enhanced

resistance to spallation during cooling and/or thermal cycling.

In Chapter 7, a study was presented investigating the influence of grain boundary character

upon the internal oxidation of L-PBF IN625. As-built and solution treated alloywas exposed to high

temperature laboratory air and pressure at 950∘C for 0.5 h – 1000 h. Solution heat treatment was

applied recrystallise the microstructure and to examine Coincident Site Lattice (CSL) boundary

formation resultant from the highly-stressed as-built microstructure.

Significant fractions of CSLs (up to 70%) were observed to form following heat-treatment and

exposure to high temperature isothermal conditions. Whilst no notable change was seen in the

oxidation growth rate with increased CSL fraction, grain boundary character was seen to influence

the nucleation of internal oxides (Al2O3) in the sub-scale oxidation-affected region. In all cases,

approximately 70% of instances of internal oxide resided upon randommisorientation boundaries.

High CSL fractions in the material correlated to shallower depths of internal oxide penetration,

hindering possible crack propagation into the substrate. This was attributed to the lower assumed

diffusivity along CSLs.

In Chapter 8, the oxidation resistance of L-PBF IN625 was explored in PWR hydrogenated wa-

ter (T = 300∘C, P = 10.8 MPa) for times of 500 h, and 1500 h.This was carried out to inform possible

routes of post-processing, with various heat treated (as-built, solution, wrought) and surface finish

conditions (polished, additive surface, CHEF and electropolished) selected for their applicability

to AM. All sample conditions produced positive mass gains after 1500 h. At early exposure times

of 500 h, the additive surface tokens and CHEF materials however showed mass loss and spalla-

tion of the oxide scale. This was attributed to high amounts of surface roughness (and a higher

surface area to volume ratio for oxidative attack) and residual stress (increasing the defect popula-

tion for increased rates of ion transport) respectively. Despite this, mass losses were overtaken at

longer periods of oxidation of t = 1500 h. No pitting corrosion was observed across all conditions

investigated, despite large assumed microsegregation in the as-built samples, and high densities

of (Nb,Mo)-rich nitrides in the additive surface sample case.

All samples exposed to high temperature PWR hydrogenated waters were observed to form
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sub-micron duplex oxides with an Fe-rich outer layer (Ni(Fe,Cr)2O4) and a thin Cr-rich inner layer.

Differences in the microstructure did not seem to alter the oxide morphology significantly, where

similar sized Fe-rich crystallites were nucleated on the external layer surface across as-built and

solution treated alloy. These were similar to those seen to form upon wrought alloy.

Solution treated L-PBF and wrought IN625 showed grain-orientation enhanced oxidation in

the external oxide, forming raised areas across the sample surface. Oxide was removed to inves-

tigate this via EBSD mapping. Correlations made between the EBSD IPF maps and SE-SEM mi-

crographs revealed that grains oriented in the [001] direction showed lower instances of Fe-rich

spinel formation than [111] oriented grains. The following grain orientation-oxidation relation-

ship was established, in the order of increasing rates of diffusion: [001] < [101] < [111]. This was

attributed to an decreasing interplanar spacing for the diffusion of metal ions to form oxides, as

well as a fewer number of nearest neighbour atoms when comparing a [001] orientation grain to

a [111] grain.

The morphology of the oxide was seen to vary and was strongly dependent on the surface

finish of the tokens investigated. Polished tokens showed a uniform protective scale comparable

to conventional Ni-based superalloys used in industry settings. Additive surface tokens however

showed enhanced oxidation of residual powder particles adhered to the surface. The convoluted

surface roughness led to formation of a non-uniform oxide, with thicker regions upon powder

particles compared to the surrounding more planar surfaces. Significant spallation was measured

as a result. Significant precipitation was observed in the oxide surface, where (Nb,Mo)-rich ni-

trides were able to form due to residual microsegregational affects introduced during the L-PBF

process. Electropolished tokens however showed the most comparable oxide morphology and ox-

ide thickness compared to conventional wrought IN625 in the literature, and was thus deemed the

most suitable route for post-processing.

9.2 Future work

Further testing is necessary to fully characterise the oxidation behaviour of L-PBF IN625 in both

air and PWR operational environments, as well as the capabilities of AM for the tailoring of mi-

crostructure for optimized oxidation resistance. The following further work has thus been high-

lighted.

To continue oxidation testing for longer time periods (10,000s h) and temperature ranges (425

– 1100∘C), across multiple heat treatments and surface modifications. This will allow for exten-

sive analysis and characterisation of the oxide scale and phase growth for further comparison to
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conventional Ni-based superalloys. Multiple exposure temperatures would serve to compliment

the work by allowing for the determination of the activation energy of chromia across various

post-processed conditions of L-PBF IN625 via application of Arrhenius relationships. Knowledge

of this would allow for their direct comparison to pure perfectly stoichiometric chromia and thus

determination of the ideal route available for optimised oxidation resistance.

Detailed analysis of the long-term effects of the near-continuous 𝛿-phase is required to fully

understand the proposed mechanism for relaxation between the chromia scale and the IN625 sub-

strate. Prolonged testing with in-situ synchrotron XRD measurements could allow for the fur-

thered characterisation of the 𝛿-phase growth mechanism and rate across multiple surface finish

conditions. Complimentary physical measurements of stress generation in the scale upon cooling

via XRD peak shift to further validate the concept. In this fashion, surface finishes could be de-

signed to either enhance or prevent the formation of the 𝛿-phase to alter the stress response upon

cooling or thermal cycling of a component.

The effect of CSL boundaries on oxidation was studied, but only following solution-treatment.

Multiple heat treatment designs could be explored to attempt to vary the CSL fraction produced,

and the extent of recrystallisation. The flexibility offered by additive manufacturing could allow

for the design of scan strategies aimed to produce microstructures with high dislocation densities

to emulate cold working stages as seen in conventional GBE. A graded microstructure approach

could then be taken to allow for the implementation of localised microstructures for optimised

oxidation resistance i.e. in the surface of a component. Further work is required to ascertain if this

is a scalable effect for component sizes required in industry.

Additional research is needed for further clarification of the usability of L-PBF IN625 inside

corrosion simulated PWR conditions. The mechanical response of the alloy must be also charac-

terised via in-situ corrosion tensile testing via constant extension rate tensile testing.This could be

applied to assess the effect of the various surface finishing conditions upon SCC mechanisms, and

for the subsequent characterisation of crack propagation and strain to failure. This will allow for a

more detailed evaluation of the ideal post-processing route for L-PBF IN625 to be made compared

to conventional Ni-based superalloys and stainless steels.

Further LWR environments common to Ni-based superalloys such as SCWR and Ultra-SCWRs

could be explored to further investigate the effect of a reducing environment at higher temper-

atures and pressures. The effect of microsegregation and precipitation may also have a greater

influence upon pitting here than the present study PWR conditions, due to the higher tempera-

tures and kinetics present. TGA measurements here would also allow for continuous mass gain

measurement, calculation of oxide growth rates, and a greater insight into spallation mechanisms.
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The effects of corrosion in irradiated water is vital to investigate the in-service conditions

experienced by IN625 in PWR and Generation IV design reactors. Irradiation will lead to changes

in the sample microstructure over time, where the generation of dislocation loops will lead to

a change in the defect population present in the substrate and hence diffusivity of metal ions.

This will likely increase rates of oxidation and spallation. Hydrolysis effects of the water will also

influence the corrosion mechanisms observed.

Further characterisation of the oxide scale and sub-scale region is desirable via TEM with

STEM-EDS. Sub-micron oxides and precipitates formed required higher resolution microscopy

to quantitatively analyse their composition and elemental distribution. This was especially the

case in the additive sample case. Obtaining diffraction patterns for key phases and precipitates

encountered such as the (Nb,Mo)-rich nitride would allow confirmation if it is MN, and for more

detailed comparison to literature.

Detailed analysis is required to further characterise the level of residual stress present in the as-

built tokens and CHEF cases in particular. High resolution Kernel Average Misorientation (KAM)

mapping could be carried out to quantify stress and dislocation density. This could illustrate its

influence upon the kinetics of the oxidation in both air and PWR primary water more strongly.
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Appendix

Table 1
SummaRy of the oxidation peRfoRmance of wRought Ni-based supeRalloys in lit-
eRatuRe, following isotheRmal oxidation testing in laboRatoRy aiR and pRes-
suRe [1–11].

Author Year Time Temperature 1/(104/T) K𝑃 Oxides
(h) (∘C) (mg2/cm4/s)

Kumar 1996 >3 1050 7.56 6.25E-05 Cr2O3
>3 1100 7.28 1.55E-04
>3 1150 7.03 2.80E-04 Cr2O3 + Nb2O5 and TiO2
>3 1200 6.79 6.60E-04
>3 1050 7.56 5.58E-05
>3 1100 7.28 1.38E-05
>3 1150 7.03 2.50E-04 Cr2O3 + Nb2O5 and TiO2
>3 1200 6.79 4.43E-04

England 1999 > 10000 800 9.32 2.81E-08 Cr2O3
> 10000 850 8.90 4.81E-08
> 10000 900 8.53 1.54E-06
> 10000 950 8.18 2.97E-06
> 10000 1000 7.86 1.95E-05
> 10000 1050 7.56 6.19E-06
> 10000 1100 7.28 6.44E-05

Trindade 2005 100 1000 7.86 1.09E-05
N’dah 2007 200 900 8.53 5.56E-07 Cr2O3,

200 1000 7.86 8.33E-06 Cr2O3, (Mn,Cr)2O4
Colas 2020 35 1100 7.28 2.95E-05 Cr2O3, NiO, NbCrO4, MnCr2O4

Chyrkin 2011 1000 900 8.53 2.93E-07
Staszewska 2016 96 1000 7.86 9.79E-06 Cr2O3, Nb2O5, NiCr2O4

96 1100 7.28 9.90E-06 Cr2O3, Nb2O5, NiCr2O4
96 1200 6.79 1.00E-05

Arnold 2017 1000 900 8.53 3.19E-07 Cr2O3, Mn𝑥Cr3−𝑥O4
Trindade 2017 100 850 8.90 1.53E-06 Cr2O3
Ramenatte 2020 50 900 8.53 3.50E-07 Cr2O3, MnCr2O4

50 1050 7.56 8.15E-06
Sousa Malafaia 2020 120 800 9.32 N/A

240 800 9.32 N/A
120 1000 7.86 N/A Cr2O3, MnCr2O4
240 1000 7.86 N/A Cr2O3, MnCr2O4

Chyrkin 2022 300 900 8.53 4.98E-07 Cr2O3, NiCr2O4, TiO
1000 7.86 5.31E-06 Cr2O3, NiCr2O4, TiO
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Table 2
SummaRy of the oxidation peRfoRmance of L-PBF manufactuRed IN625 in liteRatuRe, following isotheRmal oxidation testing in
laboRatoRy aiR and pRessuRe [1, 9, 10, 12–17].

Author Year Time Temperature 1/(104/T) K𝑃 Oxides Notes
(h) (∘C) (mg2/cm4/s)

Arnold 2017 1000 900 8.53 8.75E-09 Cr2O3 ODS alloy
Chen 2020 100 900 8.53 1.69E-04 Cr2O3, Ni(Cr,Fe)2O4 As-built TiC Nanocomposite

100 900 8.53 1.01E-04 Cr2O3, Ni(Cr,Fe)2O4, NiO, Laser shock peened (1 pass) TiC Nano
100 900 8.53 4.50E-05 Cr2O3, Ni(Cr,Fe)2O4, NiO, TiO2 Laser shock peened (2 passes) TiC
100 900 8.53 2.37E-05 Cr2O3, Ni(Cr,Fe)2O4 Laser shock peened (3 passes) TiC Nano

Chen 2020 100 1000 7.86 2.46E-04 As-built
100 1000 7.86 6.83E-05 As-built TiC Nanocomposite
100 1000 7.86 1.91E-04 Solution-treated
100 1000 7.86 2.47E-06 Heat-treated TiC Nanocomposite

Condruz 2020 96 900 8.53 7.23E-07 Cr2O3 and (Ni, Fe)Cr2O4 As-built
96 1050 7.56 1.67E-05 (Ni, Fe)Cr2O4, Cr2O3 As-built

Parizia 2020 96 900 8.53 3.89E-07 Cr2O3, NiCr2O4, Nb2O5 As-built
96 900 8.53 4.17E-07 Cr2O3, NiCr2O4, Nb2O5 Solution-treated
96 900 8.53 8.06E-07 Cr2O3, NiCr2O4, Nb2O5 Solution-treated

Ramenatte 2020 50 900 8.53 5.25E-07 Cr2O3 Laser Beam Melted
50 1050 7.56 2.66E-05 Laser Beam Melted

Sun 2020 100 900 8.53 2.57E-04 Cr2O3, NiCr2O4, NiFe2O4, NiO VED = 76 J/mm3 As-built
100 900 8.53 1.08E-04 Cr2O3, NiCr2O4, NiFe2O4, NiO VED = 104 J/mm3 As-built
100 900 8.53 7.42E-05 Cr2O3, NiCr2O4, NiFe2O4, NiO VED = 167 J/mm3 As-built

Chyrkin 2022 300 900 8.53 8.78E-07 Cr2O3, NiCr2O4, TiO As-built IN625 Y orientation
300 900 8.53 9.97-07 Cr2O3, NiCr2O4, TiO As-built IN625 Z orientation
100 1000 7.86 1.24E-05 Cr2O3, NiCr2O4, TiO As-built IN625 Y orientation
100 1000 7.86 8.80E-06 Cr2O3, NiCr2O4, TiO As-built IN625 Z orientation
300 900 8.53 2.19E-07 Cr2O3, NiCr2O4, TiO As-built coarse grained + annealed
300 900 8.53 7.93E-07 Cr2O3, NiCr2O4, TiO As-built + hot rolled

Huang 2022 40 1000 7.86 7.19E-06 Cr2O3, NiCr2O4,NiO v = 600 mm/s As-built
40 1000 7.86 2.86E-06 Cr2O3, NiCr2O4,NiO v = 750 mm/s As-built
40 1000 7.86 3.52E-06 Cr2O3, NiCr2O4,NiO v = 900 mm/s As-built
40 1000 7.86 3.18E-06 Cr2O3, NiCr2O4,NiO v = 1000 mm/s As-built
40 1000 7.86 3.05E-06 Cr2O3, NiCr2O4,NiO v = 1200 mm/s As-built
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Figure 1: Appendix Figure 1: Laser Powder Bed Fusion (L-PBF) manufactured IN625 upon
build plate, containing a total of 72 cylindrical rod samples, and 8 cuboid samples. The
samples consist of cylindrical shapes with diameters of 14 mm and heights of 120 mm,
and cuboids of 10 mmheight, by 10mmwidth, by 10mm depth.The build plate showcases
a variety of sample geometries, strategically arranged for optimal space utilization and
heat management during the manufacturing process.

Figure 2: Appendix Figure 2: Laser Powder Bed Fusion (L-PBF) manufactured IN625 sam-
ples upon build plate, containing a total of 420 circular tokens on support struts. The
samples dimensions were set to produce tokens of diameter of 14 mm and thickness of
2 mm. Four test cuboid samples were also placed in each corner (of 10 mm height, by
10 mm width, by 10 mm depth) to test for possible variations in microstructure across
the build plate. The build plate showcases a variety of sample geometries, strategically
arranged for optimal space utilization and heat management during the manufacturing
process.
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