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Abstract 
 

The microstructure formed after laser powder bed fusion (L-PBF) depends on the thermal gradient and 

solidification rate with the complex physical interactions of the melt pool and heat flow also impacting the 

solidifying structure. Due to the layer-by-layer methodology applied in L-PBF, modifying these factors is 

possible and an area of growing research. Thus, the microstructure itself can be seen as a variable tool to be 

controlled through processing parameters, allowing L-PBF to be harnessed to move towards the generation 

of functionally graded microstructures and the formation of components with structures which are fully 

optimised for their application. This work explores the feasibility of additively manufacturing tailored 

Inconel 718 microstructures by varying process parameters and scanning strategies, to modify the mechanical 

properties and performance. This investigation focuses on controlling the heat input and thermal history 

through process parameter manipulation; notably the heat input parameters (power, scan speed, and hatch 

spacing) and island scanning parameters (island size, shift, and island overlap). Preliminary investigations 

into the use of base plate heating at 400oC with the objective of moving from columnar to equiaxed growth 

were also made.  

The changes in preferred orientation, morphology and grain size were fully characterised and compared using 

scanning electron microscopy, electron back scatter diffraction and X-ray diffraction. The solidification cell 

size was quantified to estimate the effect of the process parameters on the cooling rates. Both grain size and 

preferred orientation were successfully tailored through scanning parameter modification and separately 

through base plate heating. Based on these obtained microstructures, graded microstructures were generated 

using subtle modifications in the island strategy.  

The viability of using scanning strategies to modify the mechanical properties of Inconel 718 through 

variations of microstructure was then investigated in more detail. Mechanical testing indicated that the 

scanning strategy can be used to generate functionally graded specimens; larger grains and more [001] 

preferred alignment resulting in lower Young’s modulus and strength or smaller grains with a reduced 

preferential [001] orientation along the build direction increased the Young’s modulus and strength. Digital 

image correlation showed that strain in graded structures was concentrated in highly textured areas. The 

ductility was limited by the entrainment of thin Al oxides folded in the melt pool which were investigated in 

more detail. Further investigation into the high temperature isothermal oxidation resistance of the 

microstructurally variant components was made. The mass gain behaviour was found to be broadly similar 

between the different conditions after 504 h and comparable to wrought Inconel 718 but following sub-

parabolic oxidation kinetics possibly attributable to the formation of an underlying Nb rich layer.  
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CHAPTER 1. Introduction 
 

This chapter introduces Inconel718 (IN718) and provides a brief background on its typical 

applications and standard manufacturing routes. Additive manufacturing (AM); specifically, laser 

powder bed fusion (L-PBF), is then introduced together followed by the aim and objectives and an 

outline of this doctoral work. 

1.1 Overview of Inconel 718 applications and manufacturing routes 

IN718 is an aero-engine alloy widely used up to 650oC [1]. This stems from its good mechanical 

properties at both room and elevated temperatures coupled with its high corrosion and oxidation 

resistance within this temperature range [1]. IN718 is commonly used in the hot sections of turbofan 

engines – specifically as turbine discs, stator vanes and structural cases as is shown in Figure 1.1 

[1]. In these applications, it needs to maintain good mechanical properties at temperatures 

approaching 50% of its melting temperature (1370 – 1430oC), maintain good creep resistance 

coupled with fatigue and oxidation resistance [2]. Other non-aerospace applications include 

compressor rotors in land-based turbine engines, cryogenic storage tanks, and oil and gas production 

machinery [3,4].  
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Figure 1.1: Schematic diagram for a short-ducted, non-mixing turbofan engine showing the use of IN718 for 

aerospace propulsion [5,6]. 

The typical processing route for IN718 is depicted in Figure 1.2. Typically, large ingots are 

fabricated using vacuum induction melting (VIM) in a refractory crucible to remove low-melting 

point contaminants [3]. The melt is then deoxidised before adding reactive elements such as Al and 

Ti [3]. Once the desired composition is achieved, the ingot is then remelted to reduce solidification 

defects caused during VIM [3]. Remelting can be done through vacuum arc remelting (VAR), 

electro-slag remelting (ESR) or electron beam cold heart refining (EB-CHR) [3]. The final 
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components are then made through either [1,3,7]:  

i. investment casting; for complex shapes such as vanes and stator components. The 

reduction in strength associated to the casting process is acceptable as these components 

are governed by stiffness and limitations of wall thickness and radii.  

ii. forming; for simpler geometries subject to high dynamic loads and fatigue loading such 

as turbine discs. Critical rotating components are made using hot die forging and 

friction welding to obtain good mechanical properties and fine-grained interfaces.  

 

Figure 1.2: General processing route for IN718 aerospace components [3,8,9]. 

1.2 Additive manufacturing  

Metal additive manufacturing is the process of making metallic components directly from three 

dimensional (3D) computer aided drawings (CAD), where a 3D CAD file is sectioned into a 

stereolithography (STL) file consisting of incremental layers of the CAD model  [10]. These layers 

are then incrementally melted using a precisely moving high energy heat source, to melt the metal 

powder in the required shape [11].  

AM enables the production of parts with complex designs which cannot be made through standard 
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machining processes such as internal cooling channels and topologically optimised geometries 

[8,10,11]. While powder atomisation for AM can be expensive, the conventional processing of 

components through the forging and machining route mapped out in Figure 1.2 is also costly and 

results in a very high degree of waste [8]. For instance for the manufacturing of a 5 kg F-101 

compressor disc an initial ingot size of 95 kg is required [12]. Machining of IN718 further poses 

challenges due to work hardening resulting in excessive cutting temperatures and tool wear 

reducing the tool life [8,13]. Investment casting is time consuming and tends to result in inferior 

mechanical properties compared to forming and machining due to the high degree of elemental 

segregation characterising these processes [14,15]. Due to the slow precipitation kinetics 

characteristic of IN718, it is weldable and therefore an ideal candidate for AM [16–18]. Using AM 

can also be useful for further optimisation of the properties of such components. For instance, dual 

microstructure Ni-based superalloy discs consisting of a small grain size at the bore and a large 

grain size at the rim (Figure 1.3 (a)) are used to obtain superior mechanical performance. Such discs 

are obtained by applying a complex heat treatment involving insulation of the bore section as shown 

in Figure 1.3 (b). The use of AM and the layer-by-layer building method for such techniques allows 

the parameters to be changed during processing, hence affecting the microstructure. Thus, such dual 

microstructures to be obtained in situ without the need for a complex heat treatment stage. 
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Figure 1.3: (a) the grain size variation of a dual microstructure forging [19] together with (b) schematic 

representation of a dual microstructure heat treatment assembly [20]. 

There are many techniques commonly used in the metal AM field – the scope of the current work 

is on laser powder bed fusion, though achievements using other techniques such as electron beam 

powder bed fusion (EB-PBF) and direct energy deposition (DED) will also be discussed. The other 

techniques themselves are reviewed in more depth by Frazier et al. [10], Debroy et al. [14], Ngo et 

al. [21] and Singh et al. [22].  

The L-PBF process works by slicing a 3D model of the component into multiple layers which are 

(b)

(a)
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then sequentially melted in a powder bed using laser irradiation under an inert gas; typically argon 

[23–25]. L-PBF systems are generally set up as shown in Figure 1.4, with the powder being placed 

in a powder reservoir and components being built on a build plate or substrate, mounted on a build 

platform. A laser source deflected by a series of lenses and a galvanometer or scanning mirror moves 

along the surface to scan the required geometry [24]. The path that the heat source moves through 

during AM is referred to as the scanning strategy [24]. Between layers, the build plate will move 

down by the specified layer thickness and a recoater blade will spread powder from the reservoir to 

the substrate. The laser will then melt the subsequent layer. During this process some of the 

underlying layers may be remelted and solidified [24]. After manufacturing components are cut off 

the substrate using wire electrical discharge machining (WEDM) [24]. A heat treatment may be 

applied prior to or after part removal from the build plate. 

 

Figure 1.4: Schematic representation of a general L-PBF set-up. 
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1.3 Aim and Objectives 

The aim of this work is to modify the microstructure of IN718 through L-PBF and determine the 

effect of these microstructural changes on the mechanical properties at room temperature and the 

high temperature oxidation behaviour. This aim will be achieved through the fulfilment of the 

following objectives: 

1. Determine the response of the microstructure to different laser heat input parameters 

while still obtaining dense components 

2. Compare the response of the microstructure using laser heat input parameters to that 

obtained by changing scanning parameters within the island scanning strategy and 

comparing that to changes obtained through other established strategies commonly 

discussed in literature such as the bidirectional and cross-hatching strategies.  

3. Investigate whether baseplate heating can be a good alternative method to move from 

columnar to equiaxed growth. 

4. Determine whether these microstructural modifications can be used to generate 

differences in mechanical properties. 

5. Apply these techniques to generate functionally graded microstructures and determine 

the mechanical behaviour of such components at room temperature. 

6. Investigate whether these changes in microstructures can be successfully used to 

modify the high temperature oxidation performance for L-PBF IN718. 

1.4 Thesis outline  

This research project investigates and evaluates the application of microstructural engineering 

through L-PBF applied to IN718.  

In Chapter 2, a background on the metallurgy of IN718 is given together with a description of the 

physical variables governing solidification. The literature on the use of L-PBF in modifying the 

solidification conditions and thus the microstructure is then critically reviewed and the effect of 

microstructural engineering on the mechanical properties and the high temperature oxidation 

performance is discussed. Finally, the research gaps are identified and outlined.  
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In Chapter 3, the experimental procedure is outlined, specifying the powder used, building 

procedure, laser parameters and scanning strategies. The post-heat treatments, sample preparation, 

sample characterisation and mechanical testing procedures are also detailed.   

Chapter 4 focuses on the feasibility of manufacturing tailored microstructures through varying 

process parameters namely the scanning strategy and laser heat input. The effects obtained for both 

approaches are compared. A suitable heat treatment was applied to obtain the required hardness and 

reduce segregation but maintain the different microstructures generated. The solidification cell size 

was quantified to estimate the influence of the process parameters on the cooling rate. A numerical 

grain growth model was applied to the scanning strategies used and the mechanism behind the 

differences was discussed. Based on the obtained monolithic microstructures, graded 

microstructures were obtained through the modification of subtle parameters within the island 

strategy itself.  

Chapter 5 is a preliminary exploration of the application of base plate heating in conjunction with 

L-PBF of IN718 to transition from columnar to equiaxed growth. The effect of base plate heating 

is investigated in correlation with the use of two different laser heat input parameters and the 

differences in microstructure and hardness are discussed.  

Chapter 6 investigates the feasibility of using laser scanning strategies rather than heat input 

parameters to modify the mechanical properties through changes in the microstructure. The effect 

of larger build volumes is discussed and the generation of a functionally graded condition solely 

altering the parameters in the scanning strategy is demonstrated. The validation of the theory 

postulated for the grain growth model is also discussed. The limiting factors to the performance are 

also discussed in detail together with elucidation of the physical factors affecting the process. 

Chapter 7 determines whether the different microstructures obtained are enough to affect the 

oxidation performance at elevated temperatures and whether this will fructify in any significant 

improvements. The performance of L-PBF conditions is compared to the performance of wrought 

material. The cross-sections after long term exposures of 504 h are also analysed and discussed.  

In Chapter 8 the main conclusions from this work are outlined and discussed and the future work is 

presented.  
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CHAPTER 2. Literature review   
 

This chapter details the literature related to the physical and solidification phenomena in AM 

processes, the metallurgy of IN718 and how this differs after L-PBF processing. This chapter also 

includes a critical review on the progress in the field of microstructural control of grain orientation 

and size using additive manufacturing and how this can be used to change the mechanical properties 

and the oxidation performance of IN718. Gaps in the existing literature are highlighted and further 

discussed. 

2.1 Physical phenomena in additive manufacturing 

The melt flow behaviour in L-PBF is crucial as it will affect a component’s solidification structure. 

The molten metal must wet the previously processed layer and upon solidifying, the surface must 

be smooth enough to enable further powder layering without forming cave-like throughs which can 

result in porosity [26,27]. The melt behaviour is related to: 

i. Surface tension and Rayleigh instabilities: where surface tension will  reduce surface 

energy by binding melted particles and forming a smoother surface, reducing the free 

energy of the system by reducing the surface area [26,28]. This results in an overall 

increased surface contact which transfers the heat faster and increases the cooling rate.  

ii. Viscosity: changes in viscosity as the temperature changes from the liquidus to the 

solidus temperature influence the melt pool shape, smoothness, and density.  

iii. Wettability: gives a measure of how well the liquid metal maintains contact to the 

underlying solid metal. Balling will occur when the molten material does not wet the 

underlying solid which will lead to significant porosity. This occurs due to surface 

tension and results in a rough and bead-shaped surface reducing the part density. When 

the total surface area of the melt pool is larger than that of an equivalent diameter sphere 

with the same volume, balling occurs [29]. Thus long melt pools having a length to 

diameter ratio larger than 2.1-3.14 tend to ball [26,29]. This ratio may be also affected 

by the laser scanning strategy where for very short raster lengths, the previous track 

may not have become fully solid yet which in turn results in a melt pool width 
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effectively spanning a number of scanning tracks leading to a more stable melt pool 

behaviour [26].  

iv. Oxidation: increased oxygen content in the build chamber results in changes to the melt 

pool shape by affecting the direction of melt pool convection. Melt pool convection 

current direction is dependent on the temperature coefficient of surface tension and 

oxygen will decrease the surface tension of the melt pool and affect its dependency on 

temperature [30]. This will change the direction of Marangoni flow and therefore the 

melt pool shape [30]. Oxygen can also result in oxidation of alloying elements such as 

Fe and Al, leading to a reduction in surface quality and the formation of brittle oxides. 

Furthermore, liquid metals do not easily wet surface oxide films which can result in 

poor interlayer bonding and eventual failure [26,29,31,32]. Even relatively low oxygen 

concentrations (>1%) have been found to severely increase the balling behaviour due 

to oxidation of the liquid melt pool and oxidation of the surface [33]. 

v. Absorption: Laser absorptivity values depend on material composition, the laser 

wavelength and polarisation, the temperature, roughness, and reflectivity of the 

medium. Any residual oxygen in the chamber will change the absorptivity values and 

can even reduce laser beam absorption [34]. Further complexity stems from the fact 

that the absorptivity may also change with time during exposure to the laser source due 

to melting and with different power density [34]. The higher the absorption of the laser 

is, the easier the process will be to control as the variation in melt pool flow behaviour 

is reduced [26].  

vi. Marangoni convection: During melting, temperature gradients form in the melt pool 

surface together with surface tension; the magnitude of such effects depending on 

temperature [26]. The rapid melt flow motion resulting from these gradients is known 

as Marangoni flow (shown in Figure 2.1 (a)) [26,35]. Through Marangoni flow, the 

heated liquid under the laser spot will move towards the rear end of the melt pool which 

increases the melt pool depth and recirculates the melt flow [35]. Due to the localised 

boiling caused by the laser, low viscosity liquid metal may be ejected creating spatter 

as shown in Figure 2.1 (a) [24,35]. When the melt is flowing from the centre to the edge 

of a melt pool, a flattened surface will form which reduces the chance of cave-like pores 
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forming [36,37]. Oxygen contamination can severely alter this melt flow behaviour 

resulting in humped melt pool solidification [26].  

i. Evaporation: During laser processing, the temperature of the powder will be higher 

than the melting temperature of the material, which can lead to boiling and evaporation 

of the low boiling point constituents such as Al [31]. When this occurs, the powder 

particles rapidly expand and generate a recoil pressure on the melt pool as shown in 

Figure 2.1 (b) [31]. The vapour recoil pressure will create a melt pool surface 

depression below the laser [35]. Recoil pressure together with Marangoni flow help in 

further cooling the melt through evaporative and radiative surface cooling but will 

influence the stability of the melt pool [27,35]. Excessively high recoil pressures may 

cause melt expulsion as shown in Figure 2.1 (b) [31]. If even more energy is inputted 

into the melt pool, the vapour will form a plasma which could change the absorptivity 

along the melt pool depth and also affect powder denudation behaviour [31,35]. For 

alloys consisting of elements with a considerably lower boiling point and high vapour 

pressure such as Al in IN718, preferential evaporation of this element can occur [38,39]. 

The evaporated element will quickly condense in the powder bed or melt pool due to 

the low temperature of the build chamber leading to micro-segregation or porosity [38–

41]. 

 

 

Figure 2.1: (a) Marangoni flow with melt movement towards from the hot laser spot towards the colder rear area 

with spattering from the ejection of low viscosity liquid and (b) melt evaporation and the effect of recoil on the melt 

pool [35]. 
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2.2 Solidification in additive manufacturing 

Solidification of a melt pool in AM, starts through nucleation which can be divided into 

homogenous (spontaneous) nucleation or heterogenous nucleation off preferred sites such as prior 

deposited layers or particles in the melt [42]. A large energy barrier must be overcome for 

homogenous nucleation to occur and the degree of undercooling must be very high, thus in AM 

heterogeneous nucleation is prevalent leading to epitaxial solidification where the grain structure of 

a new layer is a continuation of growth of the structure of the previous layer [29,42]. For epitaxial 

solidification to occur, the substrate or previous layer must be partially remelted to promote growth 

from the previously formed grains [29].  

Due to the high energy interaction from the laser, heating and melting under the laser spot is 

extremely rapid followed by equally rapid cooling upon laser movement away from the area [43]. 

Laser processes, especially L-PBF, are non-steady state processes characterised by cooling rates 

between 105 to 106 K/s [14,36,44,45], with small melt pools ≤1 mm, thus making solidification very 

rapid with high chemical and thermal gradients [43]. The substrate acts as a heat sink further 

increasing the cooling rate, resulting in the formation of a rapidly solidified microstructure with 

refined grains and sub-grain structures compared to traditional solidification processes like casting 

[43]. The size and shape of the grains, extent of chemical segregation and the distribution of defects 

such as pores and cracks are all dependent on the melt pool solidification behaviour as will be 

discussed [42].  

2.2.1 Heat flow and thermal gradient 

The substrate in L-PBF acts as a heat sink and therefore the heat flow is predominantly oriented 

downwards towards it. The heat flow direction will determine the preferred solidification direction 

for any newly forming sub-grain structures (cells or dendrites) [46]. The influence of the substrate 

progressively decreases with increasing component height, resulting in a progressive increase in 

peak temperature of deposited layers as one moves up until a steady state is reached [14,47]. This 

directional heat flow results in a grain morphology predominantly aligned parallel with the building 

direction [46]. If the heat flow direction is equal in all directions grain growth will no longer be 

aligned with the build direction, as the growth rate would be similar in all directions forming 
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randomly oriented grains [46]. 

The thermal or temperature gradient (G) at the solid/liquid interface is the difference of temperature 

in the melt pool moving in the interface of the liquid towards the solid [48]. The thermal gradient is 

strongly affected by convective flow in the melt pool and depends on the material properties, 

manufacturing process, the heat input time during solidification as well as the position in the melt 

pool where this is measured [36,42,48]. Near the heat source axis, the temperature will be the 

highest, decreasing to a minimum value at the solid-liquid interface of the melt pool as shown in 

Figure 2.2 [14,36]. The temperature gradient gradually decreases as one moves away from the top 

of the melt pool [45]. It is also very dependent on laser power; Li et al. [45] measured an increase 

from 10.6oC/µm to 21.7oC/µm with a 150 W power increase. Speed was observed to have a small 

effect on temperature gradient which were not comparable to changes in power [45].  

 

Figure 2.2: Temperature contour plot for 316L stainless steel melt pool determined through finite element analysis 

modelling [36]. 
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2.2.2 Undercooling  

Undercooling refers to the difference between the liquidus temperature of the alloy with nominal 

composition and the actual temperature of the melt. The total undercooling (ΔT) and the solid-liquid 

interface consists of [42]: 

ΔT = ΔTTH + ΔTC + ΔTR + ΔTK  Equation 2.1 

where: 

ΔTTH: refers to the thermal undercooling. 

ΔTC: refers to the constitutional undercooling. 

ΔTR: is the undercooling due to the curvature at the solid/liquid interface. 

ΔTK: refers to the kinetic undercooling. 

The kinetic undercooling is associated with the driving force required for solidification and related 

to the rate at which atoms become attached to the solid – for metals this tends to be very small 

(~1 K). The undercooling due to the curvature at the solid/liquid interface (referred to as the 

capillary effect) occurs when the liquid to solid transformation is supressed due to the additional 

surface energy needed to create a curved surface. This may be significant due to the fine structures 

being created. The thermal undercooling represents the degree to which the liquid is cooled below 

the equilibrium freezing temperature and may be considerable for high-speed solidification 

processes. The constitutional undercooling of the melt is in general the larger contributor to 

Equation 2.1. In alloys such as IN718, constitutional undercooling due to solute rejection caused 

from different solid and liquid solubilities of alloying elements will result in an inverted temperature 

gradient [42]. A boundary layer enriched in solute ahead of the solidification front will form due to 

elemental segregation [42]. The undercooling present in the melt means that unstable cellular or 

dendritic growth occurs. The fast solidification rates characteristic of the L-PBF process will further 

exacerbate this phenomenon as there is insufficient time for the liquid and solid to undergo diffusion 

and reach equilibrium conditions [42]. Significant undercooling can result in the formation of 
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equiaxed structures. 

The degree of undercooling depends on the temperature gradient and the growth rate. It will 

influence the type of solidification sub-structures being formed (e.g. cells vs dendrites) and the 

extent of segregation. A large degree of undercooling in the melt will make it easier for homogenous 

nucleation to occur, resulting in equiaxed dendritic growth. The mode of growth will depend on the 

conditions at the interface and may be divided into planar, cellular or dendritic (columnar/equiaxed) 

morphologies [42].  

2.2.3 Solidification rate 

The solidification or growth rate (R) is the rate at which the solid/liquid interface in the melt pool 

advances. R will vary across the melt pool interface, with solidification on average occurring at a 

normal to the solid/liquid interface along the maximum thermal gradient [42]. The solidification 

rate is directly related to the heat source movement speed (v) by [42,49]:  

|R|= |v|·cos (θ)   Equation 2.2 

where: 

θ is the angle between the surface normal of the solidification front and the laser scanning 

direction.  

Through Equation 2.2, at the surface of the melt pool if the solidification front is normal to the 

surface, the growth rate would be 0 at θ = 90o , while at θ = 0o, along the weld centreline the growth 

rate would be equal to the heat source movement rate, as shown schematically in Figure 2.3 [42,49]. 

Along the melt pool centreline, the growth rate of the solid and the release rate of latent heat are at 

a maximum, with the solidification rate decreasing as one moves towards the weld pool edges 

[42,50,51]. Upon solidification, the liquid will change phase to solid, releasing an amount of energy 

related to the latent heat of fusion. Thus, a critical growth rate exists beyond which the minimal 

thermal gradient at the centreline is not able to dissipate the generated heat of fusion quickly enough 

and the temperature in the surrounding liquid is increased [42]. If the growth rate is above this 

critical value, the weld pool shape will become more elongated and tear drop shaped as observed 



CHAPTER 2  Literature review 

16 

 

 

for L-PBF and the maximum growth rate will be more sluggish than the heat source movement 

speed [42,51,52]. The higher the laser movement speed is, the less elongated the grains become, 

tending towards a more equiaxed structure at very fast solidification rates [14,53]. At very fast 

solidification rates, undercooling will also be very high and equiaxed dendritic growth becomes 

progressively easier. 

2.2.4 Solidification theory 

A low ratio of G/R (i.e. low temperature gradient and high solidification rate), favours the formation 

of equiaxed dendrites while a high ratio (high temperature gradient and low solidification rate) 

favours the formation of columnar/cellular dendrites, moving towards planar growth at very high 

G/R ratios as shown in Figure 2.4 [42,54,55]. Epitaxial growth will occur when columnar dendrites 

or cells maintain their growth orientation through melt pool boundaries [56]. 

 

Figure 2.3: Heat source movement direction and growth rate at different melt pool positions. Adapted from [14]. 

Melt pool boundary

Heat flow 

direction

Surface

Maximum growth 

direction, θ = 0o

Minimum growth 

direction, θ = 90o

Heat source

Heat source movement 

direction



CHAPTER 2  Literature review 

17 

 

 

 

Figure 2.4: Schematic solidification map showing the different solidification morphologies forming with changes in 

G and R. Adapted from [57]. 

Columnar and cellular growth is driven by the steep temperature gradients resulting from the heat 

flow towards the substrate and is commonly observed for L-PBF [36,54,56,58]. In cellular growth, 

the cell orientation will be aligned with the direction of highest heat flow, while for columnar 

dendritic growth, growth will occur along the easy growth directions for the crystal with the heat 

flow direction determining which of the directions is currently active [42]. In fcc (face centred 

cubic) metals there are three equivalent orthogonal crystal directions; [100], [010] and [001] and 

the easy growth directions are along these directions. This arises due to either anisotropy in the 

surface energy of the solid-liquid interface or how easy it is for atoms to attach to the interface of 

different crystallographic planes or a combination of both factors [59].  

Thus, during solidification grain selection occurs, where grains whose <001> direction is closely 

aligned with the normal to the solidification front outgrow other less optimally aligned grains [42]. 

If the primary growth orientation is along the [100] direction, the secondary growth orientation 

could be along [010] or [001] [42,60]. If the heat flow direction is most closely aligned with the 

[100], growth will be along that direction. When the direction of heat flow changes e.g. due to a 

change in laser movement, the <001> direction most closely aligned with the new heat flow 
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direction will grow preferentially which can lead to a 90o change in orientation between melt pools 

[60]. Columnar or cellular structures with similar orientations grow in bundles and when two 

bundles with different orientations intersect, a grain boundary is formed [56].  

G and R vary with solidification time as shown in Figure 2.5 (a). Initially, the temperature gradient 

will be very high with a low solidification rate promoting the formation of columnar dendrites 

approximately perpendicular to the solidification front and aligned with the heat flow direction, as 

shown in Figure 2.5 (b) [53,61]. As the liquid front advances with further solidification and the melt 

pool shrinks, the temperature gradient decreases and the solidification velocity rapidly increases 

(Figure 2.5 (a)) [61]. The grain morphology will become equiaxed with decreases in the G/R ratio 

as shown in Figure 2.5 (b) resulting in a transition from cellular/columnar growth to equiaxed 

growth between the bottom and top part of the melt pool [53,61].  

 

Figure 2.5: (a) changes in G and R for IN718 in EB-PBF depending on solidification time, together with (b) 

solidification structure and melt pool isotherms [53,61]. 

2.2.5 Cooling rate 

The cooling rate is equivalent to the product of G×R. The faster the cooling rate, the finer the 

solidification structure, resulting in a smaller cell size or a finer dendrite spacing [14,51]. The 

cooling rate also affects the solute diffusion lengths for segregation; with higher cooling rates 

resulting in a lower amount of segregation as shown in Figure 2.6 (a to d) for IN718 [51,62]. In 

AM, very high cooling rates are associated with a progressive decrease in long-chained Laves 
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formation [62].  

Substrates in L-PBF often do not only have one component built on them – usually they are as 

densely packed as possible to optimise cost. The inter-layer time will affect the cooling rate of the 

parts being built [63–66]. Longer times between layers in DED have been reported to result in a 

reduction of epitaxial growth and an increase in yield strength (σY) and micro-hardness [65,67]. In 

L-PBF the cooling rate will be higher than parts manufactured using DED, in part due to the higher 

scanning speeds employed and also due to the larger expected part density on a substrate coupled 

with delays due to the recoating stage. This is still affected by part geometry as with increases in 

part height it was still reported that the part temperature overall increased [44,47,66,68].  

 

Figure 2.6: Variation of Laves phase morphology with cooling rates of (a) 500 K/s (b) 1000 K/s (c) 2000 K/s and 

(d) 4000 K/s [62]. 

2.3 Metallurgy of IN718 

The nominal chemical composition of IN718 is given in Table 2.1. The microstructure of IN718 

consists of an austenitic (γ) fcc based crystal Ni matrix, stabilised by Fe, Cr and Mo which have 

atomic radii close to the Ni atom and provide solid solution strengthening [12]. Cr forms a protective 

oxide surface layer to improve the oxidation resistance [69,70]. Small additions of boron and carbon 

improve the creep rupture strength of the alloy, with boron improving grain boundary cohesion  and 

reducing grain boundary diffusion and carbon combining with Ti or Nb to form carbides to further 
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inhibit dislocation motion [70,71].  

Table 2.1: Nominal chemical composition of IN718 [72]. 

Chemical composition of IN718 (wt.%) 

Ni Fe Cr Mo Nb Ti Al Co Cu C Si, 

Mn 

P, S B 

50-

55 

Bal. 17-

21 

2.8-

3.3 

4.75- 

5.5 

0.65-

1.15 

0.20-

0.80 

≤1.0 ≤0.3 ≤0.08 ≤0.35 ≤0.015 ≤0.006 

IN718 is a precipitation strengthened alloy. In precipitation strengthened alloys, precipitates 

interfere with the deformation process through a combination of lattice mismatch resulting in 

coherency strain strengthening together with the precipitate itself offering resistance to dislocation 

motion through it by order strengthening [2,73–75]. The precipitate size will determine whether 

precipitate shearing or Orowan looping is predominant [2,73–75]. IN718 relies on the formation of 

coherent gamma double prime (γ'') precipitates and small amounts of gamma prime (γ') precipitates 

through ageing as its main strengthening mechanism. This structure is typically obtained through a 

double-ageing heat treatment and is shown in Figure 2.7 (a). Al and Ti are both required for the 

formation of γ' while Nb is required for the formation of γ'' [70].  

γ'' is an elongated and disc shaped phase with a thickness of around 10 nm and a diameter of around 

30 to 50 nm as shown in Figure 2.7 (a) [2,76,77]. It has a composition of Ni3Nb with a coherent 

body centred cubic (bcc) tetragonal D022 structure as shown in Figure 2.7 (b) [2,53]. The γ'' phase 

is responsible for the excellent high temperature properties of the material due to the low number 

of slip planes available in this phase [12]. The strength and hardness of IN718 will increase with 

increasing γ'' particle size up to a peak value as shown in Figure 2.7 (d) [69]. The phase is metastable 

between temperatures of 500 to 900oC, with a solvus temperature of 900 to 920oC [2]. After long 

exposure times over 650oC, it will transform into needle-like δ phase consisting of Ni3Nb (shown 

in Figure 2.7 (c)) [69,76,78]. The sluggishness of the precipitation of δ allows the precipitation of 

γ'' to occur first, up to temperatures of 700oC. δ forms at grain boundaries or at stacking faults in γ'' 

particles, growing into the grain in a needle or plate-like form. Higher residual strains in the lattice 

increase the δ precipitation rate and change the particle morphology from needle-like to globular 

form as the needle-like particles are broken into small globular pieces. There have been 

contradicting reports on δ phase; when δ forms, the Nb will be used for its formation rather than γ'' 
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strengthening phases and the needle-like morphology of the phase together with its incoherency 

with the matrix can result in an increased brittleness [69,76,78,79]. However δ has been reported to 

be beneficial in small quantities to reduce the amount of grain growth during heat treatment and 

grain boundary sliding during high temperature creep and for intergranular δ, increases in ductility 

have been reported [17,80].  

 

Figure 2.7: (a) showing γ'' and γ′ for solution treated and double-aged IN718, together with (b) the crystal structure 

of γ'' phase, (c) showing needle-like delta phase growing into the grains and (d) the rate of hardening during ageing 

at 650oC for a grain size of 60 µm [17,81–83]. 

Small amounts of γ' are also present in double-aged IN718, this is a secondary strengthening phase 

with a composition of Ni3(Al or Ti) forming a coherent phase with the γ matrix and stable between 

600 and 900oC [12]. The phase has a primitive cubic structure (L12) with Al atoms at the cube 

corners and Ni atoms at the centre of the faces [12,53]. Larger atoms such as Ti and Nb can substitute 

for the Al atoms [12]. These precipitates often align along the elastically soft ❬100❭ direction and 

can be cubic or spherical in form (the spherical form is shown in Figure 2.7 (a)) [12]. The γ' phase 
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has a lower coherent strain with the gamma matrix compared to the γ'' phase and thus results in 

lower potential hardening [81].  

2.3.1 Microstructure of AM IN718 

The microstructure formed during solidification significantly affects mechanical properties and 

resistance to failure mechanisms [14]. Due to the high cooling rate in L-PBF, typically γ'' and γ' are 

absent or not present in sufficiently high amounts in as-built structures resulting in a low tensile 

strength and a relatively high ductility [15,60]. For processes where the cooling rate is more 

sluggish, such as DED, spheroidal γ'' has been observed together with γ' as particles around 20 nm 

in size [53,63,66]. For L-PBF, due to the numerous parts on a substrate by the time the layer is 

rescanned the part is already much cooler. Furthermore, extra time for cooling is available while the 

powder recoating process occurs which further reduces the heat retention. Thus, formation of 

appreciable γ'' is more difficult for L-PBF due to the lower component temperatures compared to 

DED. 

The microstructure obtained for IN718 after L-PBF is shown in Figure 2.8 (a to e). Typically, IN718 

microstructures after L-PBF consist of an elongated grain morphology aligned with the build 

direction growing epitaxially through different layers as shown in Figure 2.8 (a) with a columnar 

dendritic or cellular substructure as shown in Figure 2.8 (b to d) [23,60,84]. The high cooling rate 

coupled with the high thermal gradient in L-PBF tends towards the formation of the cellular 

substructure where the growth of secondary dendrite arms is supressed; with cell diameters ranging 

between 100 to 1000 nm as shown in Figure 2.8 (e) [60]. Across melt pool boundaries cells tend to 

grow either epitaxially maintaining the same orientation or through a 90o orientation change, 

growing along the easy crystallographic growth directions for the crystal [60,85].  

Cellular growth in L-PBF can enhance pinning of dislocation movement by particles pinning the 

dislocations at the cell boundaries or the cell boundaries themselves moderately reducing the degree 

of slip in the substructure [86–89]. Boundaries in between cells have been observed to maintain the 

overall crystallographic direction with only a very small misorientation (<10o) being present in 

between cells making up the same colony [85]. Cellular boundaries have been reported to consist 

of dislocation structures about 100 to 300 nm thick. Due to the rapid solidification and thermal 
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stresses generated during L-PBF, slightly distortion of the crystal plane occurs which is not 

significant enough to create a high angle grain boundary resulting in the dislocations observed at 

the cell boundaries [85,90]. 

 

Figure 2.8: (a) Optical micrograph for typical L-PBF IN718 with epitaxial growth visible between melt pools, 

together with secondary electron micrographs of (b) the columnar grain structure, (c) slender columnar grains 

together with (d) angled epitaxial grains and (e) solidification cells showing elemental segregation around their 

boundaries [90]. 

The grain orientation is dependent on the melt pool shape; specifically, on the solid-liquid interface. 

Grains grow from the melt pool boundary towards the centre of the melt pool parallel to the direction 

of maximum heat flow [14]. In L-PBF, the melt pools have a high length to depth ratio due to the 

high speed of the process with a near-flat or flat solidification front as shown in Figure 2.9 (a and 

b) [14]. This results in columnar grains which grow vertically, with their <001> direction parallel 

to the building direction (B.D) [14]. If a grain grows in any one layer with a <001> direction normal 

(a) (b)

(c) (d)

(e)

(d)

(c)
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to the slightly inclined melt pool, it will be tilted away from the build direction by θ and when the 

beam is reversed for the next pass this grain will be even further aligned from the direction of 

maximum growth by 2θ [14]. This will result in these grains being even less favourably oriented 

[14]. Although grains with orientations close to the maximum temperature gradient at the trailing 

edge of the melt pool have a growth advantage in an individual layer, this advantage is not retained 

over multiple layers due to the beam rotating and the beam travel direction reversing [14]. Thus 

over multiple layers, grains aligned with their <001> direction parallel to the build direction will be 

on average more closely aligned with the maximum temperature gradient for the build (rather than 

that for a single pass) which in turn means they grow faster [14]. At intermediate laser speeds the 

melt pools may have a more intermediate shape between a flat front and a curved front. In such 

cases there may be a tilt in the grain growth direction where the grains are aligned with the direction 

of maximum heat flux as observed by Thijs et al. [91], Dovgyy et al. [92] and Helmer et al. [93].  

 

Figure 2.9: Growth direction of columnar grains for (a) and (b) L-PBF with different length to depth ratio melt 

pools resulting in vertical alignment and close vertical alignment respectively. Curves marked with I, II and III 

represent consecutive melt pool boundaries along the scan track [14]. 

2.3.2 Segregation 

Additional phases can also be observed in IN718 after AM due to the large number of alloying 

elements with varying melting temperatures and solubilities in the alloy together with the non-

equilibrium solidification conditions of the AM process resulting in constitutional undercooling and 

therefore elemental segregation. Retained strain after quenching was observed to accelerate the 

precipitation kinetics for such phases [1]. Some of these phases include [12,16,94–

100,18,60,66,69,70,76,77,80]:  

i. Laves phases; shown in Figure 2.10 (a and b) which form in the interdendritic areas as 

eutectic compounds, having over 20.61 wt.% Nb. These phases together with areas rich 
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in Nb carbides decrease the mechanical properties by acting as crack initiation sites due 

to their brittle nature [76] and are often observed when elemental segregation occurs. 

The phase forms as irregularly shaped elongated globules or as platelets with a 

hexagonal unit cell or a long-chained morphology visible with severe segregation.  

ii. Metal carbides and borides; the small amounts of carbon and boron in IN718 combine 

with reactive elements such as Al, Ti, Nb, Cr or Mo to form carbides or borides residing 

on the γ-grain boundaries. The chemical composition can be MC, M23C6, M7C3 or 

M3B2. The carbides are normally found in interdendritic regions with the M23C6 carbide 

being observed to precipitate at the grain boundaries inhibiting grain boundary sliding. 

Long chained Laves phases and niobium carbides formed in interdendritic regions are 

deleterious for the mechanical properties due to their brittle nature [62,77]. Square 

shaped carbides have also been observed in AM with a centre of a lighter alloy [101]; 

most likely Ti with a Nb exterior as shown in Figure 2.10 (c) [66].  

iii. Alumina; has been reported by Popovich et al. [76] and Deng et al. [60] in the form of 

small particles in the IN718 matrix – attributed to the oxidation of Al in the alloy during 

L-PBF processing or powder processing. 

During solidification, elements such as Nb, Mo, Si etc will diffuse to the remaining liquid phase 

due to a different solid solubility between the liquid and solid phases [53,62,102]. Due to the rapid 

cooling rate present in L-PBF, segregation will occur in the order of; liquid → γ+liquid → γ 

+NbC+liquid → γ +NbC+Laves [15,60]. The result is that the dendrite/cell interiors are rich in 

austenite but depleted of Nb and Mo while the concentration of these elements in the liquid will 

increase substantially during solidification [53,62,90]. Near the end of solidification, the sub-grain 

structures will join and the remaining liquid will be separated into isolated discrete areas which will 

form a eutectic phase made out of gamma, Nb carbides and Laves [15,62]. The degree of 

segregation is dependent on the cooling rate as cooling rate determines the sub-grain structure size 

[62]. The formation of long chained Laves phases occurs at low cooling rates and high amounts of 

segregation, while at high cooling rates any Laves phase formed will be in the form of small discrete 

particles [62,103]. The orientation of the Laves phase has been reported to affect the mechanical 

behaviour of the particle upon loading with granular Laves particles being less prone to crack [77]. 
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Figure 2.10: Precipitates observed in AM IN718 with (a) showing interdendritic eutectic solidification products 

such as Laves phases and some niobium carbides with a higher magnification shown in (b) [15] while (c) shows 

square shaped Ti and Nb rich carbides for as-built microstructures [66].  

2.3.3 Heat treatment 

The heat treatment required for precipitation hardening of IN718 consists of a solution treatment 

between 924 to 1010oC for a minimum of 30 minutes followed by cooling at a rate equivalent or 

faster than air cooling [104]. A two-step ageing treatment is then required at 718 ± 14oC for 8 h and 

621 ± 14oC to reach a total precipitation time of 18 h [104]. The tensile and hardness properties 

obtained after this ageing treatment are outlined in Table 2.2. The static recrystallisation temperature 

for IN718 is between 1025 and 1050oC, thus any homogenisation treatment to induce 

recrystallisation needs to be carried out above this temperature in addition to the solution treatment 

and ageing treatment [105]. The two-phase heat treatment is applied to ensure preferential 

precipitation of γ'' followed by γ' at the lower end of the temperature and avoid precipitation of large 

amounts of δ. Typically, for a fully heat-treated alloy, the volume of γ' is usually around 4 to 5 % 

and the volume of γ'' is around 15 to 20% [69,106].  

Post-build heat treatments are generally required after L-PBF of IN718 to reduce segregation and 

induce the precipitation of γ' and γ'' strengthening phases [2]. Furthermore, heat treatment reduces 

the dislocation density existing in the components; the high dislocation density and sub-grain 

(a) (b)

(c)

Laves
NbC

Laves
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boundaries in AM components prevent dislocation movement and crack tip relaxation which can 

result in a poor elongation to failure compared to a wrought product [98]. Post-build heat treatments 

are effective at removing the residual stress, with stress after direct aging calculated to be ~99% of 

the as-built condition, decreasing down to ~22% after solution treatment and disappearing 

completely after a high temperature homogenisation treatment [60]. Heat treatments described in 

literature consist of several combinations with, for instance a hot isostatic pressing (HIP) cycle to 

close any pores, followed by a homogenisation treatment, solution treatment and double-ageing 

treatment; resulting properties are detailed in Table 2.2. Applying a direct ageing treatment to as-

built components results in a high strength but also a low ductility [60,107]. Applying a high 

temperature homogenisation treatment improves the ductility at the cost of some of the strength.  

Table 2.2: Heat treatments applied to L-PBF IN718 and mechanical properties obtained. 

Heat treatment 
0.2% σY 

(MPa) 

Young’s 

modulus 

(GPa) 

Ultimate 

tensile strength 

(MPa) 

Elongation 

to failure 

(%) 

Ref. 

Wrought, per BS637_18/AMS 5662 1034 208 1275 12 
[15,10

4] 

As-Cast 758-915 - 862-1090 5-11 [14,15] 

L-PBF, As-built 600 200 990 36 [60] 

L-PBF, 850oC/2 h, AC 668 - 875 138 - 190 884 -1153 7 - 17 [76] 

L-PBF, HIP at 1180oC/3 h/150 MPa, 

FC 
481-645 183-188 788 - 1025 34 - 38 [76] 

L-PBF, DA at 720oC/8 h, 620oC /8 h 

AC 

1200 

 

210 

 

1400 

 

15 

 

[60] 

 

L-PBF, ST at 980oC/1 h, WQ, DA 

720oC/8 h, 620oC/8 h 

1180-

1186 

 

190 

 

1400-1440 

 

18.5-23.5 

 

[7,60] 

 

L-PBF, H at 1080oC/1 h, WQ, DA  

720oC/8 h, 620oC/8 h 
1190 220 1370 25 [60] 

L-PBF, H at 1080oC/1 h, WQ, ST  

980oC/1 h, WQ, DA  720oC/8 h, 

620oC/8 h 

1200 210 1375 24 [60] 

L-PBF, HIP at 1180oC/3 h/150 MPa/ 

H at 1065oC/1 h, AC, DA 760oC/10 

h, 650oC/8 h, AC 

1065-

1045 
188-190 1376-1272 15-19 [76] 

WQ: water quenched    H: homogenisation   ST: solution treatment 

DA: double-aged    AC: air cooled    FC: furnace cooled 

 

  



CHAPTER 2  Literature review 

28 

 

 

2.4 Functionally graded microstructures in additive manufacturing 

2.4.1 Functionally graded materials  

A functionally graded material (FGM) is defined by the variation of a structural element or material 

ingredient gradually or discontinuously over the volume of a component [108]. The idea behind the 

concept is to incorporate incompatible functions into the volume of one part [108]. Some examples 

would be the integration of good high temperature mechanical performance on one end with a good 

fatigue crack propagation resistance on the other end of a component [108]. Functional grading can 

be applied through changes in composition, geometrical structure or microstructure [109,110]. 

Microstructure plays a critical role in determining the material behaviour – typically for commercial 

applications microstructural characteristics are homogenised to remove any non-uniformity. By 

treating the microstructure as a variable which varies depending on the positional requirements, 

varying material characteristics can be integrated into one component to achieve an optimal 

performance tailored for a specific application or environment. The preferred grain growth direction 

for metals is parallel to the direction of maximum heat flow which is affected by a number of 

features as a component is being built [91]. Due to the ability in AM to alter the deposition 

parameters in-situ during a build, the heat flow direction, thermal gradient and solidification 

conditions can be altered thus altering the microstructure being generated in-situ. For instance, 

Popovich et al. [111] successfully managed to generate a functionally graded component having an 

outer shell made of small equiaxed grains and an inner core made out of long elongated and highly 

textured grains as shown in Figure 2.11. The aim behind this design was to ensure that during 

thermomechanical fatigue testing, any cracks moving in towards the core would be deflected from 

the continuous movement along the transverse plane in the component [111]. Modifying the 

microstructure can be done through different approaches in AM as will be subsequently discussed. 

The use of modelling techniques to predict the microstructure being formed and move through the 

columnar-to-equiaxed transition (CET) has been often combined with experimental methods to 

generate functionally graded or microstructurally optimised components. A significant amount of 

work has been done modelling the CET in AM but falls out of the scope of this review; some notable 

works can be found elsewhere [112–121]. 
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Figure 2.11: Functionally graded microstructure [111]. 

2.4.2 Modifying microstructure through heat input parameters 

A straightforward method of determining the processing parameter window is through the 

application of the energy density equations. The energy density (E.D) for L-PBF is used to measure 

the heat input of a set of processing parameters. A number of metrics exist such as the line E.D, area 

E.D and volumetric E.D. For L-PBF as the layer thickness is usually kept constant, the area E.D 

can be used which is given by Equation 2.3:  

𝐸𝑛𝑒𝑟𝑔𝑦 𝐷𝑒𝑛𝑠𝑖𝑡𝑦 (𝐽/𝑚𝑚2) =  
𝑃𝑜𝑤𝑒𝑟 (𝑊)

𝑆𝑐𝑎𝑛 𝑠𝑝𝑒𝑒𝑑 (𝑚𝑚 𝑠−1) × 𝑠𝑐𝑎𝑛 𝑠𝑝𝑎𝑐𝑖𝑛𝑔 (𝑚𝑚)
      Equation 2.3  

This takes into account the effect of power, speed and hatch spacing and can be used to define a 

viable processing window for a material where full consolidation will occur [122]. For nickel 

superalloys the minimum area E.D above which full consolidation is expected is 1.7 J/mm2 [122]. 

This does not mean that the energy density can be increased infinitely – very high energy densities 

will result in turbulence and the evaporation of low melting point alloying elements resulting in the 

entrapment of this metal vapour in the melt leading to very large pores. From a microstructural 

perspective changes in E.D have been associated with an increased hardness in IN718 [52,91]. This 

is attributed to some form of γ' precipitation due to the numerous heating and cooling cycles applied 

during the build [52,91]. Increasing the energy density has also been related to an increase in cell 

spacing denoting a decreased cooling rate [36]. 

111
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While the E.D is helpful to define a general processing window, not all the factors which affect a 

build’s microstructure are considered [123]. Other important factors affecting the microstructure 

such as the scan strategy, island size and island overlap for island scan strategies, focus diameter  

and angle of the laser beam, defocusing of the energy source, part positioning and changes in 

baseplate temperature are not taken into account [124]. The effect of some of these factors has been 

derived elsewhere and work is ongoing to account for the full effect of such factors within melt pool 

models [123,125–127]. Furthermore, varying the individual parameters such as power, scan speed 

and scan spacing while keeping a constant E.D will still affect the melt pool width and depth 

resulting in variations in the microstructure and therefore the mechanical properties [114,124,128]. 

In fact, Popovich et al. [129] demonstrate this concept very clearly as shown in Figure 2.12. The 

same E.D is used to manufacture an entire component but through variations in both power, 

scanning speed, hatch spacing and layer spacing together with beam profile, the microstructures 

obtained are drastically different, varying from a columnar to a “quasi-equiaxed” structure [129]. 

Similar principles (same E.D, different combinations of speed and scan spacing) have been applied 

to EB-PBF by Körner et al. [130] with significant changes in microstructure obtained. Thus, the 

effect of power, speed and hatch spacing on the microstructure will be separately considered.  

 

Figure 2.12: Graded IN718 with an inverse pole figure map for a columnar microstructure with large coarse grains 

alternating together with a fine-grained matrix. Laser beam heat input parameters used for each microstructure are 

shown [129]. 

2.4.2.1 Effect of speed 

A slower scanning speed in AM is associated with grains being more aligned with the building 

direction and with wider columnar growth and a coarser microstructure overall [49,91,93]. 

Zone Laser Power

(W)

Scanning speed 

(mm/s)

Hatch spacing

(mm)

Layer thickness

(µm)

Beam diameter 

(µm)

Beam 

distribution

A 250 700 0.12 50 80 Gaussian

B 950 320 0.5 100 100 Flat top

A B A
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Scanning speed was used by both Körner et al. [130] and Helmer et al. [93] in EB-PBF to obtain 

different solidification structures, where at low speeds a columnar structure was observed while at 

high speeds the structure became equiaxed. It was also reported that with changing scanning speed, 

the grain aspect ratio changed going from aspect ratios of 7 at low speed to 1.3 at high speed [93]. 

Similar findings were reported for welding, with higher welding speeds resulting in more equiaxed 

grains at the centre of the weld pool even with increasing beam current and voltage together with 

reductions in grain size as shown in Figure 2.13 (a) [49]. Increases in scanning speed directly 

increase the solidification interface velocity and higher speeds are associated with a higher 

solidification rate as shown in Figure 2.13 (b) which in turn affects the cooling rate and the G/R 

ratio and therefore also the microstructure morphology [50]. Higher speeds have also been 

associated with the generation of higher residual thermal strains in the material from the relatively 

higher solidification rate, which can lead to thermal cracking in both dendritic and inter-dendritic 

regions [52].  

 

Figure 2.13: (a) The change in grain size and alignment with different welding speeds [49] together with (b) the 

predicted solidification rate at different welding speeds [50]. 

2.4.2.2 Effect of hatch spacing 

The effect of hatch spacing on the microstructure is still not fully understood with conflicting effects 

being observed by different authors. Increasing the hatch spacing i.e. reducing the level of overlap 

between melt tracks, was associated with a reduction in grain size and a change in preferred 

(b)(a)
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orientation for TiAl-TiB2 specimens using L-PBF [131]. The lower degree of overlap resulted in a 

reduced heat input, which in turn accelerated the solidification of the material and reduced the 

thermal gradient and therefore the G/R ratio [131]. Conversely, other authors have observed that at 

lower hatch spacing values (i.e. more overlap between scans), the cooling rate was higher 

(temperatures are higher and therefore heat is lost at a faster rate) resulting in a finer cellular structure 

compared to scans made using a less overlap between scans [132]. Altering the hatch spacing can 

result in increases in porosity or solidification cracking if the amount of overlap is not enough or is 

too high [133–135].  

2.4.2.3 Effect of power 

High laser powers are associated with the formation of larger and more aligned grain morphologies 

with low laser power generating a mix of coarse and fine grains in DED while significant increases 

in power generate a highly textured angled coarse microstructure as shown for inverse pole figure 

(IPF) maps in Figure 2.14 (a) [14,136]. The increase in laser power also exacerbates the segregation 

present in IN718 with use of higher laser power in DED associated with larger undesirable eutectic 

phases such as Laves phases and NbC films [53,136]. A higher degree of segregation is also visible 

in L-PBF in conjunction with higher laser power and coarse columnar growth [52,76,129]. A higher 

laser power in DED was observed to result in a lower tensile strength overall attributed to the larger 

overall grain size [137]. Analogous effects were observed with increases in electron beam current 

in EB-PBF, where when the current was increased, the equiaxed zones got much smaller and 

columnar growth was more prevalent [135].  

This is in direct contradiction with modelling results presented by Kurz et al. [46] shown in Figure 

2.14 (b) and Bontha et al. [138], where it can be seen that from a theoretical perspective with 

increasing power, the structure should tend to be more equiaxed as the thermal gradient according 

to modelling data at higher powers should be lower therefore promoting equiaxed growth. 

Conversely Li et al. [45] measure a distinct increase in thermal gradient with an increase in laser 

power for simulations of Al melted using L-PBF. This discrepancy could be due to the fact that melt 

pool behaviour tends to be very complex and local fluctuations in thermal gradient due to 

Marangoni flow and nucleation density due to the injected powder will affect the solidification 

mechanics [136]. It can also be observed that the grains depicted in the low power condition in 



CHAPTER 2  Literature review 

33 

 

 

Figure 2.14 (a) are still to an extent columnar in the layer and that due to the high misalignment 

with the B.D and changes in between layers of the heat source orientation, a “quasi-equiaxed” 

structure is obtained with grain orientation changing but the structure still undergoing epitaxial 

growth rather than true homogenous nucleation. Variation in grain alignment is still present in 

between layers, but within layers the grains are mostly aligned with the heat source movement at 

low powers. At high power, even though a bidirectional movement strategy is used, the grain tilt to 

the build direction remains constant. At higher power, the melt pool depth will increase which in 

turn increases remelting leading to more and easier epitaxial growth between layers which may 

result in alternate layers growing from a secondary preferred growth direction (e.g. [010] instead of 

[001]) to keep the same grain tilt direction. 

 

Figure 2.14: (a) IPF maps for microstructures obtained at different power levels in DED using a speed of 200 mm/s 

[136], together with (b) a process map for the dominant microstructure with different laser speeds and powers for 

CMSX-4 [116]. 

2.4.2.4 Effect of heat input parameters on melt pool 

Melt-pool shape is one of the major aspects affecting the microstructure morphology. Deep melt-

pools result in a high degree of remelting and therefore easy columnar epitaxial growth. An 

excessively deep melt-pool can lead to the entrapment of vapour from low melting point elements 

390 W 910 W (a) (b)
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forming keyhole porosity. Overly shallow melt-pools on the other hand are mainly associated with 

a reduced degree of remelting thus resulting in a reduction of the epitaxial growth occurring but can 

result in lack of consolidation defects.  The angle of the solidification front will determine the angle 

of the <001> with respect to the B.D as the tilt angle of the unit cell will vary with the tilt angle of 

the normal to the solidification front [139]. This is important as it will affect which predominant 

crystallographic planes are parallel to the loading direction. The melt-pool dimensions and 

solidification front orientation will be dependent on the laser heat input parameters used during the 

process.  

Guo et al. [128] reported that with increasing power and decreasing laser speed, melt pools tend to 

increase in depth and to elongate along the laser scan direction as there is more time available for 

heat transfer to occur along the transverse direction. Melt pool width and depth were found to 

increase linearly with increasing power during L-PBF by Metelkova et al. [140]. Li et al. [45] also 

observed an increase in melt pool width, depth and length for increases in laser power through 

simulation; with width and depth increasing linearly with increases in power and melt pool length 

increasing non-linearly with power. The increase in width with power was experimentally 

confirmed by Shah et al. [137] and by Sadowski et al. [141] with increasingly high powers leading 

to a larger line width with the effect being more predominant at lower speeds [141]. This 

dependence of microstructure morphology on the melt pool shape has been used by Gokcekaya et 

al. [142] to alter the texture generated during L-PBF through alterations of heat input parameters. 

Laser beam speed has a significant impact on melt pool width – melt pools formed using the same 

power density have similar depths of penetration but those with a longer interaction time are wider. 

Wider melt pools were found by Keshavarzkermani et al. [16] to contain angled grains converging 

to the top middle of the melt pool rather than grains aligned with the build direction. At high speeds 

(i.e. short interaction time) variations in power are not very effective in increasing the melt pool 

depth [141,143]. An increase in power becomes more effective at increasing melt pool depth as the 

interaction time increases (i.e. reduced speed) as shown in Figure 2.15 (a and b) [141,143]. 

Metelkova et al. [140] observed that changes in laser traversing speed resulted in a non-linear 

variation in the melt pool width and depth with an exponential relationship between speed and melt 

pool depth, and very large changes especially at low laser movement speed. Li et al. [45] observed 
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through simulation that with increases in laser speed, the melt pool shape overall got smaller i.e. 

width, length and depth decreased significantly. Excessively high speeds are linked with melt pool 

instability with irregularly spaced laser tracks and open porosity at the surface and potential 

splashing of liquid metal out of the melt pool [27,45]. 

 

Figure 2.15: Showing (a) the dependence of penetration depth on power density and interaction time and (b) 

dependence of melt pool depth on beam power and scanning speed [141,143]. 

A combination of electron beam current and electron beam speed was used by Dehoff et al. [144] 

in EB-PBF to locally change the melt pool shape and thus control the microstructure obtained as 

shown in Figure 2.16 (a to c). Both the speed and current are varied simultaneously to change the 

weld-pool XY profile from a point mode shown in Figure 2.16 (a) associated with a more randomly 

oriented grain growth to a line profile shown in Figure 2.16 (b) is associated with columnar growth 

in EB-PBF. In the line profile, the melt pool solidification front would be flatter, thus the normal to 

the solidification front would be along the build direction resulting in columnar growth [14]. For a 

point mode, the solidification front is expected to be more curved resulting in grains at different 

angular orientations forming in the melt pool [14]. These two modes were used to locally control 

the grain orientation to the B.D as shown in Figure 2.16 (c). Conversely, Körner et al. [130], 

observed that for melt pool XZ profiles with a pronounced spherical border, a highly aligned 

columnar grain morphology formed and melt pools which were very wide and nearly flat resulted 

in equiaxed morphologies. The electron beam speed for the nearly flat melt pools was much higher 

than the speed used for melt pools with a spherical border [130]. This would induce a much higher 

(a) (b)
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solidification rate leading to lower G/R values and thus tending towards a more equiaxed structure 

[42,49,54,55]. Conversely, for the work done by Dehoff et al. [144] the grain growth is likely still 

epitaxial but due to the changes in solidification front curvature the grain alignment to the build 

direction is changed resulting in a more random orientation along the B.D. A similarly inspired 

approach by Sofinowski et al. [145] uses the angle of the laser beam to the surface to induce changes 

in the microstructure by altering the solidification front angle in L-PBF. This provides very effective 

results in changing the grain orientation along the transverse direction but still resulting in epitaxial 

growth. However, along the build direction, there is still a prevalent orientation; in this case <011> 

due to the grain tilt induced. Changing the laser angle to the surface might be challenging on a 

conventionally designed system, in addition to the fact that the approach is only effective in 

changing the preferred orientation in the transverse direction rather than the building direction.  

 

Figure 2.16: Showing changes in melt-pool profile with different electron beam parameters for (a) a point profile 

and (b) a line profile together with (c) the effect of different melt pool profiles on texture through IPF mapping 

[144]. 
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2.4.3 Modifying the microstructure through scanning strategies 

Altering heat input parameters can negatively affect the quality and density of components made. 

Certain materials may be susceptible to forming unexpected intermetallic phases or precipitates at 

high laser energy inputs due the increased amounts of elemental segregation [91]. Porosity may also 

increase due to insufficient consolidation or evaporation of low melting point elements.  

The heat source movement will impact the amount of heat transmitted to the component and the 

dissipation of the thermal energy collected by the component being built – affecting both the thermal 

gradient and solidification rate indirectly. Scanning rasters can also be repeated over already 

solidified areas to refine the solidification microstructure by remelting, inducing recrystallisation or 

apply in-situ heat treatments [51,146–149]. Selected typical scanning strategies for PBF and the 

nomenclature used in this work are shown in Figure 2.17. Some work has been done on using the 

laser scanning strategy to modify the microstructure and will be reviewed here. The existing work, 

however, has mostly been focused on rudimentary scanning strategies such as the unidirectional 

and bidirectional strategies. Other more complex strategies such as island scanning strategies are 

popular as they have been reported to result in a reduction of residual stresses [150–152] but the 

effect of altering the parameters of these strategies themselves have not yet been fully investigated.   
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Figure 2.17: Schematic representation of some of the (a-g) common scanning strategies in L-PBF together with (h-

i) parameters which can be varied within the strategies themselves. 
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The laser movement affects the tilt direction of the resulting grain structure [51]. Thijs et al. [91] 

and Dovgyy et al. [92] both observed that the grain growth direction follows the laser motion, where 

if the laser is moved from left to right the grains will also be slanted from left to right. This effect 

was also observed by Geiger et al. [153] and Kunze et al. [154] for IN738LC with the <001> crystal 

directions being aligned with the B.D and in most cases with the laser scanning direction. Altering 

laser motion from unidirectional to bidirectional motion in DED was used to change the angle 

between the build direction and preferential growth axis from 30o to alternating at ±45o with a 

distinct zig-zagging feature of grains as shown in Figure 2.18 (a to d) [136,155]. The alteration in 

angle is unexpected as one would expect a variation of ±30o. A distinct change in grain size can also 

be observed in Figure 2.18 (a and b) with the grain size increasing when moving from a 

unidirectional strategy to a bidirectional strategy [155]. Grain size has also been observed to 

increase when moving between a unidirectional strategy without rotation between layers towards a 

unidirectional strategy with a 90o rotation between layers [156]. This contradicts results obtained 

through modelling where Li et al. [157] found that between these two strategies there was not a 

significant change in grain size but rather that grain shape changed varying from a crescent shape 

for the unidirectional strategy to a linear shape observed for the bidirectional strategy. In their work 

there was no indication of whether the preferential alignment along the build direction was affected 

although the differences in shape would indicate that the heat flow direction along the B.D changes. 
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For the unidirectional strategy, the heat flow is perpendicular to the trailing edge of the melt pool 

resulting in a 30o tilt to the build direction [158]. For the bidirectional strategy, the rotation between 

each successive raster will result in a change in favoured angle from 30o to -30o, and if growth were 

to follow the ±30o approach, the angle between the dendrite trunks of the neighbouring layers would 

be 120o with the B.D as shown in pattern 1 in Figure 2.18 (e) which can not occur in an experimental 

scenario [158]. If the primary dendrites of neighbouring layers were to grow perpendicularly to each 

other with the primary dendrites of the second layer growing preferentially off the secondary 

dendrites of the previous layer, the dendrite growth direction will deviate about 30o from the 

maximum heat flow direction as shown in pattern (2) in Figure 2.18 (e) [158]. This large 

misalignment makes such a growth scenario unfeasible [158]. Solidification pattern 3 in Figure 2.18 

(e) has a similar mechanism as pattern 2 (with primary dendrites growing perpendicularly to 

primary dendrites in the previous layer along the easy growth directions), but the dendrite growth 

 

Figure 2.18: Change in grain tilt angle to the B.D showing IPF maps for (a) unidirectional and (b) bidirectional 

strategies with respective pole figures in (c) and (d), with (e) showing a schematic representation of the potential 

dendrite growth directions applicable for a bidirectional strategy and (f) a cell colony with growth from secondary 

arms at 45o [56,155,158]. 
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is aligned to around 45o with the build direction which means that there is a deviation of only about 

15o with the heat flow direction in all the layers resulting in a much smaller overall average deviation 

from the heat flow direction [158].  

Wang et al. [56] observe something similar where the cellular growth is observed to be in general 

aligned at ±45o to the building direction. Cells may alternate orientation by 90o from their previous 

growth direction by making use of the secondary <001> growth direction [56,85]. In fact, growth 

of adjacent cells on the slightly developed secondary arms of a neighbouring cell colony were 

observed and are marked in Figure 2.18 (f) confirming work by Wei et al. [158]. The growth in this 

direction is theorised to occur as it conserves the crystal orientation between the neighbouring melt 

pools thus needing a lower nucleation energy for epitaxial growth [159]. Thus, the change in growth 

angle required between one melt pool and the other is minimised [159]. This deviation in 

solidification angle from the build direction can result in the development of a [011] fibre texture 

along the B.D rather than the typical [001] texture due to the alignment of the [001] at 45o to the 

B.D [56,159]. 

The movement of grains with the motion of the laser can be harnessed to easily modify the texture 

in the transverse direction (XY plane). Dovgyy et al. [92] documented that for the fcc CoCrFeMnNi 

alloy with the cross-hatch strategy,  the rotation between layers accounted for cross-wise layer 

epitaxial growth resulting in two fibre textures at right angles to each other forming a cube texture. 

Thijs et al. [48] observed that a 90o rotation in scanning strategy between layers results in the 

formation of a cube texture as opposed to a fibre texture which forms when no rotation is present. 

Geiger et al. [153] observed that a bidirectional strategy with a 90o angle rotation between layers 

(cross-hatch) resulted in a cube texture where all the <001> crystal axes were aligned with the x, y 

and z axes of the laser motion. Rotating the entire strategy by 45o degrees, resulted in a 45o rotation 

of the texture [153]. Using a 67o rotation between layers reduced the layer overlap and imparted 

randomisation in the XY plane; the <001> directions were no longer oriented along the x and y 

directions of the build, while there was still an alignment of the [001] with B.D (Figure 2.19 (a)) 

[153]. This contradicted observations by Zhou et al. [134], where a consecutive 67o rotation of a 

bidirectional strategy results in an overall “quasi random” crystallographic texture with grains still 

appearing elongated somewhat but not aligned along any particular direction as shown in Figure 
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2.19 (b). However, it is difficult to determine whether the IPF orientation shown is with the B.D or 

not.  

 

Figure 2.19: (a) Change in texture characteristics with different scanning strategies for IN738LC [153] together 

with (b) “quasi-random” crystal structure observed with a 67o rotation in a bidirectional strategy for CoCrMo [134]. 

Dovgyy et al. [92] compared the effect of a 67o rotation between a bidirectional raster strategy 

shown in Figure 2.20 (a and b) to an island strategy shown in Figure 2.20 (c and d). While a 

columnar grain morphology was obtained for both conditions, the crystallographic direction aligned 

with the build direction was the [011] rather than the usually observed [001] direction. The growth 

direction of the grains and cells for a single track are shown in Figure 2.20 (e) which showed that 

several grains had a distinct angle of about 45o to the build direction except the grains in the middle 

of the track which were aligned with the build direction. Normally the grains aligned with the build 

direction would continue to grow preferentially and dominate the structure, but due to the rotations 

applied between layers and between the islands themselves, the heat flow direction was 

continuously changed [56,158]. Thus the grain growth angle to the heat flow direction is minimised 

by a 45o angle to the B.D as with the case for a bidirectional strategy [56,158]. The use of an island 

strategy in combination with the consecutive 67o rotation further increased the intensity of the [011] 

orientation as shown in Figure 2.20 (c and d) due to side branching of cells between boundaries of 
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adjoining islands [92]. In this way the grains extended through several islands and the grain size 

along the XY plane also increased.  

 

Figure 2.20: IPF maps for scanning strategies with a 67o layer rotation for a bidirectional strategy with XY and XZ 

cross-sections for (a) and (b) respectively together with an island strategy with XY and XZ cross-sections for (c) and 

(d) respectively. (e) shows the cross-section for a single track melt pool. [92]. 

The island strategy was found by Carter et al. [160] to result in a large-scale pattern of coarse 

columnar grains interspersed with a fine grained region where the island overlap occurred for 

CM247LC, as shown in Figure 2.21 (a). The elongated columnar grains were found to have a high 

multiples of uniform distribution (M.U.D) value and a rotated [001] cube texture (parallel to the 

laser vector rotation) as shown in Figure 2.21 (b) while the fine-grained regions had a lower cube 

(a) (b)

(c) (d)

(e)



CHAPTER 2  Literature review 

44 

 

 

texture intensity with a deviation in angle from the B.D as shown in Figure 2.21 (c). Due to the 

relatively small island size and the relatively high laser scanning speed (between 400 mm/s to 

2000 mm/s), the melt pool length could have been considerable where the trailing edges of the melt 

pool were close to the edges of the island [160]. The trailing edges of the melt pool are curved which 

would in turn result in a change in direction of the heat flow leading to a significant change in 

orientation of the last solidifying grains [14,160]. Conversely in work by Dovgyy et al. [92], this 

large scale patterning was not visible for island chessboard strategies potentially due to the rotation 

being applied. 

 

Figure 2.21: (a) IPF map with respect to the build direction of an XY cross-section showing the effect of the 

chessboard island scan pattern on large scale grain arrangement together with pole figures for (b) strongly textured 

area and (c) less defined textured zone [160]. 

An attempt at using scanning strategy in EB-PBF to control microstructure has been made by 

Dehoff et al. [161] – although the strategies and beam parameters used in their work are not 

available for analysis. Through some variation of parameters, different grain structures were 

obtained going from grains very aligned to the B.D towards a disorganised structure with a random 

alignment as shown in Figure 2.22 (a to f) [161]. The authors indicated that a transverse grain 

alignment was obtained with one of the strategies used i.e. grains having their axis aligned with the 

XY scanning plane rather than the B.D [161]. This is attributed to the solidification front moving at 

the same speed of the electron beam which seems unlikely with the high speeds considered in EB-
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PBF [42,51,52]. However, as specific parameter combinations were not provided it is not clear why 

this behaviour occurred. It could be that the grain morphology has a curvature as has been observed 

by other authors when changing scanning strategy [157]. Helmer et al. [93] using EB-PBF applied 

the scanning strategies to alter the solidification direction and were able to switch from columnar to 

“quasi-equiaxed” growth through a periodic layer rotation. Spot scanning rather than rastering has 

also been used in EB-PBF to vary the microstructure for instance moving from a columnar structure 

towards an equiaxed structure or changing the grain size of the columnar grains obtained [162,163]. 

Alternating the raster order through the use of varying line order numbers has also been used in EB-

PBF by Karimi et al. [135] to promote the formation of equiaxed grains, although this also resulted 

in the formation of a large amount of solidification cracks and shrinkage porosity in the specimens 

generated. Lei et al. [164] use a combination of line offset variation and heat input parameter 

variation to modify the microstructure in EB-PBF. 

 

Figure 2.22: Effect of various scanning strategies used in EB-PBF to obtain (a and d) a columnar microstructure, (b 

and e) an equiaxed microstructure and (c and f) a transversely oriented microstructure [161]. 
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Hatch length has been reported to affect the microstructure generated, with shorter hatch lengths 

being associated with the formation of aligned columnar structures as shown in Figure 2.23 

(b and d) and longer hatch lengths associated with the increased formation of stray grains as shown 

in Figure 2.23 (a and c) [54]. Small stray grains could develop in between columnar grains attributed 

to regions of low temperature gradients, rapid cooling and fast solidification rate [54,115,116]. This 

also translates to a difference in mechanical performance with specimens produced using a long 

hatch length having a better mechanical performance compared to a short hatch length as shown in 

Figure 2.23 (e) [165]. The reason behind this large difference in microstructure was not further 

investigated – though the shorter hatch lengths would be expected to heat up the material more as 

the laser takes less time to arrive at the adjacent melt pool [166,167]. This would lead to a slower 

solidification rate and therefore larger sub-grain structures, coarser grains and overall worse 

mechanical properties [168]. Shorter hatch lengths require less time for the beam to return to the 

initial position, thus consecutive melt pools can overlap producing a wider melt pool – this has been 

observed through simulation [167] and is thought to lead to a higher amount of epitaxial growth 

and therefore a higher degree of alignment. For a longer hatch length, the heat transfer will be 

quicker and the previous melt pool has already solidified producing smaller melt pools and thus a 

reduction of epitaxy in the microstructure [167,169]. A higher degree of heating will also reduce the 

solidification rate, promoting further epitaxial columnar growth [14,53]. Furthermore, the 

underlying material has a longer time to cool with a longer hatch length, which in turn results in 

subsequent hatches not melting through as many previously solidified layers reducing the epitaxial 

growth [54]. This would result in overall finer microstructural and sub-microstructural features and 

a lower texture intensity [54]. Supporting results were also obtained by Wang et al. [56] this time 

due to thinner cross-sections resulting in a shorter hatch length and thus a reduced cooling rate and 

a higher degree of alignment with the B.D. Using the island strategy parameters such as the island 

size could be modified to leverage such an approach and applied to potentially modify the 

mechanical properties. 
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Figure 2.23: Strategies for (a) long hatch length and (b) short hatch length together with (a and d) respective IPF 

maps and (e) mechanical behaviour for different hatch lengths and (f) simulated behaviour with increasing hatch 

length [54,165]. 

Evidence of the effect of scanning strategy on the grain size distribution of IN718 is shown in Figure 

2.24 (a). Liu et al. [156] compare a unidirectional strategy to a cross-hatch strategy. Both the 

strategies used resulted in the formation of a bimodal grain size distribution but the difference 

between the smallest and largest grain size peaks was larger for the unidirectional strategy. Samples 

having larger grains generated using the unidirectional strategy were found to fail through 

transgranular crack propagation while for unidirectional cross-hatching strategies where the grain 

size was nominally smaller, the samples exhibited mixed mode failure [156]. The difference in 

failure modes was attributed to larger grains being more favourable as sites for crack propagation 

due to weaker strain hardening effects in such grains. This resulted in uneven deformation leading 

to differing dislocation densities in adjacent grains of differing size which in turn results in different 

levels of stress hardening [156]. The mechanical properties obtained through the two strategies also 
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differ in σY and ductility as shown in Figure 2.24 (b) [156].  

 

Figure 2.24: (a) grain size distribution for single direction rastering (SDRS, unidirectional) and cross-directional 

rastering (CDRS, unidirectional cross-hatch) and (b) stress-strain curves for the different conditions [156]. 

The modification of the texture and grain size along the build direction for L-PBF is still 

challenging, with many works reporting a change in the transverse direction rather than along the 

build direction. Modification of laser heat input parameters can also be used to directly induce 

equiaxed or “quasi-equiaxed growth”, but this can result in decreases in the specimen quality. 

Modification of the scanning strategy itself has been used to alter the preferred orientation along the 

XY plane, however altering the preferred orientation along the B.D for L-PBF is still difficult. 

Changes to relatively disruptive scan strategies such as the island scanning strategy have not yet 

been fully investigated and thus provide an interesting avenue of further research in microstructural 

control through altering the scanning strategy rather than the laser heat input parameters.  

2.4.4 Effect of heating and cooling the substrate 

The thermal gradient is affected by the rate of heat flow through the baseplate. Thus, by heating or 

cooling the baseplate a change in temperature gradient will occur which in turn affects the 

solidification conditions. Chen et al. [102] show that improving the cooling of the baseplate 

significantly increases the columnar alignment of the grains as the result of an increase in thermal 

gradient. One must consider that the parts fabricated here are relatively low in build height – being 

only about 5 mm high and this could affect the magnitude of such an effect as with increasing build 

height the efficiency of the baseplate in acting as a heat sink would be reduced especially with the 

(a) (b)
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low thermal conductivity characteristic of IN718.  In fact, in the study by Chen et al. [102] 

comparing water cooling with air cooling of the baseplate, a very swift reduction in cooling rate 

was observed as the build height increased beyond the initial layers in direct contact with the 

substrate. The effect of baseplate temperature has been quantified in processing maps for columnar 

to equiaxed transitions by Gäumann et al. [116]. To promote columnar growth, the temperature of 

the baseplate needs to remain as low as possible while baseplate heating will promote true equiaxed 

growth through a reduction in temperature gradient [116]. Baseplate heating can also be used to 

perform in-situ heat treatments during a building process although factors such as oxygen pick up, 

cracking and powder sintering need to be considered [170].  

2.5 Microstructural modification to change mechanical properties  

From an application perspective, part positioning on the plate should be optimized to obtain the 

highest part density for the given build envelope – part orientation in the build chamber has been 

associated with a 160% change in the energy consumed during the process [171]. Nickel alloys are 

known to have anisotropic properties along different crystallographic directions [14]. Ni is 

inherently anisotropic with a Zener anisotropy between 2.43 and 2.48 [172,173]. For Ni single 

crystals, the elastic moduli along the three principal crystallographic directions are 119.8 GPa along 

the [100], 200.8 GPa along the [011] and 259.2 GPa along the [111] [172,174]. For different 

orientations aligned with the build direction the Schmid factor will also vary depending on 

orientation [175]. This shows that with predominant {011} and {111} alignments to the loading 

direction, the σY and Young’s modulus (E) should increase.  

The difference in mechanical properties in practice with different predominant textures is shown in 

Table 2.3. The <001> direction has a lower strength compared to other predominant crystal 

directions. The ductility tends to be better for predominant <001> alignment as can be seen in Table 

2.3. On the other hand, the <001> alignment is more favourable for creep performance in nickel 

based alloys favouring a very long stress rupture life [154,176,177]. At elevated temperatures, creep 

for Ni-based alloys is controlled by {111}<112> slip and will not strain harden, while <001> and 

<111> oriented crystals favour multiple slip systems which results in a long rupture life due to strain 

hardening [177]. Crystals oriented for single slip systems will undergo a large rotation before an 
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additional slip system becomes active which means a large amount of primary creep with high strain 

occurs with a short rupture life [177]. Grains oriented for multiple slip will need little or no rotation 

before the onset of secondary creep resulting in low creep amounts and a long creep life [177]. 

Thus part orientation, specifically with respect to the expected loading direction and B.D in 

conjunction with the anisotropy exhibited by IN718, will also affect the mechanical properties of 

the component [7,11,51,60,178,179]. Being able to modify the preferential texture along the loading 

direction is beneficial as it allows efficient component placement on substrates in addition to optimal 

mechanical properties. Furthermore, being able to tailor the mechanical properties allows 

components to be optimised for applications by considering the microstructure of the parts 

themselves as a variable. Limited studies have investigated the tailoring of the microstructure to 

obtain graded components with mechanical property grading using L-PBF. 

Table 2.3: Mechanical properties for IN718 with different predominant texture orientations. 

Crystal 

orientation 

to load 

direction  

Heat treatment 

Test 

temperature 

(oC) 

0.2% 

Yield 

strength 

(MPa) 

Young’s 

modulus 

(GPa) 

UTS 

(MPa) 

Elongation 

to failure 

(%) 

Ref. 

Random, 

forged 

ST 954oC/1 h, 

PHT 718oC/8 h 

& 621oC/total 

18 h 

650 1000 - 1500 20 [78] 

Vertical  
HIP 1160oC/ 3 

h, ST 955oC/1 

h, PHT 720oC/8 

h & 620oC/total 

18 h 

RT 

1034 - 1365 28.7 
[179] 

 
Horizontal 1055 - 1407 21.6 

<001> 

As-built RT 

531 113 866 21 
[129] 

 Quasi-

random 
668 173 1011 22 

Horizontal 

As-built RT 

807 

816 
- 

1051 

1085 

22 

19 

[178] 

[23] 

Vertical 
675 

737 
- 

957 

1010 

28 

20.6 

[178] 

[23] 

RC: recrystallisation treatment ST: solution treatment PHT: precipitation hardening treatment RT: room temperature 

Körner et al. [130] observed that for highly columnar IN718 microstructures manufactured using 

EB-PBF, there was a distinct difference between the transverse (XY) and longitudinal (XZ) 

direction in Young’s modulus. Columnar structures were found to have a Young’s modulus of 
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127 GPa parallel to the building direction and 159 GPa perpendicular to the build direction [130]. 

Samples which had an equiaxed morphology were found to have a Young’s modulus of 183 to 

189 GPa in both directions [130]. Conversely the yield strength and ultimate tensile strength (UTS) 

for the highly aligned columnar samples was found to be higher than that obtained for equiaxed 

samples as can be seen in Figure 2.25 which is unexpected [130]. This might indicate that there 

might be other factors at play such as porosity – in fact, samples with an equiaxed morphology were 

found to have a lower life to failure compared to their columnar counterparts coupled with a large 

variability in ductility which may be associated with premature failure through the inclusion of 

defects such as porosity or segregation.  

The idea of microstructural optimisation was successfully applied by Im et al. [176] in IN718 to 

generate a highly oriented <001> crystal structure similar to a directionally solidified microstructure 

using EB-PBF. This was done through the application of a high temperature applied to the powder 

bed and differences to the focus offset [176]. The idea behind this work was to obtain an improved 

creep performance. In fact at temperatures of 650oC and loads of 700 MPa, the structure was 

successfully engineered to provide a higher creep performance to a comparably wrought product 

[176]. In L-PBF, Wang et al. [180], compare the use of an island strategy to a strip strategy, which 

did not result in highly significant difference in the mechanical properties along the build direction 

or the transverse direction for the different strategies used.  
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Figure 2.25: Mechanical properties for IN718 test samples made using EB-PBF [130]. 

2.6 Effect of microstructural modification on oxidation performance 

Oxidation is one of the more important factors affecting the high temperature performance of 

materials. Through oxidation, a loss of cross-sectional area occurs together with the formation of 

intergranular oxide compounds. Oxidation has been shown to reduce the time to crack initiation, 

and accelerate the fatigue crack growth rates thus reducing the fatigue life [181–183].  

According to Giggins and Petit [184], IN718 is a group II type of Ni-Cr-Al based alloy; it consists 

of ~19 wt.% of Cr which forms an adherent and protective (up to 1000 ºC) Cr2O3 scale at the alloy 

surface together with discontinuous Al2O3 particles underneath upon exposure to elevated 

temperature oxidising conditions [185]. TiO2 intergranular phases have also been observed for 

oxidation of IN718 by Calandri et al. [79]. The formation sequence of the Cr, Al and finally Ti 

oxides has been explained in detail elsewhere [79]. Beneath the chromia layer, a Cr depleted zone 

has also been reported [186]. Enrichment of the near-surface area in Nb has been documented for 
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IN718 oxidised between 850 to 950oC [79,187]. Conversely, Li et al. [186] document the formation 

of NbO rather than Nb below the chromia layer. This Nb enriched layer is thought to reduce the 

oxidation rate [188]. The minor alloying elements such as Al, Ti, Nb and Mn will affect the oxide 

formation kinetics deviating the oxidation kinetics from those observed for pure Cr2O3 formation 

[189].  

Grain boundaries act as short-circuit diffusion pathways for oxygen in Cr and grain boundary 

diffusion is faster than lattice diffusion [190]. Below 1000oC, grain boundary diffusion is also more 

prevalent as grain boundaries have an irregular atomic arrangement and will act as preferred 

oxidation sites [186]. This does however depend on the chemical composition and the rate at which 

the protective Cr oxide is established [191]. Thus, the amount of grain boundaries impinging the 

surface should influence the oxidation rate. The initial oxidation rates for Ni based superalloys have 

been observed to also be affected by the orientation of the surface grains [186,192–194]. Wang et 

al. [192] performed studies on Haynes 230, oxidised at 900oC for 5 minutes in air to determine the 

initial oxidation behaviour on different grain orientations as is shown in Figure 2.26.  

 

Figure 2.26: Dependence of the relative oxide height on the deviation of the grain from the <111> [192]. 

They found that the oxidation rates are dependent on the deviation of the grain orientation from the 

<111> direction, with grains which are aligned to the <111> direction being more oxidation resistant 

[192]. Conversely, they found that grains presenting the (001) face to the oxidation surface tended 

to have a higher overall oxide thickness indicating that the oxidation rate for these orientations was 

0 nm

82 nm
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in fact more compared to grains with a (111) orientation to the normal direction as is shown in 

Figure 2.26. Grains with a (011) orientation perpendicular to the normal direction (ND) were found 

to have an intermediate oxidation rate [192]. This effect is thought to be related to the planar density 

of the different orientations; resulting in the formation of large oxide grains which reduce the 

oxidation rate or small oxide grains which yield a high number of oxide grain boundaries 

accelerating the oxidation rate [192]. This has also been observed for Cr and Ni, where the oxide 

thickness was found to be different between individual grains with a different orientation [190,193]. 

The authors suggest that this behaviour is due to the formation of high diffusivity grain boundaries 

on the film forming on the (001) faces and low diffusivity, coherent twin grain boundaries forming 

on the (111) faces [193].   
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2.7 Summary and research gaps 

The microstructure generated during L-PBF is dependent on several complex physical factors 

related to the melt pool behaviour and its interaction with the heat source, the heat flow behaviour, 

thermal gradient, and solidification rate. The interaction of these factors is known to influence the 

final microstructure. Due to the layer-by-layer building methodology prevalent in L-PBF, 

modifying these factors and their interaction with the forming microstructure is possible and is an 

area of growing research. The consensus after L-PBF is to homogenise the microstructure through 

heat treatment or HIP to obtain uniform mechanical behaviour. If the microstructure itself is seen as 

a variable tool to be controlled through processing parameters, then L-PBF can be actively 

harnessed to move away from using heat treatments for homogenisation towards the generation of 

functionally graded microstructures and components with structures which are fully optimised for 

their application. Graded microstructures for IN718 are already used in aeroengine disc applications 

using a complex heat treatment to optimise properties for the inner and outer section of the disc. 

Microstructural control using L-PBF can be a valuable tool in further simplifying the production 

and optimisation of such components.  

Most of the successful work on microstructural control is focused on the effect of varying heat 

processing parameters to vary the thermal gradient and solidification rate directly. While this is 

possible, in L-PBF porosity is still an issue using such means and parameters need to be carefully 

considered to avoid overheating, incomplete consolidation, segregation and solidification cracking 

during the process. In processes such as EB-PBF, varying the microstructure is relatively easy since 

the heat input parameters can be varied on a spatial basis, and this has been successfully applied to 

transition from columnar to equiaxed growth. However, in L-PBF this remains a challenge, 

especially when modifying the texture and grain size along the build direction. The high thermal 

gradients, partly due to the high scanning speeds and the heat sink effect of the unheated base plate 

coupled with the small melt pools make transitioning to equiaxed growth very difficult. The 

following research gaps are evident from existing literature: 

i. The laser scanning path is a viable option to influence the heat flow direction and the 

solidification rate. While a limited amount of work has been done on established 

common laser movement strategies such as unidirectional strategies, bidirectional and 
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cross-hatching strategies, the effect of the island strategy commonly used in L-PBF is 

still not well investigated with several possible subtle alterations which can be made to 

such a strategy to further modify the heat flow and thus affect the microstructure. This 

strategy offers a more evenly distributed heat input and thus can reduce the effect of 

variations in cross-sectional area over a component.  

ii. Furthermore, while varying the microstructure along the transverse direction has been 

achieved to a certain extent, the grains generated are still aligned with the build 

direction and tailoring the crystal structure in this direction is still a challenge.  

iii. The studies observed in L-PBF still exhibited epitaxial growth, but due to the 

application of different strategies or heat input parameters, the tilt angle of the grains to 

the build direction was modified rather than the formation of true equiaxed growth. 

This is not a transition from columnar to equiaxed growth. The use of a heated baseplate 

has been shown to be effective for DED in inducing the CET but has not been yet 

extensively investigated for L-PBF of IN718.  

iv. The feasibility of successfully using scanning strategies or baseplate heating in 

modifying the mechanical properties along the B.D still needs to be further investigated. 

Furthermore, the effect of modifying the scanning parameters in one specimen to create 

microstructurally graded components with varying mechanical properties has also not 

been fully determined.   

v. Although some work has been done on the effect of texture on the initial oxidation 

behaviour, it has not yet been elucidated whether these variations in initial oxide 

thickness can be effectively used to reduce the oxidation rate over long term exposures 

at elevated temperatures. An investigation into the effect of combined texture and grain 

size modifications on the oxidation performance is also lacking. The high variability of 

the microstructures produced by the process may also affect the oxidation performance 

which has not been investigated in detail.  
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CHAPTER 3. Experimental procedure   
 

3.1 Materials 

Two batches of argon gas atomised IN718 spherical powder supplied by LPW Technology LTD 

(UK) were used for this work. The first batch (BATCH1) was used for metallographic samples 

discussed in Chapter 4 and Chapter 5 while the second batch (BATCH2) was used for 

manufacturing mechanical test coupons and oxidation testing coupons discussed in Chapter 6 and 

Chapter 7. BATCH1 had been used for 5 previous builds prior to this study. The powder size 

distributions were measured as per ASTM B822-17 [195] using laser diffraction methods for both 

batches and are shown in Figure 3.1 and Table 3.1. A difference in size distribution was observed 

and thus the powder spreading characteristics were further analysed. The powder from BATCH1 

had a higher size distribution likely due to the increase in melt bonding and spatter formation 

contributing to an increase in powder size. Both powder batches were sieved prior to use.  

 

Figure 3.1: Powder size distribution for BATCH1 and BATCH2. 
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Table 3.1: Powder size values for BATCH1 and BATCH2. 

 D10 (µm) D50 (µm) D90 (µm) 

BATCH1 25.93 35.02 48.34 

BATCH2 16.9 27.7 44.7 

3.1.1 Powder chemical composition 

The chemical composition of the powder was analysed externally at AMG Advanced Metallurgical 

Group, using inert gas fusion and combustion analysis for quantification of N, O, C and S (accuracy 

of 0.001 wt.%) and inductively coupled plasma - optical emission spectrometry (ICP-OES) for 

quantification of the remaining elements with an accuracy of 0.005 wt.%. The quantities for these 

elements were found to be within the limits established by ASTM B637-18 [104]. 

3.1.2 Powder flowability 

To remove any agglomerates resulting from previous processing, the powders were sieved using 63 

µm sieves prior to analysis and use. The bulk density and tap density of the powder were measured 

using a calibrated 25 cm3 copper container and a calibrated PCE BT2000 mass balance. For the tap 

density vibrations were applied to the filled container, and the container was refilled as needed until 

no more powder could be added after which its mass was measured. Hall flow measurements were 

applied to both batches. Hall flow measurements were carried out as per B213-17 [196] using the 

static flow method. The average bulk density of the powder was found to be 4.34 to 4.57 ± 0.01 

gcm-3 and tap density of 4.9 to 5.02 ± 0.02 gcm-3. The Hausner ratio for the powder used here was 

of between 1.12 and 1.10 indicating an excellent flowability. An average Hall flow rate of 12 s to 

15.3s /50g was obtained. 

As BATCH1 had already been used previously, its powder flowability was measured using the 

Schulze Shear ring test method in addition to the Hall flow test method to ensure sufficient 

spreading for building purposes. Shear ring measurements were performed on the Schulze Shear 

Ring RST-XS tester using a normal pre-shear load of 6000 Pa, 3 shear levels and 1 measurement 

per shear level. The flowability of the powder was quantitatively characterised using the FFC ratio 
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of the consolidation stress to the unconfined yield strength. Typically, an FFC above 10 indicates 

that the powder is free flowing. The FFC ratios obtained here were of 48 and 49 indicating free 

flow. During building no issues were observed with powder flow with either of the powder batches 

used. 

3.1.3 Powder shape considerations 

The powder structure and morphology was analysed using a Hitachi TM3000 scanning electron 

microscope (SEM) in back scattered electron (BSE) mode. Energy dispersive spectroscopy (EDS) 

analysis using an accelerating voltage of 15 kV was employed to investigate areas of interest. The 

powder used here was largely spherical with a dendritic microstructure from the fast-cooling rate 

during gas atomisation. 

3.1.4 Base plate  

The base plate used for majority of this work was a stainless-steel sand blasted plate. For work 

where single layer melt pools were investigated a nickel alloy (IN625) baseplate was used to obtain 

similar thermal properties to the IN718 powder to ensure that the single layer melt pools were a 

good representation of what would occur with melt pools on a Ni based component.  

3.2 Concept Laser M2 Powder Bed Fusion 

3.2.1 Machine Set-up 

An M2 Concept laser-powder bed fusion system was used as shown in Figure 3.2 (a). All processing 

was done under a continuous feed of argon (< 0.1% O2). The system consisted of a handling 

chamber where the build set-up and powder sieving operations were carried out and a processing 

chamber where the build itself was processed. The set-up was equipped with a 400 W Yb-fibre laser 

in continuous wave mode with a maximum build envelope of 250 mm by 250 mm by 280 mm 

(L×W×H). The maximum scanning speed of the set-up was 7000 mm/s with a laser spot size of 

~60 µm having a gaussian irradiance profile. A flexible rubber recoater blade was used for powder 

spreading operations during the build. This was changed prior to each build to ensure proper powder 

spreading.  
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Figure 3.2: (a) M2 concept laser set-up and (b and c) laser in operation during a build, together with a schematic of 

the associated island scanning strategy shown in the insert in (c).  

A representative image of a typical build process is shown in Figure 3.2 (b and c). During set-up, a 

substrate is affixed to the build platform and the powder is sieved through a 63 µm sieve into the 

powder reservoir in the handling chamber at the left side of the machine shown in Figure 3.2 (a). 

Once the set-up is complete, the entire assembly is moved to the processing chamber on the right-

hand side of the machine shown in Figure 3.2 (a). A sliced 3D computer aided design file (known 

as a stereolithography file) containing the part files is then uploaded to the machine and the 

processing parameters such as the laser heat input parameters and details related to the scanning 

strategies are entered. The build process has been previously described in Chapter 1.2. 

 

(a)

(b)

(c)

50 mm

handling chamber

processing chamber
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3.2.2 Specimen manufacture details 

The “default” scanning strategy unique to the Concept laser system is defined as an island scanning 

strategy depicted in Figure 2.17 (d). This is the strategy is shown for the layers visible in Figure 3.2 

(b and c). It consists of partitioning the surface area into 5 mm islands (where the island size is 

shown in Figure 2.17 (i)) which are then scanned in a random order within the layer with a 90o 

rotation between neighbouring islands. There is a 1 mm by 1 mm shift in both the X and Y directions 

for the island pattern between consecutive layers (shown in Figure 2.17 (i)). The edges of the islands 

overlap by a default value of 0.0225 mm (as depicted in Figure 2.17 (h)). The subsequent layer is 

then rescanned in a similar random order. A layer thickness of 30 µm was used throughout this 

work. A control condition optimised for a high density was defined using this “default” island 

scanning strategy manufactured using a power of 263 W, scan speed of 1500 mm/s and a scan 

overlap of 0.075 mm for comparison purposes. This condition is defined as the CONTROL 

condition in this work and known to produce high density components from previous work [197] .  

A study on the effect of the laser parameters and scanning parameters on the grain size and texture 

was performed by manufacturing monolithic cubes (10×10×10 mm) through two sets of 

experiments. 

To investigate the effect of laser heat input parameters, the scanning strategy used was the “default” 

island scanning strategy. For these specimens the power, scanning speed and hatch spacing were 

then varied as shown in Table 3.2 to encompass a range of energy densities. The experimental 

parametric matrix was defined by using a design of experiment approach with a five-level central 

composite rotatable response surface design to encompass the range of energy densities selected. 

The energy density was calculated using Equation 2.3. The energy density values used here 

represent the area energy density since the layer thickness was kept constant throughout all 

experiments. Not all parameter combinations obtained specimens which were fully dense. Only 

parameter combinations yielding an Archimedes density of higher than 8.19 g/cm3 were considered 

for further investigation and characterisation. 
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Table 3.2: Overview of laser heat input parameters. 

Power 

(W) 

Speed 

(mm/s) 

Hatch spacing  

(mm) 

Energy Density 

(Jmm-2) 

50 1000 0.075 0.67 

150 2000 0.06 1.25 

150 1000 0.03 5.00 

188 2500 0.075 1.00 

188 1500 0.045 2.78 

188 1500 0.075 1.67 

188 2500 0.045 1.67 

225 2000 0.09 1.25 

225 2000 0.03 3.75 

225 3000 0.06 1.25 

225 1000 0.06 3.75 

225 2000 0.06 1.88 

263 2500 0.045 2.33 

263 2500 0.075 1.40 

263 1500 0.075 2.33 

263 1500 0.045 3.89 

300 2000 0.06 2.50 

300 1000 0.06 5.00 

240 1200 0.063 3.17 

263 1500 0.060 2.92 

263 1500 0.075 2.33 

To investigate the effect of scanning parameters, the power, scan speed and hatch spacing were kept 

constant at 263 W, 1500 mm/s and 0.075 mm respectively, selected for optimised density (>99.5%). 

The scanning strategies were then varied, and an overview of the various modified scanning 

parameters is listed in Table 3.3. In the test conditions, individual scanning parameters such as the 

scanning strategy itself, the island overlap, the island size and the island shift were varied 

individually from the CONTROL condition. Single layers were produced using scanning 

parameters denoted as CONTROL, ISLAND3 and ISLAND7 in Table 3.3 to facilitate the 

measurement of the melt pool dimensions. These consisted of 1 scan track, 1 island and a single 

layer of 90 mm by 20 mm. 

Proof of concept scaled-down, hollow turbine blades with dual grading were made using the 

ISLAND3 strategy outlined in Table 3.3 to manufacture the blade section of the components. The 
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fir root tree section was made using the SHIFT4 condition. This component is referred to as the 

GRADEDBLADE in this work. 

Specimens for oxidation testing were made in the form of cuboids having dimensions of 20 mm by 

20 mm by 10 mm which were then sliced in 1 mm slices along the XZ plane using wire electrical 

discharge machining (WEDM) to investigate the effect of texture and grain size on the oxidation 

behaviour. These samples were then sliced in 1 mm thick slices. The conditions investigated for the 

oxidation work were the CONTROL, ISLAND3 and ISLAND7 conditions outlined in Table 3.3. 

Table 3.3: Scanning strategy parameters. Each condition had one scanning parameter varied from the control 

condition as highlighted. 

Test condition 

designation 

Scanning Strategy  

Laser scan path 

Island 

size 

(mm) 

Island shift 

in X and Y 

directions 

between 

each layer 

(mm) 

Island 

overlap 

(mm) 

Testing 

CONTROL Island  5 1 0.0225 Tensile, Oxidation 

SHIFT4 Island  5 4 0.0225 Tensile 

ISLAND7 Island  7 1 0.0225 Tensile, Oxidation 

ISLAND3 Island  3 1 0.0225 Tensile, Oxidation 

OVERLAP2.5 Island  5 1 0.05625 No 

BiD Bidirectional None None None No 

CH Cross-hatched None None None No 

IP Island parallel 5 1 0.0225 No 

Tensile specimens were then manufactured as square bars having dimensions of 15 mm by 15 mm 

by 90 mm as shown in Figure 3.3 (a). The bars were manufactured in such a way that the build 

direction was parallel to the tensile axis. The modification of the alignment along the build direction 

depends on the heat flow direction and for L-PBF due to the prevalent effect of the build plate acting 

as a heat sink this is difficult to modify. Modifying the orientation in the XY direction is easier as 



CHAPTER 3  Experimental procedure 

64 

 

 

the crystals tend to be oriented according to the scanning direction. Thus, it was deemed of more 

scientific value to investigate the more challenging aspect along the B.D rather than how the grains 

align with laser movement. A typical build plate set up for mechanical test coupons used in this 

work is shown in Figure 3.3 (b). Monolithic conditions optimised for high texture/large grain size 

and low texture/smaller grain size were made using parameters as outlined in Table 3.3.  

 

Figure 3.3: (a) Tensile bar orientation with respect to build direction and dimensions together with (b) typical 

build plate set up with multiple bars in different conditions. 

Dual graded specimens were made of different monolithic conditions having one end optimized for 

large grain size and texture along the build direction and the other end optimised for a low 

texture/small grain size along the build direction. The grading was varied going from a low 

texture/smaller grain size towards a higher texture/larger grain size to avoid epitaxial growth of 

larger grains into the finer grained structure [129]. Details of the parameters used for the 

manufacture of these bars are given in Table 3.4.  

 

 

 

B
u
il

d
in

g
 d

ir
ec

ti
o
n

WEDM

7
0
 m

m

2
0
 m

m

5 mm

B
u
il

d
in

g
 d

ir
ec

ti
o
n

9
0
 m

m

15 mm 15 mm

(a) (b)



CHAPTER 3  Experimental procedure 

65 

 

 

Table 3.4: Overview of parameters used for mechanical graded coupons. 

Test condition designation Grading 1 Grading 2 Mechanical testing 

GR_ISLAND/SHIFT SHIFT4 ISLAND3 Tensile 

GR_ISLAND ISLAND7 ISLAND3 Tensile, DIC,  

3.2.3 Heated baseplate 

For L-PBF the base plate will act as a major heat sink. Most established systems allow heated 

baseplate capability up to 150 to 200 ºC for stress relieving purposes. L-PBF processes are 

characterized by a very high thermal gradient which makes it very difficult to move to homogenous 

nucleation and equiaxed growth. A heated baseplate would reduce the thermal gradient to facilitate 

the columnar to equiaxed transition. Thus, a set of experiments using a heated baseplate was carried 

out. The baseplate consisted of an IN625 plate of dimensions 60 × 60 mm which was heated to a 

temperature of 400 ± 5oC for 1 h before commencing the experiment and the temperature 

maintained during the building process. The aim of this experiment was to investigate the effect of 

heating the bed and thus reducing the thermal gradient in the build direction on the reduction of 

columnar growth. The specimens were simple cubes of dimensions 10 × 10 × 10 mm and the 

parameters included in this experiment are listed in Table 3.5. 

Table 3.5: Parameters used for heated baseplate experiments. 

Test condition designation Laser scan path 
Power  

(W) 

Scan speed 

(mm/s) 

Hatch spacing 

(mm) 

CONTROL Island  263 2500 0.075 

ED3.89 Island  263 1500 0.045 

3.2.4 Post processing: sample removal and sectioning 

Coupons were removed from the substrates using a wire electrical discharge machine. XZ and XY 

planar cross-sections were prepared for all parameter conditions. Tensile bars were heat treated after 

removal from the plate as will be described in Section 3.2.5. These bars were then sliced using the 

WEDM to obtain the dog bone shape as per a modification from ASTM E8M [198] with a gage 

length modified to be 5 mm wide and 20 mm long and 1 mm thick as shown in Figure 3.3 (a). This 

cutting procedure eliminated the rough as-built surface texture which is known to affect the 

mechanical properties negatively to allow focus on the microstructural impact on the mechanical 

properties. The oxidation specimens were heat treated as detailed in Section 3.2.5 and then sliced 
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into 1 mm thick coupons from the original cuboids in parallel to the build direction (XZ cross-

sections) using a Struers Accutom 5 precision saw with water cooling.  

3.2.5 Post processing: heat treatment 

A heat treatment was applied to a CONTROL specimen of 10 × 10 × 10 mm as per ASTM B637-

18 [104]. The heat treatments were applied using an LTD atmospheric furnace using a solution 

treatment temperature of 980oC for 1 hour followed by water quenching – the relatively low solution 

treatment temperature in comparison to the recrystallisation temperature for IN718 of 1020 to 

1050oC [105] was chosen to retain the microstructure generated [199]. The coupon was then 

double-aged at 720oC for 8 hours followed by furnace cooling to 620oC and aged for a further 10 h 

followed by air cooling. Confirmation of the retained original microstructure was obtained prior to 

further heat treatment. Coupons used for mechanical testing and oxidation testing were then also 

heat treated as per the procedure described here to obtain the γ' and γ'' precipitates required for 

strengthening of the microstructure and enable comparison to structures used in application. 

3.3 Characterisation 

All measurements in this work denote mathematical averages of a normally distributed data set 

unless otherwise specified with the variability given by ± in the measurement showing a difference 

of 1 standard deviation.  

3.3.1 Metallurgical sample preparation 

XZ and XY cross-section metallographic samples for all the test conditions and oxidation 

specimens were mounted in resin and metallographically polished to a mirror-like finish using 

0.04 µm colloidal silica solution. Prior to microscopic characterisation this resin was then removed. 

Oxidation specimens were polished to this finish from both sides and the edges and corners were 

chamfered to reduce stress concentrations and polished.  

The flat tensile dog bone specimens were prepared using a Sharmic™ vibratory bowl polisher to 

remove any machining marks followed by metallographic polishing of 1 side. The other side was 

retained with the original finish which offered a textured surface to be used as a speckle pattern for 
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digital image correlation.  

3.3.2 Density and porosity measurements 

Archimedes density measurements were performed as per ASTM B962-17 [200] in ethanol at room 

temperature (~20oC). The coupons considered here had a density of 8.19 g/cm3 and over (the density 

of IN718 is listed as 8.19 g/cm3 [201]) as measured through the Archimedes method – the variations 

in density may be related to the different precipitates in the alloy formed after heat treatment.  

The Archimedes measurements were confirmed using optical microscopy on XZ cross-sections 

with a minimum area of 1.5 mm2 over 3 different locations. The coupons considered to be dense 

through Archimedes measurements were remeasured using optical microscopy as Archimedes 

measurements tend to overestimate density with holes being filled with powder [91] – and only 

coupons with a density of over 99.5% of the total area measured were considered to be nominally 

dense. These coupons were then further characterised as will be described.  

3.3.3 Microscopy 

Optical microscopy was carried out on specific regions of interest such as weld pools using a Zeiss 

Axioscope 5 microscope. Low resolution electron microscopy was carried out using a Hitachi TM 

3000 Plus on regions of interest such for as powder characterisation, as-built surface features and 

for cell-size measurements.  

High resolution scanning electron microscopy was performed where required such as on fracture 

surfaces and microstructural specimens using a field emission Tescan Mira 3 SEM equipped with 

a wide field view camera with an accelerating voltage of −15 kV and a variable working distance 

and spot size. Secondary electron (SE) and corresponding BSE images were taken where required. 

EDS measurements were carried out on regions of interest using an accelerating voltage of −30 kV 

and a working distance of 15 mm.  

SEM on oxidation coupons was performed using a field emission Zeiss Merlin Gemini SEM using 

both secondary electron and backscatter electron signals. Energy dispersive spectroscopy was used 

for chemical analysis of areas of interest and chemical mapping. Cross-sectional analysis of the 

oxide scale thickness and chemical composition was performed for each condition at 504 h.  
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3.3.4 Electron backscatter diffraction 

Electron backscatter diffraction (EBSD) measurements were carried out using a step size of 1.5 µm 

and a scan size of ~1000 µm by ~800 µm to generate IPF maps for microstructural specimens. For 

the GRADEDBLADE condition, the grid sizes required were larger. A step size between 3 and 

4 µm together with a scan size of 11661 µm by 1479 µm was used for the blade section while the 

fir root tree was scanned using a scan size of 6083 µm by 5362 µm and a step size of 7 µm.   

The grain size measurements were calculated on a comparative basis due to the non-parametric (i.e. 

the distribution of data does not fit a fixed set of probability distributions) grain size distribution. 

Grain diameter was calculated along the build direction and along the transverse direction where 

required considering grains that had diameters equal to 4 points or more as the grain size in general 

was much larger than this. To directly compare the grain size distributions effectively, the line 

intercept method was used in both the build direction and transverse directions according to ASTM 

E112-13 [202] on EBSD maps. The grain diameter distributions were then plotted as cumulative 

grain fractions of the intercept line versus the grain diameter values for both XY and XZ cross-

sections. These curves can be used to directly correlate the distribution in grain diameters (shown 

on the X axis) covering a certain line percentage (shown on the Y axis). Aspect ratio values were 

calculated by dividing the average grain diameter along the XZ by the average grain diameter along 

the XY cross-sections. 

Texture measurements such as pole figures and IPF maps were generated from the EBSD scans. 

These were then used to compare preferential alignment of the unit cell between different 

conditions. A qualitative comparison of the grain misorientations was made from the IPF maps 

obtained for the different structures by comparing the area percentages covering 3 equal ranges of 

misorientation closely assigned with the main crystallographic directions. Multiples of uniform 

distribution measurements for texture components were obtained after contouring using a half width 

of 10o and a cluster size of 5o. The MTEX [203] MATLAB toolbox was used to reconstruct grains 

and calculate convex hull based shape parameters for the grains. The convex hull is a polygon 

whose shape encloses and contains all the points making up an entity – in this case a grain. Grains 

which approach a rounded and equiaxed shape tend to have a very low deviation from their convex 

hull, while grains which are less rounded and more irregular in shape will tend to give higher 
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deviation values from their convex shape. Local area misorientation maps were also generated 

where required to determine any effect on the misorientation within grains. 

3.3.5 Etching 

Cell size measurements were performed for selected dense conditions using the line intercept 

method on XY and XZ cross-sections. Prior to measurement the surfaces were electrolytically 

etched using a 10% potassium hydroxide and H2O solution at 3 V direct current for 10 seconds. A 

minimum of 1800 cells were measured per condition. Melt pool measurements of the top surface 

were also carried out on etched coupons for single layer specimens after etching the surfaces with 

Kalling’s etchant for 3 seconds. 

3.3.6 X-ray diffraction 

X-ray diffraction (XRD) measurements were performed on the XY cross-sections for 

microstructural specimens taken at a height between 3 mm and 4 mm using a Bruker D2 Phaser 

XRD system equipped with a Co source for θ-2θ angles, between 45o and 120o, a step size of 0.02o 

and scanning an area of 19.66 cm2. The measurements were then converted to the Cu equivalent. 

The texture coefficients for each condition were calculated by calculating the ratio between the 

intensity of the (002) to the (111) reflections. 

The surfaces before and after oxidation were investigated using X-ray diffraction with a Rigaku 

Ultima IV diffractometer with CuKα radiation operated in the Glancing Incidence Asymmetric 

Bragg (GIAB) configuration. An angle of incidence of 3o was used with a step size of 0.05o and a 

scan speed of 1o per minute in the range of 30o to 100o. The tube acceleration voltage was – 40 kV 

and the tube current was 40 mA. 

3.3.7 Hardness measurements 

Hardness measurements were carried out using a Buehler VH1202 machine equipped with a 

Vickers indenter, a load of 1 kg and a dwell time of 10 s to compare as-built to solution treated and 

double-aged conditions. The position of the hardness indents was selected in such a way as to leave 

enough distance to avoid the interference of the underlying strain field of previous measurements. 

Further hardness measurements were done to compare specimens manufactured using a heated 
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baseplate using a Buehler VH1202 machine equipped with a Vickers indenter, a load of 5 kg and a 

dwell time of 10 s. These hardness measurements were done in parallel with the build direction 

along the height of the specimens. There was an amount of scatter in the hardness data collected 

due to the variability in the microstructure and relatively large grain size typical of AM components. 

To compensate for this, a relatively high load was used to ensure that the strain field under the 

indenter would be large enough to sample several grains. 

3.4 Mechanical testing 

3.4.1 Room temperature tensile testing  

Room temperature tensile tests were conducted as per ASTM E8M [198] on monolithic specimens 

of interest as specified in Table 3.3. The elastic part of the test was performed using strain control at 

a strain rate of 0.015 min-1. For this part of the curve the extension was measured using an 

extensometer. Beyond the elastic limit of the curve, the strain rate was increased to 0.4 min-1 and 

extension measurements were tabulated using the machine head displacement values.  

3.4.2 Digital image correlation tensile testing 

Tensile testing with digital image correlation (DIC) was performed on the GRADEDISLAND 

condition. The test was performed on an Instron universal testing machine in displacement control 

using a 0.002 min-1 strain rate – equating to a cross-head displacement rate of 0.1 mm/min. The 

strain was measured using a knife edge extensometer and in-situ DIC. Images were acquired using 

a Nikon D850 camera with 32 megapixels was used in conjunction with an Opto Engineering 

TC16M012 2:1 magnification telecentric lens at an acquisition rate of 0.1 Hz. These images were 

converted from raw format using Matlab into 16 bit grayscale tiff images and analysed using Davis 

8.4 by LaVision [204]. The images were analysed after correcting for lateral shifting and using a 

least square correlation function for displacement measurement in both the y-direction (loading 

direction) and the x-direction (lateral direction). Three seeding points were used per analysis and 

the image time series was analysed with respect to the previous image. A smoothing algorithm using 

gaussian linear smoothing and adjacent averages was applied to reduce noise in the strain maps 

obtained.   
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3.5 Isothermal oxidation testing 

3.5.1 Furnace set-up  

Isothermal oxidation tests in laboratory air were performed using a Nabertherm horizontal metal 

tube furnace at 850 ± 10oC for times up to 504 h. Prior to starting the tests, the furnace was calibrated 

using a K-type thermocouple over a period of 24 h at the oxidation temperature. The specimens 

were placed in dehydrated covered alumina boats during the test.  

Oxidation tests were conducted on the conditions exhibiting a low texture and high texture namely; 

the ISLAND3, ISLAND7 and CONTROL conditions as described in Table 3.3. The samples were 

prepared to a build direction (XZ) cross-section. The sample dimensions (length, width, and 

thickness) were measured thrice using a Vernier calliper followed by degreasing in ethanol and 

drying. A high precision Sartorius Me5 micro-balance (±0.001 mg) was used to obtain mass gain 

measurements. Initial mass measurements for the specimens were obtained prior to starting the tests. 

Repeated (3 times) mass measurements were obtained at intervals of 0 h, 24 h, 48 h, 96 h, 264 h 

and 504 h. The mass change per unit area after each interval was calculated and used to calculate 

the oxidation rate constants.  

Samples were placed in the centre of the pre-heated furnace which reached temperature within 10 

minutes of sample placement. Upon test conclusion, the furnace was switched off and opened and 

the samples were cooled in the furnace at a cooling rate varying between 8.2oC/min in the first 10 

minutes to 5oC/min as the specimens approached 600oC. Cooling to below 650oC took ~20 minutes. 

Mass gain measurements were taken upon cooling. Samples and alumina crucibles were placed in 

a sealed desiccant container upon reaching room temperature.  

3.5.4 Cross-section preparation and characterisation 

Cross-sectional analysis of the oxide scale thickness and chemical composition was performed for 

each condition and oxidation duration. This required the protection of the brittle surface oxide on 

the sample during the coupon preparation procedure. Specimens were sputter coated with a thin 

gold layer followed by Ni-plating using a Watt’s bath electrolyte solution (710 ml deionised water, 

30 g boric acid, 190 g Ni sulphate and 40 g Ni chlorate) at a temperature between 30 and 60oC using 



CHAPTER 3  Experimental procedure 

72 

 

 

a hot-plate with a current density between 1-10 A.dm-2 for a total of 20 minutes. Once plated, coupons 

were mounted using Struers Durocit-3 resin and sectioned using Struers Accutom 5 precision cut-

off machine and metallographically polished to a 0.04 μm finish using OP-S solution for around 5 

minutes. SEM and EDS line and map measurements were performed on near-surface regions to 

gage oxide thickness and analyse diffusion for the different alloying elements. 
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CHAPTER 4. Microstructural control during L-PBF to create 

graded microstructure Ni-superalloy components 
 

4.1 Abstract 

This work explores the feasibility of additively manufacturing tailored microstructures through 

varying process parameters, to eventually control the mechanical properties and performance. The 

investigation focuses on controlling the heat input and thermal history during laser-powder bed 

fusion of IN718 through process parameter manipulation; notably the heat input parameters (power, 

scan speed, and hatch spacing) and island scanning parameters (island size, shift, and island 

overlap). The changes in preferred orientation, morphology and grain size were characterised in 

both the transverse and build cross-sections using scanning electron microscopy and electron back 

scatter diffraction, while the texture development was comparatively characterised using X-ray 

diffraction. The solidification cell size was quantified to estimate the influence of the process 

parameters on the cooling rates. This was also rationalised using a thermal model resolving the scan 

characteristics to provide the transient temperature distribution to a numerical grain growth model. 

Based on the obtained microstructures, graded microstructures were generated using the island 

strategy and identical laser parameters throughout but changing subtle features such as the island 

size and shift. A suitable post-process heat treatment was applied to retain the tailored 

microstructures, while obtaining the required hardness.  

Keywords: L-PBF; Ni-Superalloys; modelling; solidification; texture. 

 

 

 

 

 



CHAPTER 4  Microstructural control during L-PBF to create graded microstructure Ni-superalloy components 

74 

 

 

 

Graphical abstract: 

 

4.2 Introduction 

Inconel 718 is widely used for critical applications requiring a material able to resist high 

temperatures and stresses such as aircraft engines and nuclear reactor components [1]. IN718 is 

very difficult to machine due to its high hardness and tendency to work harden, requiring high 

cutting forces which in turn exacerbates the work hardening experienced by the alloy [13]. 

However, the slow precipitation kinetics of the alloy make IN718 weldable and therefore an ideal 

candidate for AM [1,16]. AM has been focused on mimicking the microstructures obtained through 

conventional manufacturing techniques such as forging, by employing heat treatment to promote 

recrystallization and remove epitaxial growth and the associated texture produced during the AM 

process. The layer-by-layer building concept inherent to AM allows the heat input and thus thermal 

gradient and solidification rates to be changed during the process leading to differing solidification 

conditions resulting in different solidification microstructures [38]. This means that microstructural 

features such as grain size, morphology and texture can be modified during fabrication by changing 

deposition parameters to potentially introduce microstructural grading. Microstructural grading is 

already being applied for dual microstructure turbine discs. A complex heat treatment is applied to 

provide a gradual grading in grain size from a small grain size at the bore of the disc which is at 

lower temperatures moving gradually towards larger grains at the rim where higher temperatures 
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are expected [19,205]. The ability to use AM for a similar application would mean that 

microstructural grading could be applied to more complex part geometries to obtain the desired 

texture or grain size.  

Grading can be performed using various approaches such as using laser heat input parameters or 

particulate refinement as reviewed by Oliveira et al. [38]. A clear example of such grain orientation 

control was demonstrated by Dehoff et al. [144] using EB-PBF where the electron beam heat input 

parameters were changed actively to switch from a line to a point heat source and thus obtain mis-

oriented grains at a very specific location. A dependence of the level of texturing on the laser heat 

input parameters; specifically power in DED has been observed by Parimi et al. [136] where a 

higher power resulted in a much more defined texture compared to microstructures made using 

lower power. Similarly using EB-PBF and modifying deflection speed and line offset, Körner et al. 

[130] managed to switch the microstructure from columnar to equiaxed. The effect of modifying 

the laser heat input parameters was further demonstrated by Popovich et al. [76,129] using laser-

powder bed fusion, where 2 power levels were used to manufacture a dual grain structure; varying 

between a highly textured and large grain size and a much smaller quasi-equiaxed grain 

morphology. However, grading a microstructure by varying the laser heat input parameters can 

negatively impact the mechanical properties by introducing porosity and defects into the melt 

[76,111,178].  

Varying the scanning strategy has also been shown to affect the grain orientation. The scan direction 

in DED has been shown to affect dendrite orientation with unidirectional scans exhibiting a fibre 

texture aligned at 60o to the build direction and bidirectional scans exhibiting a cube texture with 

the dendrites being aligned at 45o to the B.D [155]. A similar effect has also been observed in L-

PBF by Thijs et al. [91]. Geiger et al. [153] observed a variation in texturing and grain size with 

different cross-hatch angles. However, the texture variation was only observed in the transverse 

axes indicating that along the build direction grains would still have the less favourable (001) 

alignment [153]. Wan et al. [206], investigated bidirectional and cross-hatching scan strategies 

where the scan strategy was found to affect the amount of texturing found in the specimens. They 

found that using a cross-hatched strategy resulted in a higher degree of texturing compared to a 

bidirectional scan strategy [206]. This was also supported by work done by Sun et al. [159] using 

both cross-hatching and bidirectional strategies. Liu et al. [156] observed that the unidirectional 
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scanning strategy in laser solid forming was found to encourage a more columnar mode of growth 

when compared to the cross-hatching strategy which also resulted in differing grain sizes leading to 

a differing performance in tensile testing. While unidirectional, bidirectional and cross-hatching 

strategies are both viable strategies for L-PBF, it has been documented that using the island scan 

strategy results in an overall lower amount of residual stresses as the heat input is more uniformly 

distributed across the surface [150,151]. This also means that changes in the cross-sectional area 

will not affect the heat input as much. The effect of varying island scanning parameters such as 

island size, island overlap and island shift on microstructural features such as texture, grain size and 

morphology is currently not well understood. An understanding of the effect of these parameters on 

the grain morphology (equiaxed or columnar), size and preferred orientation along the build 

direction would provide an alternative method towards microstructural grading while still using 

laser parameters optimized for high density.  

Simulations are attractive tools enabling the virtual investigation of a printed component’s expected 

temperature distribution. This can used to calculate the undercooling and solidification rate and thus 

the corresponding as-built microstructure and thermal history. This information together with a 

suitable nucleation model enables cellular automaton (CA) methods to predict grain growth during 

solidification [207]. Some researchers couple CA with a computational fluid dynamics (CFD) 

model of the melt pool [158,167,208]. Both CFD and CA require extensive computational 

resources, so only small domains can be studied. Solving the three-dimensional conduction 

equation by reducing melt pool details is an alternate attractive option for coupling with CA to 

increase the domain size [114,209].  

The scope of this study is to investigate the effect of varying scanning strategies and laser parameters 

both experimentally and numerically on the preferred growth orientation along the build direction 

which to date has been challenging, the microstructural morphology and grain size. The novelty 

here is to explore the available tools for microstructure control in terms of the island scanning 

strategy effect on the solidification in addition to supporting this using a thermal model to further 

investigate grain growth. Micro-segregation for as-built components remains an issue as discussed 

by Oliveira et al. [40] therefore the viability of such strategies will be further confirmed through the 

application of a heat treatment tailored to retain the obtained microstructure while obtaining the 

required hardness for double-aged IN718 and reducing the effect of brittle particles as much as 
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possible. 

4.3 Experimental Procedure 

4.3.1 Fabrication 

An M2 Concept Laser L-PBF system using pre-alloyed gas atomised IN718 powder (Ø 10 to 

45 µm, ASTM B637-18 [104]) was used to create 10 ×10×10 mm cubes. The powder composition 

is shown in Table 4.1.  

Table 4.1: The chemical composition of the IN718 powder used and the ASTM B637 [104] specified composition range 

of IN718. 

Element (wt.%) Ni Cr Fe Nb Mo Ti  Al 

IN718 powder 52.15 19.24 18.47 5.19 3.11 1.03 0.44 

IN718 ASTM B637-18 

[104] 

50-55 17-21 bal. 4.75-5.50 2.80-3.30 0.65-1.15 0.20-0.80 

All processing was done under a continuous feed of argon (< 0.1% O2). The CONTROL scanning 

strategy (Figure 4.1 (a)) consisted of partitioning the surface into 5 mm islands which were then 

scanned in a random order (within the layer) with a rotation of 90o between consecutive islands. 

Between each consecutive layer there was a 1 mm by 1 mm shift in both the X and Y directions 

(Figure 4.1 (f)) and an island overlap (Figure 4.1 (c)) of 0.0225 mm. The subsequent layer was then 

rescanned in the same random order. A layer thickness of 30 µm was used throughout this work.  
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The effect of laser parameters and scanning parameters on the grain size and texture was 

investigated by manufacturing monolithic coupons through two sets of experiments as follows: 

i. To investigate the effect of scanning parameters, the power, scan speed and hatch 

spacing were kept constant at 263 W, 1500 mm/s and 0.075 mm respectively, selected 

for optimised density (>99.5%). The strategies used here are outlined in Figure 4.1 

and an overview of the various modified scanning parameters is listed in Table 4.2. In 

the test coupons, individual scanning parameters such as the scanning strategy itself 

(Figure 4.1 (b, d, e)), the island overlap (Figure 4.1 (c)), the island size and the island 

shift (Figure 4.1 (f)) were varied individually from the control condition. A 

CONTROL coupon manufactured using scanning parameters optimised for high 

density was made for comparison. In addition, 2 single-layer coupons were produced 

using scanning parameters denoted as ISLAND3 and ISLAND7 in Table 5 having a 

length of 90 mm and a width of 20 mm. These were used to measure the time required 

for scanning individual islands and a single layer. 

  

 

Figure 4.1: (a) Island scanning strategy, (b) island parallel strategy (c) island overlap, (d) bidirectional and 

(e) cross-hatching scanning strategies and (f) island size together with island shift parameters.  
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Table 4.2: Scanning strategy parameters used. Each condition had one scanning parameter varied from the control condition 

as highlighted. 

Test condition 

designation 

Scanning Strategy  

Laser scan path Island 

size 

(mm) 

Layer-wise island 

shift in X and Y 

directions 

(mm) 

Island 

overlap 

(mm) 

Post-processing 

CONTROL Island 5 1 0.0225 None 

SHIFT4 Island 5 4 0.0225 None 

ISLAND7 Island 7 1 0.0225 None 

ISLAND3 Island 3 1 0.0225 None 

OVERLAP2.5 Island 5 1 0.05625 None 

BiD Bidirectional None None None None 

CH Cross-hatched None None None None 

IP Island parallel 5 1 0.0225 None 

STA Island 5 1 0.0225 Solution treatment 

and aging heat 

treatment 

 

ii. To investigate the effect of heat input parameters the scanning strategy used was that 

used to manufacture the CONTROL condition as defined in  Table 4.2. For these 

specimens the power, scanning speed and hatch spacing were then varied as shown in 

Table 4.3 to encompass a range of energy densities. The energy density was calculated 

using Equation 4.1. The energy density values used here represent the area energy 

density since the layer thickness was kept constant throughout all experiments. 

Energy Density (J/mm2) =  
Power (W)

Scan speed (mm s−1)×hatch spacing (mm)
       Equation 4.1 
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Table 4.3: Laser heat input parameters used. 

Power 

(W) 

Scanning Speed 

(mm/s) 

Hatch Spacing 

(µm) 

Energy Density 

(J/mm2) 

225 2000 60 1.88 

263 1500 75 2.33 

300 2000 60 2.50 

263 1500 60 2.92 

263 1500 45 3.89 

A demonstrative proof of concept of a scaled-down, hollow turbine blade was manufactured using 

the island strategy and a power of 263 W, scan speed of 1500 mm/s and a hatch spacing of 

0.075 mm. While such aerofoils are typically made out of single crystal, crack susceptible, high 

gamma prime alloys such as MAR M 247 and CMSX-4, this geometry was chosen to determine 

whether the trends observed are also applicable to more complex geometries than a simple cube 

shape, as this will affect the thermal behaviour of the component [210,211]. The information gained 

from this work is aimed to be the groundwork for application and modification in AM building 

strategies for more complex alloy systems in application if then required.  The fir-tree root geometry 

of the blade was made using the 4 mm shift in the X and Y directions between each layer (SHIFT4 

in Table 4.2) and a 5 mm island size while the blade geometry was made using a 3 mm island size 

and 1 mm shift in the X and Y directions (ISLAND3 in Table 4.2). This condition will be referred 

to as GRADEDBLADE. The strategy parameters were selected on a basis of which monolithic 

condition provided the largest changes in grain size and texture and were varied from the bottom to 

the top of the turbine blade to create a dual-graded microstructure and avoid epitaxial growth of 

larger grains into the finer grained structure [129]. The region where the parameters were changed 

from one condition to another contained a 120 μm overlap to ensure bonding between the 2 

conditions.  

4.3.2 Characterisation 

Archimedes density measurements were performed as per ASTM B962-17 [200] in ethanol at room 

temperature (~20oC). These measurements were confirmed using optical microscopy on XZ cross-

sections with a minimum area of 1.5 mm2 over 3 different locations. All coupons considered here 

had a density of 8.19 g/cm3 and over (the density of IN718 is listed as 8.19 g/cm3 [201]) as measured 

through the Archimedes method – the variations in density may be related to the different 
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precipitates in the alloy formed after heat treatment. Coupons were over 99.5% dense as measured 

using optical microscopy. 

XZ and XY plane cross-sections were prepared for all test conditions. The specimens were 

sectioned using electrical discharge machining, mounted in resin and metallographically polished 

to a mirror-like finish using 0.04 µm colloidal silica solution. X-ray diffraction measurements were 

performed on the XY cross-sections at a 4 mm height using a Bruker D2 Phaser XRD system 

equipped with a Co source for θ-2θ angles, between 45o and 120o using a step size of 0.02o and 

scanning an area of 19.66 cm2. The measurements were then converted to the Cu equivalent. The 

preliminary texture coefficients for each condition were calculated by calculating the ratio between 

the intensity of the (002) to the (111) reflections. This was done to obtain a high throughput 

measurement for benchmarking. Hardness measurements were conducted using a Buehler VH1202 

machine equipped with a Vickers indenter, a load of 1 kg and a dwell time of 10 s. 

Scanning electron microscopy was performed using a field emission Tescan Mira 3 SEM equipped 

with a widefield view camera on regions of interest for the as-built control and heat-treated coupons. 

Cell size measurements were performed for selected conditions using the line intercept method on 

XY cross-sections. Prior to measurement, the surfaces were electrolytically etched using a 10% 

potassium hydroxide and H2O solution at 3 V direct current for 10 seconds. A minimum of 1800 

cells were measured using the line intercept method. Melt pool measurements of the top surface 

were also carried out on etched coupons. 

EBSD measurements were performed using a step size of 1.5 µm and a scan size of 1000 µm by 

800 µm to generate inverse pole figure maps and pole figures. Multiples of uniform distribution 

measurements for texture measurements were obtained after contouring using a half width of 10o 

and a cluster size of 5o. For the GRADEDBLADE condition, the grid sizes required were larger. A 

step size between 3 and 4 µm together with a scan size of 11661 µm by 1479 µm was used for the 

blade section while the fir root tree was scanned using a scan size of 6083 µm by 5362 µm and a 

step size of 7 µm.  The grain size measurements were calculated on a comparative basis due to the 

non-parametric grain size distribution. To directly compare the grain size distributions effectively, 

the line intercept method was used in both the build direction and transverse directions according 

to ASTM E112-13 [202] for intercepts equivalent to 4 points or more (i.e. 6 µm). The grain diameter 
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distributions were then plotted as cumulative grain fraction of the intercept line versus the grain 

diameter values for both XY and XZ cross-sections. These curves can be used to directly correlate 

the distribution in grain diameters (shown on the X axis) covering a certain line percentage (shown 

on the Y axis). Aspect ratio values were calculated by dividing the average grain diameter along the 

XZ by the average grain diameter along the XY cross-sections. 

Heat treatments were applied as per ASTM B637-18 [104] to coupons built using the CONTROL 

condition to observe whether the grain texture would be retained after a successful solution 

treatment, as observed by Chlebus et al. [199]. The heat treatments were applied using an LTD 

atmospheric furnace using a solution treatment temperature of 980oC for 1 hour followed by water 

quenching – the relatively low solution treatment temperature was chosen to retain the 

microstructure generated. These coupons were then double-aged at 720oC for 8 hours followed by 

furnace cooling to 620oC and ageing for a further 10 h and air cooled. The coupons were then 

electrolytically etched using a 10% potassium hydroxide and H2O solution at 3 V direct current for 

10 seconds to compare with the control as-built condition which was similarly etched. 

4.3.3 Numerical modelling 

A thermal model was used to assess scan strategies and their influence on heat distribution by 

solving the conduction equation (Equation 4.2) in a sample domain. Two time grids were used; one 

was coarse (dt =1 ms) resolving large scale temperature evolution in the sample geometry, the other 

is was much finer (d t = 10 s) to resolve the temperature distribution and its changes in the vicinity 

of the laser. Likewise, the spatial resolution was based on a relatively coarse (dx = 66 m) grid 

spanning the computational domain, while the other grid dynamically calculated based on the melt 

pool length. The melt pool length was sub-divided into 3 computational cells. The fine grid was 

gradually coarsened with a sufficiently large border around the melt pool to capture fine scale 

temperature differences.  
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𝜌
𝑑ℎ

𝑑𝑡
=  ∇ ∙ (𝜆∇T) + 𝑄     Equation 4.2 

where: 

 is density in kg/m3,  

h is enthalpy in J/kg,  

t is time in seconds,  

λ is material conductivity in W/mK,  

T is temperature in K  

and Q is heat source power density in W/m3. 

The laser was modelled as a Gaussian surface heat source. The variance of the power distribution 

was defined to correspond to that of the laser used in the M2 Concept laser. The power was scaled 

by an absorption coefficient of 0.45 and the peak temperature was capped at the alloy’s boiling 

temperature. It is assumed that the processing chamber reaches a steady state temperature of 373 K 

during printing, which is defined as a Dirichlet boundary condition to the domain boundaries and is 

also defined as an initial thermal condition for all simulation. The conduction equation is solved 

iteratively in a finite volume framework. The ESI Additive Manufacturing suite of tools was used. 

The spatial and temporal temperature distributions were supplied to the solidification grain structure 

modeling algorithm based on work done by Mosbah et al. [212]. A grain envelope was computed 

and defined by the forefront of primary, secondary and tertiary dendritic tips. Each forefront of the 

dendrite tips was tracked using a Lagrangian particle spaced using the secondary dendrite arm 

spacing (SDAS). SDAS can be calculated based on the cooling rate and hence changes during 

runtime. The temperature range between liquidus and solidus was used to identify the melt pool. 

The tips’ growth velocity is calculated using a kinetic model, taking the local undercooled melt pool 

into account (Equation 4.3, adapted from [213]). Constant values for Equation 4.3 have been 

interpolated from data obtained by Kundin et al. [213] for values in between 180 J/m and 360 J/m. 

Interactions between the tips and grains in their vicinity are computed. Randomly distributed 

nucleation spots are used with constant nucleation density (𝑛𝑔) that nucleate at a mean undercooling 

of 3.5 K with a deviation of 2.0 K. The material properties which were used are summarized in 

Table 4.4. 
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𝑣𝑡𝑖𝑝 = (5.8 × 10−8) ∙ ∆𝑇2.7 Equation 4.3 

where: 

vtip is the tip growth velocity in m/s,  

and T is the temperature in K. 

Table 4.4: IN718 properties used for the thermal modelling and grain growth simulations. 

Solid density (kg/m3) 8000 

Liquid density (kg/m3) 7400 

Solid thermal conductivity (W/mK) 15 

Liquid thermal conductivity (W/mK) 28.5 

Solid specific heat capacity (J/kgK) 600 

Liquid specific heat capacity (J/kgK) 750 

Absorption coefficient for IN718 [214] 0.45 

Solidus temperature (K) 1533 

Liquidus temperature (K) 1609 

Boiling temperature (K) 3186 

Secondary arm spacing (m) 5 ×10-6  

For the thermal model a cuboid computational domain of size (𝑥, 𝑦, 𝑧) = (1.5 × 0.5 × 0.9) mm 

was used. The first layer was assumed at height 𝑧 = 0.03 mm corresponding to the layer thickness 

used in the experimental work. The layer thickness for the successive layers was also ∆𝑧 = 30 μm. 

Laser spot size at the surface was assumed to be 𝑑𝐿 = 63.5 μm, scan speed 𝑣𝐿 = 1.5 m/s, laser 

power 𝑃𝐿 = 263 W, hatch spacing ∆𝑦 = 75 μm. An example of the thermal model computational 

domain for 2 hatches is shown in Figure 4.2. 

 

Figure 4.2: Thermal model computational domain demonstrating 2 hatches. 
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4.4 Results and Discussion  

Representative XRD patterns obtained for the powder and for the control coupon are shown in 

Figure 4.3 (a). The reflections for γ (Ni-Cr-Fe) and γ' (Ni3 (Al, Ti)) coincide, although it is expected 

that the amount of γ' and γ'' will be low due to the sluggish precipitation kinetics of IN718 [136]. In 

fact, the hardness obtained for the as-built conditions ranged between 310 and 330 HV1 – typical 

for non-heat treated IN718 [199]. The low hardness further supports that the precipitation of γ' and 

γ'' was minimal after L-PBF as the kinetics of precipitation for these phases are too sluggish to 

precipitate with the high cooling rates typical of L-PBF.  The diffraction peaks shifted by about 0.2o 

higher after L-PBF processing compared to the powder, indicating a reduction in the distance 

between the lattice planes and thus some distortion in the lattice which is expected due to the high 

cooling rates in L-PBF leading to an amount of residual stress. No significant developed peaks 

corresponding to Laves phase were observed here but this could be attributed to a combination of a 

relatively high step size and low resolution not resolving low intensity reflections from the 

background signal.  

There is a distinct change in the texture coefficient (defined as the ratio of the intensity of the (002) 

to the (111) reflections), when compared to the powder diffractograph due to the columnar growth 

occurring during fabrication. The texture coefficient for the CONTROL condition was found to be 

4.14 while for the powder it was found to be 0.35. With various laser and scanning parameters, the 

intensity of the texture coefficient was found to vary as can be seen in Figure 4.3  (b and c) indicating 

differing levels of columnar growth. By changing the scanning parameters and strategies, the 

resultant heat flux direction and magnitude can be changed thus impacting the orientation of the 

preferential [001] solidification direction for fcc materials as will be further discussed.  
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Figure 4.3: (a) Diffractograph for IN718 powder compared to the control condition and texture coefficient 

obtained for (b) different scanning parameters and (c) laser parameters. Dotted line indicates the texture coefficient 

for the control condition. 

4.4.1 Effect of island size 

The texture evolved for strategies using a 3 mm island size is very pronounced, as can be observed 

in Figure 4.4 (a). The intensity of this texture decreases as the island size increases as shown in 

Figure 4.4 (b and c). This is further corroborated by the texture coefficient obtained through XRD 

which varies from 6.48 for a 3 mm island size build, decreasing to 4.14 at a 5 mm island size 

(CONTROL) to 2.94 at a 7 mm island size; showing that columnar growth along the B.D is present 

but much reduced with increasing island size. A rotation of the (001) pole was evident in the pole 

figures with the 7 mm island size condition having a tilt angle of the (001) pole of around 20o to the 

B.D and 3 mm island size condition having a tilt angle between the (001) pole and the build direction 
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of only about 6o. The [001] growth direction is aligned with the direction of greatest resulting heat 

flux between the horizontal and vertical heat flows, resulting in a growth direction that is generally 

tilted downwards in varying degrees [136,156,215]. The change in tilt angle has been found to occur 

due to a change in the solidification front tilt angle and is associated with higher cooling rate [139]. 

For the 3 mm island size, the grains were found to have an average aspect ratio of 2.62, while once 

a larger island size is used, the aspect ratio progressively decreased to 1.07 for a 5 mm island size 

to 0.81 for a 7 mm island size and a larger number of small “stray” grains can be observed in 

between scan tracks. 

This effect can be compared to the effect of changing hatch length observed by Nadammal et al. 

[54]. With a short hatch length, the IN718 microstructure was observed to be increasingly more 

columnar compared to a long hatch length [54]. With a longer hatch length it was found that the 

columnar growth tended to be interrupted by the nucleation of stray grains within and between the 

columnar grains [54]. Hatch length is largely dependent on the part geometry – with larger areas 

resulting in longer hatch lengths if a simple unidirectional or bidirectional rastering strategy is used. 

Varying the island size, largely eliminates the effect of part geometry and heat input is more uniform 

along the area being scanned.  

With a smaller island size, the laser will need a shorter time to perform a single line scan compared 

to a larger island size which would increase the laser pre-heat effect as is further described in the 

numerical modelling results in Section 4.4.7. This would mean that the previously melted adjacent 

scan tracks would contribute more to pre-heating of the subsequent melt track. The duration for the 

laser to scan a single 3 mm island was measured to be around 0.095 s, while for a 7 mm island this 

was found to be around 0.335 s. These times were obtained from the larger single layer cross-

sectional area (20 mm by 90 mm) coupons for accuracy. The total time required to scan a single 

7 mm island size layer was measured and found to be less overall (~12 s) than that required for a 3 

mm island size (~19 s) due to the higher number of islands required with a smaller island size. For 

instance, for a 10 mm side square there would be ~11 islands with a 3 mm island size compared to 

~2 islands using a 7 mm island size requiring less time for movement of the laser between islands. 

Thus, smaller islands will have heat being inputted over a longer time frame compared to larger 

island scanning strategies. Therefore, cooling of parts built with a smaller island size will also be 

slower as the layer processing time is overall longer. 
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Figure 4.4: IPF maps in XY and XZ planes together with corresponding pole figures for builds using a (a) 3 mm 

island size, (b) a 5 mm island size and (c) a 7 mm island size. 
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In the transverse direction the grain diameter distributions are relatively similar (Figure 4.5 (a)). As 

can be seen in Figure 4.5 (b), ISLAND3 builds lead to a higher percentage of grains having larger 

diameters along the build direction compared to ISLAND7, showing that as the island size 

decreases grains tend to be more elongated along the B.D indicating a higher degree of epitaxial 

growth along the (001). Conditions having a high texture coefficient overall had a larger grain size 

which should affect mechanical properties.  

 

Figure 4.5: Variation in cumulative line fraction percentage distributions over grain diameters with island size in 

(a) the transverse direction and (b) along the build direction.  

4.4.2 Effect of island shift 

When applying a layer shift of 1 mm or a layer shift of 4 mm combined with an island size of 5 

mm, the overall effect should be similar as the overall pattern would still be shifted by 1 mm. 

However, as shown in Figure 4.6 (a and b) a difference in texture is clearly visible. For shifts of 

4 mm, the grains in the XY and XZ plane appear to have a very low texture along the B.D and in 

the XZ plane the grains are curved instead of columnar. For a shift of 1 mm in the XY plane the 

grains appear more aligned with their [001] crystallographic direction to the B.D while in the XZ 

plane columnar growth is more prevalent. The texture coefficient obtained for SHIFT4 was of 1.55 

while with a 1 mm shift (CONTROL) the coefficient was of 4.14 further confirming the decrease 

in columnar growth with an increase in layer shift. While the grain size distribution for these 2 

conditions is quite similar in the XY plane, the difference is mostly visible in XZ plane with the 
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4 mm shift having overall a distribution of smaller grains in the XZ axis. This is further 

demonstrated by the decreasing aspect ratio going from 1.07 for the CONTROL condition to 0.71 

for the SHIFT4 condition.   

The nature of this effect is clear when one considers the island strategy shown in Figure 4.6 (d). 

Within a layer, the islands will be scanned in a random order, however the order in which the islands 

are scanned is not changed between each layer, as the same random order is used in each layer. 

Therefore, when shifting the subsequent layer by 1 mm in X and Y directions, the scanned island is 

for all intents and purposes still overlapping the subsequent island and will be scanned in the same 

order, meaning that cooling rates and therefore solidification rates will follow a fixed cyclic routine. 

For the 4 mm island shift, the corresponding island in the layer will have nearly moved off the 

original island after the first layer and the order in which the islands are scanned will vary in a more 

random way which will in turn break up the cyclic solidification routine as with every 2nd layer the 

scanning order on the subsequent layer is pseudo-randomised again. This will also affect the heat 

flux in the -Z direction and in turn influence the preferential [001] growth direction. This effect 

would be very prone to be affected by the geometry of the part being scanned as the shifting here 

corresponds to 40% of the cube’s length of 10 mm. For larger scanning areas the increase in shift 

might be less effective at disrupting the scanning order between layers while for thin sections (i.e. 

< 1 mm) the effect might be irrelevant due to the limited cross-sectional area. Furthermore, with 

larger areas, the laser may take longer to reach adjacent islands as it is scanning which may further 

reduce the effectiveness of changing island shift thus it is important to consider the cross-sectional 

area of the part being scanned.  
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Figure 4.6: IPF maps in XY and XZ planes together with corresponding pole figures for (a) SHIFT4 and (b) 

CONTROL together with (c) corresponding variation in cumulative line fraction distribution against grain diameter 

for both cases and (d) the variation in island scanning order between SHIFT4 and the CONTROL. 
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4.4.3 Effect of scan strategy 

The scanning strategy itself was found to also affect the texturing coefficient to an extent as can be 

seen in Figure 4.3 (b). The CONTROL condition used an island scan strategy and had a texture 

coefficient of 4.14. Changing the strategy to a bidirectional strategy increased the texture coefficient 

slightly to 4.42. Using the cross-hatching strategy increased the coefficient to 5.56. A similar effect 

for the cross hatching strategy was observed by Wan et al. [206] and Thijs et al. [216]. The island 

parallel strategy (i.e. no 90o rotation between islands but a 90o rotation between layers), which 

essentially mimics the cross hatch strategy, further increased the coefficient to 6.45 indicating that 

the change in island orientation can be further used to increase or decrease the epitaxial growth to a 

certain extent in conjunction with laser scanning parameters. The island parallel strategy could be 

used to improve the heat distribution in parts while generating specimens with a more pronounced 

[001] texture.  

4.4.4 Effect of island overlap 

Increasing the island overlap to 0.05625 mm, i.e. by 2.5 times the original value, affects the texture 

coefficient increasing it to 8.15 as shown in Figure 4.3 (b), indicating that the preferred orientation 

of the unit cell becomes much more pronounced. With a larger island overlap the amount of 

epitaxial growth will be more as the laser vector will rescan a larger section of the island and thus 

re-melt a larger amount. At the island edges it has been reported that equiaxed misoriented grains 

tend to form as opposed to the more aligned grains forming in the centre of an island [160]. 

Increasing the overlap between islands will mean that a larger area of these small equiaxed grains 

at the island edges will be re-melted resulting in the resulting melt re-solidifying epitaxially 

facilitating columnar aligned growth. 

4.4.5 Influence of laser heat input parameters 

The area energy density as a unit will only give a rough indication of the amount of texturing to be 

expected as the individual laser parameters will each affect the texturing in varying amounts 

regardless of their specific energy density as can be seen in Figure 4.3 (c). In fact in work by 

Popovich et al. [111] the energy density was maintained constant while varying a number of 

parameters resulting in drastically different textures and grain sizes overall. 
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With an increase in power from 225 W to 300 W the texture coefficient (i.e. ratio between the (002) 

and (111) peak intensity) was increased somewhat from 1.74 to 2.44 for builds using a scan speed 

of 2000 mm/s and a hatch spacing of 0.060 mm. The melt pool depth measured for these 

2 conditions was statistically similar with 49 ± 9 µm and 43 ± 9 µm observed for the 225 W and 

300 W respectively. The melt pool width however was found to statistically (α of 0.01) increase 

from 106.8 ± 11.6 µm to 140.7 ± 21.9 µm. This behaviour is similar to measurements made by 

Sadowski et al. [141] where at 2200 mm/s – speeds close to those used here, between an increase 

in power from 200 W to 300 W, the increase in melt pool depth was very slight while the extent of 

increase in melt pool width was far more significant. An increase in melt pool width with a decrease 

in speed was also observed by Yadroitsev et al. [217].  

The laser scan speed used for these builds was quite high at 2000 mm/s – builds using a lower speed 

of 1500 mm/s together and a power of 263 W and hatch spacing of 0.060 mm exhibited a much 

higher increase in texture coefficient to 4.73 indicating that the columnar growth was significantly 

more pronounced. A similar effect with decreasing laser speed has also been observed by Thijs et 

al. [91]. For this lower speed it was found that the melt pool depth increased slightly to 

49.4 ± 6.9 µm – which was still quite close to the conditions at higher speed while the melt pool 

width again increased considerably to 161.6 ± 20.5 µm.  

The change in texture co-efficient with increasing power was lower than that observed when 

decreasing the laser speed. The change in power was only of 75 W and may not have been high 

enough to result in a vast difference in texture coefficient. At a higher scanning speed, the cooling 

rate will increase, and the melt pool depth decreases as the laser will spend a shorter amount of time 

on a specific location, meaning the heat transfer with increasing power levels is not as efficient, thus 

increasing the solidification rate resulting in less time for epitaxial growth to take place, leading to 

a less columnar structure. Even though reductions in speed resulted in slightly deeper melt pools – 

the change in melt pool depth was found to vary to a lower extent than the change in texture 

coefficient and melt pool width between the different conditions. 

Hatch spacing also affected the texture coefficient where, for coupons built using a power of 263 W 

and a scan speed of 1500 mm/s, decreasing the hatch spacing from 0.075 mm to 0.045 mm had the 

effect of increasing the texture coefficient to 5.41. The depths of the melt pools also statistically 
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significantly increased from 50.8 ± 10.1 µm to 66.7 ± 11.3 µm while the widths increased 

statistically significantly from 138.6 ± 23 µm to 173.4 ± 23.6 µm. In fact, it was previously observed 

by White et al. [218] that melt pool width is quite affected by the power, scan speed and especially 

scan spacing which supports the variable changes in width observed with different laser parameters. 

Dong et al. [132] observed that peak temperatures for scanning tracks were higher with smaller 

hatch spacing (i.e. more overlap) than peak temperatures obtained with a larger hatch spacing, weld 

pool width and depth also progressively increased with decreases in hatch spacing. A higher 

consecutive scan track temperature associated with decreases in hatch spacing would lead to a larger 

heat flow along the building direction thus increasing the preferential alignment along the building 

direction.  

4.4.6 Cooling rates  

The effect of scanning strategy on the cooling rate was quantified through cell size measurements. 

The cell size obtained for the CONTROL condition was of 740 ± 140 nm equating to a cooling rate 

of ~14.6 × 105oC/s, calculated using Equation 4.4 [219]: 

DAS = 80ε−0.33 Equation 4.4 

where: 

DAS is the dendrite arm spacing taken equivalent to cell spacing (µm),  

and ε is the cooling rate in oC/s.  

The cooling rate obtained is close to what is generally observed for L-PBF processes due to the high 

cooling rates (>105 K/s) inherent to the L-PBF process [220]. The variation inherent to the 

measurement is significant as the cell size will also depend on the location in which the 

measurement was taken due to the cooling rate varying within the melt pool, influencing the growth 

direction of the cells themselves [159]. With the ISLAND7 condition the difference was not 

statistically significant compared to the CONTROL sample (cell size was of 730 ± 120 nm equating 

to a cooling rate of 15.1 × 105oC/s) due to the large variation in cell sizes present at different 

locations. However, for the ISLAND3 condition, the cell size obtained increased by a large margin 

to 920 ± 270 nm equating to a cooling rate of 7.4 × 105oC/s, which was found to be a statistically 

significant increase compared to the CONTROL and other conditions. This would further 
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corroborate that the cooling rate with a 3 mm island size was lower compared to a 5 mm and 7 mm 

island size also accounting for the increase in texture and overall increase in grain size. Between 

different island shifts the difference in cell size was not statistically significant – with the SHIFT4 

condition having a cell size of 770 ± 190 nm as compared to the measurement obtained for the 1 

mm shift CONTROL sample of 740 ± 140 nm. In this scenario, the overall cooling rate would still 

be very similar however as previously discussed the solidification cycle would be periodically 

broken up as the random order in which the islands are scanning is affected by the island shift.  

4.4.7 Numerical modelling results 

From the thermal simulation, the time resolved temperature field and melt pool depth were obtained 

at the centre of the domain, which also corresponds to the island centre. The position of the liquidus 

isothermal (TL) as a function of time 𝑧(𝑡) and the temperature gradient at that position 𝐺(𝑡) was 

determined as shown in Figure 4.7. The melt pool depth and the thermal gradient do change with 

island size due the different in times required for the laser to return to the area being analysed.  

 

 Figure 4.7: (a) Temporal evolution of melt pool depth and (b) temperature gradient. 

Figure 4.8 shows the isothermal velocity vs. temperature gradient plot, 𝑣𝑇(𝐺) based on the 

numerical results obtained showing a cooling rate of approximately 𝐺𝑣𝑇 ≈ 106 K s⁄ . When 

compared with isothermal velocities and temperature gradients reported for traditional 

manufacturing routes [59], L-PBF values are at least 1 order of magnitude higher. 
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Figure 4.8: Numerical results of isothermal velocity versus temperature gradient for L-PBF. 

To determine whether columnar or equiaxed grain structures in L-PBF would form, a criterion first 

developed by Hunt (Equation 4.5) was applied [112]. The grain structure should be fully columnar, 

if 𝑔𝑔 < 0.0066 and is fully equiaxed if 𝑔𝑔 > 0.66. With 𝐺(𝑡) and 𝑣𝑇 the volume fraction of 

equiaxed grains nucleated in front of the columnar dendrites can be calculated as shown in Equation 

4.5. 

𝑔𝑔 =
4𝜋𝑛𝑔𝛼3

3(𝑘 + 1)3(𝑣𝑇𝐺)3
[(

𝑣𝑇

𝛼
)

𝑘+1
𝑘⁄ − ∆𝑇𝑛

𝑘+1]
3

 
Equation 4.5 

where:  

𝑔𝑔 is the grain volume fraction,  

𝑛𝑔 is the nucleation density,  

𝛼 is equiaxed grain radius,  

𝑣𝑇 is the isothermal velocity,  

𝐺 is the temperature gradient,  

and ∆𝑇𝑛 is the undercooling at the nucleation temperature. 
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Figure 4.9 shows how the Hunt criterion changes during solidification and it can be seen that 

solidification would start at the edge of the melt pool with a very low Hunt criterion, indicating 

columnar growth.  

 

Figure 4.9: Evolution of Hunt criterion during solidification for different nucleation densities. 

Nucleant density is known to be a factor controlling the microstructure generated [38]. In fact, 

refinement particles have been used in AM to increase the nucleant density and to transition from 

columnar to equiaxed growth [147,221–225]. To determine the influence of the nucleant density on 

the numerical results generated different nucleation densities were modelled. Three simulations 

each using different nucleation densities were compared in Figure 4.10. The substrate grain structure 

is arbitrarily defined using a random generator. The results confirm the regimes predicted by Hunt’s 

criterion. For 𝑔𝑔 < 0.0066 epitaxially grown columnar grains were obtained that transition to 

equiaxed grains once higher 𝑔𝑔 values were reached.  
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Figure 4.10: Grain structure at gg = 0.0066, gg = 0.66 and fully solidified for nucleant densities of 

ng  =  0.2  ×  1016  m- 3, ng = 0.4 × 1016 m-3 and ng = 0.8 × 1016 m-3. 

The model was applied to a unidirectional scan scenario with 4 hatches and 4 layers. The width of 

the processed area (4 hatches) was 0.3 mm. With a solution domain width of 0.5 mm, 0.1 mm on 

either side of the processed area was considered. The heat distribution (Figure 4.2) supported the 

assumption that the region of interest was not affected by domain boundary conditions. The hatch 

length was 1 mm, so that the duration between hatches was short. Therefore, the first hatch of each 

layer was melted in cold material and the succeeding hatches in an increasingly warmer 

environment, resulting in an increasingly deeper melt pool as shown in Figure 4.11. In subsequent 

layers, the equiaxed grains in the region around the centerline of the melt pool of the previous layer 

were re-melted and the existing grains on the edge of the melt pool started growing again. If the 

melt pool was deep enough to reach the columnar grains, these were growing into the subsequent 

layer, resulting mostly in an overall columnar structure. Despite the main modelling uncertainty 

related to nucleation density, the observed remelting required for columnar growth was in line with 
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experimental observations. 

 

Figure 4.11: Microstructure resulting from unidirectional scan strategies. 4 hatches, the first is always on the left 

and 4 layers are modelled. 

Assuming a given nucleation density of 11.4×1015 m-3, the same unidirectional scan strategy and 

process parameters are used to investigate the influence of the different island sizes; namely varying 

the island size between 1, 3 and 7 mm. Kinetic model parameters were identical. Figure 4.12 

compares the numerical grain structure for 4 hatches and 4 layers. It is directly visible that the 1 mm 

island exhibits more columnar grains as compared to 3 and 7 mm islands; which follows the 

experimental results of Figure 4.4. The numerical results show intermittent equiaxed grains that are 

mostly found between hatches for 1 mm island. The majority of equiaxed grains are re-melted when 

the laser comes back to process the next layer exposing the lower epitaxial grains that can continue 

their growth across several layers during solidification. As the island size increases the time interval 

before the laser comes back is longer, leading to a lower pre-heat for the newly deposited material. 

The melt pool depth decreases and more equiaxed grains remain to compete with the epitaxial grains 

leading to less columnar grains. 

 

 

 

 

 

 



CHAPTER 4  Microstructural control during L-PBF to create graded microstructure Ni-superalloy components 

100 

 

 

4.4.8 Graded Blade 

The cross-section for the GRADEDBLADE is shown in Figure 4.13 (a) where the area analysed 

using EBSD is highlighted together with the interface and the differences in parameters used for the 

blade and fir-tree root sections. As can be seen from Figure 4.13 (b and e), the microstructure varies 

over the length of the component although the difference in texture variation between the 2 

conditions is much less pronounced in comparison to the corresponding monolithic conditions 

shown in Figure 4.4 (a) and Figure 4.6 (a). The blade section has a fibre texture indicating that there 

is a strong alignment of the <001> crystallographic direction to the direction of thermal flux, 

however as opposed to the cube texture previously observed, in this case, the <001> and <010> 

crystallographic directions are not aligned with the X and Y axes of the build. This was evident 

 

Figure 4.12: Microstructure resulting from unidirectional scan strategies for 3 different island sizes (1 mm, 

3 mm and 7 mm). The cross section shows grains resulting from 4 hatches, the first is always on the left 

with 4 consecutive layers are modelled. 

1 mm island 3 mm island

7 mm island
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when observing the IPF maps along the X and Y axes of the build for the blade section shown in 

Figure 4.13 (e), where mainly the [011] direction was aligned with the transverse axes of the build. 

The alignment of the [001] crystallographic direction with the build direction is beneficial in 

scenarios where creep loading is present as the [001] direction performs better in creep loading 

scenarios [177]. The intense fibre alignment might be in part also due to the much smaller cross-

sectional area of the blade resulting in a very intense heat flow across the B.D.  

 

Figure 4.13: (a) The GRADEDBLADE specimen with (b) corresponding XZ cross-section IPF map along B.D 

and pole figures for (c) a 3 mm island size, (d) a 4 mm layer shift, (e) XZ cross-section IPF map along the 

transverse direction and (f) corresponding variation in cumulative line fraction distribution against grain 

diameters for the graded and monolithic conditions. 
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The fir-tree root was observed to have mainly a cube texture which is quite commonly observed in 

AM and was previously observed for monolithic conditions where the <001> directions were 

mostly aligned with the X, Y and Z axes of the build as shown in Figure 4.13 (d). The M.U.D 

intensity of both the blade section and the fir-tree root is in general higher than that observed for the 

monolithic cubes previously analysed with the blade section obtaining an M.U.D of 8.07 as 

compared to similar parameters used to manufacture the 10 cm side cubes which had an M.U.D of 

7.91 along the XZ cross-section. The M.U.D values for the fir-root also varied slightly when 

compared to the monolithic condition with the fir-root section having an M.U.D of 6.44 and its 

monolithic counterpart having an M.U.D of 5.11 in its XZ cross-section.   

There is a difference in the grain length along the build direction with the blade section having 

grains which are much more elongated than the fir-root section as can be seen from the cumulative 

area distribution vs line intercept curve shown in Figure 4.13 (f). The trends of the 2 graded regions 

follow to those of the monolithic conditions where the SHIFT4 results in lower elongation along 

the build axis when compared to the ISLAND3 condition.  

The cross-sectional area being scanned will make a difference for the part being built as for smaller 

cross-sectional areas the thermal gradient of the area being scanned is expected to be higher when 

compared to larger cross-sectional areas leading to a higher heat flux along the build direction. 

Furthermore, the mechanic observed with a 4 mm layer shift in the monolithic samples where the 

texturing and grain size are reduced due to induced randomisation of the island scanning order is 

strongly dependent on the cross-sectional area being scanned and may change over different cross-

sectional areas. In such a case use of a larger island size or different laser parameters might have 

been preferable to reduce the effect of cross-sectional area as much as possible. 

4.4.9 Effect of heat treatment 

The solution temperature chosen in this work was lower than the reported recrystallisation 

temperature of IN718 of 1020oC for wrought IN718 and 1100oC for AM IN718 [105,226]. In 

general, the microstructure of AM components is solution treated at temperatures higher than the 

recrystallisation temperature to remove any remnant of the typical columnar microstructure. 

Furthermore, the solution treatment is required in order to dissolve any niobium carbide films 

decorating cell and grain boundaries as these films may embrittle the material [103,136,227]. 
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However, as discussed previously the scanning parameters used in AM can be modified to tailor a 

microstructure depending on its application thus a heat treatment is required where this 

microstructure is preserved. 

Chlebus et al. [199] showed that the temperature of 980oC is high enough to dissolve carbide films 

decorating cell and grain boundaries but that grain recrystallisation will only occur when the 

temperature is increased further. Thus, limiting the temperature to 980oC during solution treatment 

should preserve the microstructure obtained during L-PBF while still meeting ASTM B637-18 

conditions. A double-ageing treatment according to ASTM B637-18 [104] was then applied to 

precipitate γ' and γ'' and obtain the required strength and hardness. Further investigation into heat 

treatment temperatures below the recrystallisation temperature of IN718 and different durations 

could be carried out to determine an optimal heat treatment condition for additively manufactured 

parts e.g. to retain dislocation structures. 

The hardness before heat treatment for the control condition was found to be 326.5 ± 7.6 HV1, close 

to the value of 297 ± 5 HV1 obtained by Chlebus et al. [199] and values between 290 and 300 HV20 

obtained by Liu et al. [226]. Post-heat treatment, the hardness increased to 472.1 ± 11.5 HV1 due 

to the precipitation of γ' and γ''. The values shown agree with literature for the hardness of similarly 

heat treated IN718 where the values obtained lie between 450 and 460 HV [23,199]. Prior to heat 

treatment, the microstructure consisted of grain boundaries and cell boundaries delineated by 

carbide films, shown in Figure 4.14 (a) with small Laves particles observed in the cell boundaries 

as shown in the insert in Figure 4.14 (a). After heat treatment the carbide films in the grains 

disappeared and some carbides could be observed to decorate the grain boundaries as shown in 

Figure 4.14 (b). The grain size and texture were not found to change significantly as can be seen in 

Figure 4.14 with the grain structure still following the original scan track lines. The texture 

coefficient for the nominal condition after heat treatment was found to be 4.58 as opposed to 4.14 

obtained prior to heat treatment indicating that the temperatures chosen were sufficiently low to 

retain the original texture and avoid recrystallization.  
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Figure 4.14: (a) The as-built microstructure with cell and grain boundaries delineated by Nb-C films and minute 

Laves particles at the cell boundaries together with the corresponding IPF map, (b) dissolution of the carbide films at 

the cell boundaries after heat treatment at 980oC together with the corresponding IPF map and (c) the grain diameter 

distribution against cumulative line fraction plot. 
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4.5 Conclusion  

Using different strategies and scanning parameters the solidification rates and thermal gradients can 

be modified to change the microstructure being obtained. By selecting optimised laser heat input 

parameters, the scanning parameters can be modified without impacting the porosity to modify the 

microstructure and mechanical properties. Using an island scanning strategy with a small island 

size, a highly columnar microstructure was obtained while still using the island scanning strategy 

but with a large island shift or larger islands a “quasi-equiaxed” structure was obtained. Through 

modelling it was found that the nucleant density in the melt pool plays a strong role in determining 

the ease of transition from columnar to equiaxed microstructures and that the level of pre-heat from 

previous melt tracks and the resulting melt pool depth play a key role in determining which grains 

are maintained or replaced, affecting the final microstructure generated. The increase in columnar 

growth with a reduction in island size was also observed through modelling. 

These two microstructural morphologies were successfully applied to a proof-of-concept hollow 

turbine blade with a dual microstructure. Even though the area and volume of the specimen were 

different than the original monolithic test coupons the differences in microstructural morphology 

were still evident. However, the scanning strategy is directly affected by the cross-sectional area 

thus the scanning strategy parameters need to be carefully selected to ensure the effect of the sample 

geometry is as minimised as possible. A successful heat treatment was investigated and applied to 

maintain the microstructure obtained after L-PBF and improve the hardness through the 

precipitation of γ' and γ'' to allow successful application of such components.  

Further investigations are being carried out to obtain melt pool measurements in support of the 

consecutive increase in melt pool depth to support the grain growth model and investigate the effect 

of microstructural control on the local mechanical properties at the graded interface using digital 

image correlation. High temperature oxidation tests are currently ongoing to elucidate the effect of 

texture and microstructure control on the oxidation rates. These results are in preparation for future 

publication.  
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CHAPTER 5. Application of baseplate heating in laser powder bed 

fusion of Inconel 718 to control the columnar to equiaxed transition  
 

5.1 Abstract 

This work explores the feasibility of a heated baseplate in additive manufacturing of Inconel 718 to 

transition from columnar to equiaxed growth with the aim of reducing the anisotropy typical of such 

components and improving their mechanical properties. In this work, Inconel 718 specimens were 

manufactured using laser powder bed fusion with baseplate heating at 400oC. These were compared 

to conditions without baseplate heating with a varying hatch overlap. The use of a heated baseplate 

results in a significant reduction in grain elongation coupled with an increase in local misorientation 

within the microstructure compared to no baseplate heating. The reduction in grain elongation 

occurs due to the formation of numerous small globular grains as opposed to the typical large 

epitaxial grain structure obtained after additive manufacturing. The decrease in grain elongation and 

increase in local misorientation contribute to an increase in hardness for conditions manufactured 

using a heated baseplate. 

Keywords: laser deposition, solidification microstructure, electron backscattering diffraction, nickel alloys, 

columnar to equiaxed transition 

5.2 Introduction 

The microstructure formed during solidification significantly affects a material’s mechanical 

properties and failure behaviour [14]. By treating the microstructure as a variable, different material 

properties can be optimised. Machining of IN718 poses a number of challenges due to work 

hardening during the cutting process but due to its slow precipitate formation and good weldability 

Inconel 718 is an ideal candidate for additive manufacturing [8,13,16–18]. The scope of the current 

work focuses on a sub-section of AM, specifically laser powder bed fusion. L-PBF has the potential 

through the modification of the laser heat source parameters and scanning strategy to change the 

variables governing the solidification process and therefore the microstructure as has been 

demonstrated in Chapter 4 [166]. 
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Typically, the microstructure for IN718 after L-PBF consists of an elongated grain morphology 

aligned to the B.D, growing epitaxially through different layers with a columnar dendritic or cellular 

sub-structure [23,60,84]. The columnar-to-equiaxed transition shown in Figure 5.1 governs the 

grain morphology obtained during AM [46]. The parameters governing the growth mode are the 

temperature gradient at the solid/liquid interface (which is the difference of temperature in the melt 

pool moving in the interface of the liquid towards solid) and the solidification rate [116]. When the 

CET occurs, nucleation of the equiaxed grains occurs in the liquid ahead of the columnar zone.  

The baseplate in L-PBF acts as the main heat sink during the process. By heating or cooling the 

baseplate, a change in heat flow, therefore thermal gradient and solidification rate occur. A high G 

and a low R will promote columnar growth, while a high R and low G will promote equiaxed growth 

[117]. The heat flow itself will determine the grain growth orientation; when the heat flux is equal 

in all directions the growth tends to be globular, while when the heat flux is unidirectional, the 

resulting growth will be elongated along the direction of highest heat flow, typically the build 

direction [46]. The grain morphology (cellular, columnar or equiaxed dendrites) can be modified 

through laser parameters such as power, hatch spacing and scan speed and scanning strategy as is 

comparatively shown in Figure 5.1.  
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For face-centred cubic metals, the primary growth orientation is along the [100] direction with the 

secondary growth orientation along the [010] or [001] directions [60]. If the heat flow direction is 

most closely aligned with the [100], growth will be columnar and along that direction. In fact, large 

columnar grains with a <001> direction in parallel to the B.D are typically observed following L-

PBF. The effect of baseplate temperature has been quantified for DED by Gäumann et al. [116] 

where the effect of baseplate cooling was applied to grow single crystal structures through epitaxial 

growth. Increasing the cooling effect of the baseplate through additional cooling significantly 

 
Figure 5.1: Effect of solidification rate and thermal gradient on the CET for IN718 through simulated data. Dotted 

vertical red line indicates the absolute maximum expected solidification rate based on the scanning speed used in 

this work. A general indication of the expected processing window for this work is shown by a dotted red box. 

Original figure without data comparison from [144].  
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increases the columnar alignment of the grains as a result of the higher unidirectional heat flow 

leading to an increase in the temperature gradient [102]. L-PBF is typically characterised by rapid 

cooling rates and high thermal gradients as shown in Figure 5.1 caused by the large heat sink effect 

of the baseplate and thus characterised by very aligned columnar growth. The high thermal gradient 

makes it very difficult to transition from columnar to equiaxed growth.  Baseplate heating is thought 

to promote equiaxed growth through a reduction in temperature gradient [116,150]. The aim of this 

work is to determine whether the use of a heated baseplate in L-PBF, is enough to modify the growth 

mode during solidification of IN718 to transition from epitaxial growth towards equiaxed growth.  

5.3 Experimental Procedure 

An M2 Concept Laser L-PBF system using pre-alloyed gas atomised IN718 powder (Ø 10 to 

45 µm, with composition per ASTM B637-18) was used to create 10×10×10 mm cubes under a 

continuous feed of argon (< 0.1% O2). The island scanning strategy used in this work is described 

in detail elsewhere [166]. The “CONTROL” coupons were made using a power of 263 W, a 

scanning speed of 1500 mm/s and a hatch spacing of 0.075 mm with a constant layer thickness of 

30 µm. The scanning overlap was decreased from 0.075 mm to 0.045 mm to obtain a higher planar 

energy density increasing from 2.33 J/mm2 to 3.89 J/mm2 (denoted as E.D3.89). The planar energy 

density was determined as detailed in [122]. Specimens were built using an unheated baseplate and 

a baseplate heated to 400 ± 5oC. The absolute maximum expected solidification rate together with 

an indication of the thermal gradients for the parameters used in this work are shown in Figure 5.1. 

It is expected that the solidification rate is effectively lower than that demarked in Figure 5.1 due to 

the heat dissipation kinetics at high scanning speeds [231].  

The specimens were sectioned along the build direction, mounted in resin and metallographically 

polished to a mirror-like finish. Hardness measurements were conducted using a Buehler VH1202 

machine equipped with a Vickers indenter, a load of 5 kg and a dwell time of 10 s. Hardness 

measurements were done moving in parallel with the build direction along the height of the 

specimens. There was an amount of scatter in the hardness data collected due to the variability in 

the microstructure and relatively large grain size typical of AM components. To compensate for 

this, a relatively high load was used to ensure that the strain field under the indenter would be large 

enough to sample several grains. Scanning electron microscopy was performed using a field 



CHAPTER 5    Application of baseplate heating in L-PBF of IN718 to control the CET 

110 

 

 

emission Tescan Mira 3 SEM equipped with a widefield view camera on regions of interest. 

Electron backscatter diffraction measurements were performed using a step size of 1.5 µm and a 

scan size of 1000 µm by 800 µm. Larger scans were made for the CONTROL heated baseplate 

condition using a step size of 7 µm and a scan size of 3003 µm by 3605 µm. Multiples of uniform 

distribution measurements for texture components were obtained after contouring using a half width 

of 10o and a cluster size of 5o. The MTEX [203] MATLAB toolbox was used to reconstruct grains 

and calculate convex hull based shape parameters for the grains to quantify the deviation from 

columnar to equiaxed growth. The convex hull is a polygon whose shape encloses and contains all 

the points making up an entity – in this case a grain. Grains which approach a rounded and equiaxed 

shape tend to have a very low deviation from their convex hull, while grains which are less rounded 

and more irregular in shape will tend to give higher deviation values from their convex shape.  

5.3 Results and Discussion 

The differences between each of the grains for the different conditions and a fully convex shape are 

shown in Figure 5.2. The plots for the CONTROL condition and E.D3.89 condition are shown in 

Figure 5.2 (a and b) respectively. For the CONTROL condition, the grain morphology consists of 

grains elongated along the B.D but also curved in the transverse direction. The larger grains in the 

specimen have a very irregular shape due to the epitaxial growth present between layers. This 

translates to a higher deviation from their convex hull. The smaller, rounder grains tend to have 

lower deviation values. This is also numerically represented in Figure 5.3 (a), where for the 

CONTROL condition, there is a significant percentage of the scanned area with high deviation 

values from the convex shape. With the E.D3.89 condition shown in Figure 5.2 (b) and Figure 5.3 

(c), the grain size increases progressively overall and there is a much higher degree of area covered 

by grains with elongated, irregular morphologies indicating a much higher degree of columnar 

growth. Similar observations for a decrease in hatch spacing have been made by Balbaa et al. [232]. 

While some small areas of globular grains are visible, these are present to a much lesser extent 

compared to the CONTROL condition. 
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Figure 5.2: Convex hull deviation maps for (a) the CONTROL condition, (b) the condition manufactured at an 

E.D 3.89 J/mm2, (c) the E.D at 3.89 J/mm2 together with a heated baseplate and (d) the CONTROL condition 

together with a heated baseplate, together with (e) the local misorientation map for the CONTROL condition with 

heated baseplate. 
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The solidification rate is primarily dependent on the laser movement speed [42,49], with the 

maximum solidification rate occurring at the centre line of the melt pool. The laser movement speed 

was not modified which means that the maximum expected solidification rate was not changed. 

Through a decrease in hatch spacing moving from the CONTROL condition to E.D3.89, there will 

be a higher degree of remelting promoting epitaxial growth and increasing the difference in 

temperature between the melt (which is being reheated more often) and the solid. This would 

translate also to an increase in the thermal gradient over the solidification front. The increased heat 

input into the melt pool for E.D3.89 will also mean that the magnitude of heat flux towards the 

substrate will be very large which results in grains which are closely aligned in parallel to the B.D, 

together with a very aligned cellular sub-structure. 

The application of a heated baseplate results in a distinct change in the grain size and grain 

morphology. In the E.D3.89 condition with baseplate heating, a mixed mode of growth is present as 

opposed to the predominant columnar growth observed without a heated baseplate, and the grain 

size decreases substantially as shown in Figure 5.2 (c). While there is still overall a predominant 

columnar morphology, there is an increase in the number of very small purely equiaxed grains 

visible in Figure 5.2 (c) having a very low deviation from the convex hull. While there is still a 

significant percentage of area with relatively high deviation from a convex shape as shown in Figure 

5.3 (d), this is already much reduced compared to the case without baseplate heating shown in 

Figure 5.3 (c). Through EBSD analysis it was found the small equiaxed grains formed are not 

oriented favourably with the easy growth direction with a significant number of them having <111> 

or <011> orientations to the B.D. This also results in reduction of the M.U.D value with a value of 

5.94 being obtained for this condition compared to 12.41 obtained for the analogous condition 

without baseplate heating. 
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Figure 5.3: Representation of the ratio of deviation from the convex shape with the area % covered for the (a) 

CONTROL, (b) heated baseplate CONTROL, (c) E.D3.89 and (d) heated baseplate E.D3.89 conditions. 

The addition of baseplate heating is enough to disrupt this predominant columnar growth mode and 

result in the formation of small equiaxed grains in the microstructure even for the E.D3.89 condition 

where the resulting thermal gradient is quite high due to the opposing effect of a reduced scan 

spacing (translating to more overlap). This effect is even more evident when baseplate heating was 

used to manufacture the CONTROL condition as shown in Figure 5.2 (d) and supported by a further 

reduction in M.U.D from 5.50 to 4.11. Some elongated grains with a highly irregular shape are still 

visible but the number and amount along B.D is much less compared to conditions without 

baseplate heating. The shape of the grains overall is also much more uniform and more globular, 

tending towards smaller deviations from the convex hull shape as can be seen from the distribution 

for the deviation from convex hull shown in  Figure 5.3 (b). A multitude of small round grains are 

visible as the thermal gradient is sufficiently reduced through baseplate heating coupled with the 
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inherently high solidification rates characteristic of L-PBF, for equiaxed growth to be initiated. 

While at the maximum solidification rate expected for this process would mean that a difference of 

400oC due to base plate heating should not have such a large effect, the solidification rate will vary 

within the melt pool. Thus, as one moves away from the centreline of the melt pool, where the 

solidification rate is lower, the reduction in temperature gradient from the heated base plate would 

become more significant as shown in Figure 5.1. The solidification rate also tends to be slower than 

the laser movement speeds for L-PBF due to the high movement speeds characterising the process 

[231].  

An argument can be made that the formation of the small grains observed here is due to in-situ 

recrystallisation. The possibility of recrystallisation during L-PBF has been documented by Laleh 

et. al [233] for 316L stainless steel with a baseplate heated at 200oC. The recrystallisation 

temperature for 316L is between 400 to 700oC while that for IN718 is around 1020oC [105]. In the 

work by Laleh et al. [233] following L-PBF the specimen structure consists of a high density of Ʃ3 

grain boundaries. Local area misorientation (LAM) maps also indicate that the LAM in the bulk of 

the specimens is low following recrystallisation [233]. The LAM map for the heated baseplate 

CONTROL condition obtained here is shown in Figure 5.2 (e). A high misorientation is visible over 

the area scanned. The density of Ʃ3 grain boundaries was also not observed to increase in these 

specimens indicating that recrystallisation was not the underlying cause for the formation of the 

small equiaxed grains observed here. Further investigation could be done on a localised area of 

globular grains to confirm this.    

The hardness measurements show that with a change in solidification mode, the mechanical 

properties can be improved which may be probably attributed to the change in grain size. The 

hardness for the CONTROL condition was 287 ± 2 HV5 while that for the E.D3.89 condition was 

279 ± 5 HV5. For heated baseplate, at E.D3.89 the hardness increased to 287 ± 6 HV5, while for the 

CONTROL condition with heated base plate, hardness increased further to 306 ± 6 HV5. The 

hardness values observed here are for as-built IN718; thus, relatively low compared to double-aged 

IN718 but baseplate heating can be easily applied to other superalloy systems which do not require 

heat treatment. The increase in hardness would also be balanced out by a stress relieving treatment 

due to the heat ed baseplate reducing the dislocation density and thus hardness of the bulk. 
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5.4 Conclusion 

In summary, the use of a heated baseplate in L-PBF can be applied to move from a columnar 

solidification mode to an equiaxed mode of growth. This has not been applied for IN718 in the 

context of L-PBF for altering the CET. While applying a heated baseplate can be useful to process 

crack prone alloys, applying it for alloys thought to be easily processable using L-PBF such as 

IN718 provides different benefits. The heated baseplate reduces the thermal gradient, which 

together with the relatively fast solidification rates leads to equiaxed nucleation and growth within 

the melt pool. Through this mechanism, an overall decrease in grain size and preferred orientation 

is observed which together contribute to a slight increase in hardness for specimens processed on 

the heated baseplate where the reduction in grain size is counteracted by essentially a stress relieving 

treatment from the baseplate heating being applied. The growth mode observed here is still within 

the mixed regime thus further work is needed to optimise the parameters to obtain a fully equiaxed 

structure and characterise the effect of a heated baseplate on the surface finish and density.  
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CHAPTER 6. Using L-PBF to create functionally graded 

Inconel 718 Microstructures: characterisation of local mechanical 

properties and defect formation 
 

6.1 Abstract 

This study investigates the viability of using scanning strategies rather than heat source parameters 

in laser powder bed fusion to modify the mechanical properties of Inconel 718 through variation of 

microstructure. Both grain size and preferred orientation were successfully tailored. Mechanical 

testing indicated that the scanning strategy can be used to generate functionally graded specimens; 

larger grains and more [001] preferred alignment resulting in lower Young’s modulus and strength 

or smaller grains with a reduced preferential [001] orientation along the build direction increasing 

the Young’s modulus and strength. Digital image correlation showed that strain in graded structures 

was concentrated in highly textured areas. The ductility was low due to lack of fusion defects which 

formed due to thin Al oxides folded and entrained in the melt pool. Such defects are known to form 

in casting but have not been discussed in depth in the context of AM. Melt pool motion due to 

Marangoni flow and recoil effects can be entraining young aluminium oxide films in the melt pool.   

Highlights  

1. Changes in scanning strategy were used to modify the microstructure in L-PBF of 

IN718 

2. Graded microstructures were successfully generated with varying mechanical 

properties 

3. Lack of fusion defects contributed to a reduced ductility 

4. Origin of the defects was through entrainment of young Al oxide films 

Keywords 

Laser powder bed fusion, Ni-Superalloys, texture, stress/strain measurements, fracture behaviour 
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Graphical Abstract 

 

6.2 Introduction 

Inconel718 is one of the most used alloys for additive manufacturing of superalloys due to its slow 

precipitation kinetics and its low crack formation during AM which makes it a good candidate for 

laser powder bed fusion [234]. The high thermal gradient and cooling rates present in L-PBF 

produce a very different microstructure when compared to forging processes. Typically, IN718 

microstructures after L-PBF consist of an elongated grain morphology with the {001} orientation 

aligned with the build direction, growing epitaxially through consecutive layers with a columnar 

dendritic or cellular substructure [23,60,84,235]. Across melt pool boundaries cells tend to grow 

either epitaxially maintaining the same orientation or through a 90o orientation change, growing 

along the easy crystallographic growth directions for the crystal [60,85]. Ni is inherently anisotropic 

with a Zener anisotropy between 2.43 - 2.48 [172,173]. The Schmid factor has been reported to 

vary from 0.5 for a predominant {001} orientation to 0.25 for a predominant {111} orientation 
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aligned with to the loading direction [175]. This translates to improved mechanical properties for 

{011} and {111} predominant orientations along the loading direction at room temperature, while 

{001} orientations along the loading direction are more favourable for a long stress rupture life at 

elevated temperatures [154,172,174,176,177]. The mechanical property anisotropy of IN718 after 

L-PBF due to the favoured alignment has been experimentally demonstrated in several works 

[84,129,178,179]. Part orientation, specifically with respect to the expected loading direction and 

building direction, will affect the mechanical properties of the component through the grain 

alignment in the part together with geometry [7,11,51,60,178,179]. The layer-by-layer building 

strategy fundamental to L-PBF means that the heat input and therefore the thermal gradient and 

solidification rate can be modified during the process. Features such as grain size, shape and 

orientation can be modified during fabrication by altering deposition parameters [168,205]. Being 

able to modify the preferential texture along the building direction is beneficial as it allows efficient 

component placement on substrates in addition to location specific, tailored properties. Some 

studies such as [129,153,180] have investigated the tailoring of  microstructure to obtain graded 

components with mechanical property grading using L-PBF heat input parameters. While laser heat 

input parameters are effective at modifying the microstructure, excessive heat input drastically 

increases porosity and defects [76,111,129,178].  

Limited studies have investigated the effect of the laser movement path on the mechanical 

properties. Geiger et al. [153] use different layer rotation angles between successive layers, to 

progressively change the texture from a cube-texture to a rotated cube-texture with a scanning angle 

of 45o degrees to the main axes then to a fibre texture with a 67o orientation between layers which 

also affected the mechanical properties [153]. While the texture intensity was modified in the 

transverse plane (i.e. orthogonal to the B.D), the preferred [001] alignment parallel to the B.D was 

still maintained. This alignment is dependent on the direction of greatest thermal flow which tends 

to be towards the substrate and rotation of successive layers will not necessarily affect the thermal 

flow orientation or its intensity. Changing the strategy from a bidirectional to unidirectional strategy, 

Wan et al. [206] found that the texture along the build direction could be reduced indicating that the 

directional solidification mechanism typical of L-PBF can be affected through the scanning strategy. 

The cross-sectional area and height were also found to be important factors affecting the 

microstructure with thinner cross-sections being affected more by grain nucleation from the part 



CHAPTER 6 Using L-PBF to create IN718 FGMs: characterisation of local mechanical properties and defect formation

  

119 

 

 

sides and larger cross-sections being more columnar [236]. The build volume will affect the thermal 

flow and thus the microstructure. The effect of build volume on the microstructure generated has 

not been given a lot of attention with the focus typically being on small cubes. Previous work has 

been conducted by these authors [166] successfully changing the microstructure through scanning 

strategy for small build volumes. 

The scope of this study is to investigate the mechanical behaviour of microstructural grading applied 

using varying laser scanning strategies. The effect of cross-sectional area and build volume will also 

be investigated in terms of the microstructure obtained together with the effect of elemental 

segregation.  

6.3 Materials and Methods 

An M2 Concept Laser L-PBF system using pre-alloyed gas atomised IN718 powder (Ø 10 to 

45 µm, ASTM B637-18 [104]) was used to create flat bars with dimensions of 15 mm by 15 mm 

by 90 mm (L×B×H). The chemical composition for the powder is given in Table 6.1. Details with 

regards to the build parameters and the island scanning strategy employed here are given in Chapter 

3. The power, scan speed and hatch spacing were kept constant at 263 W, 1500 mm/s and 0.075 mm 

respectively, selected for optimised density (>99.5%, [166]) together with a layer thickness of 30 

µm. The specimens were manufactured with their B.D parallel to the tensile axis. All processing 

was carried out under a continuous feed of argon (< 0.1% O2). Single layers were produced using 

scanning parameters denoted as CONTROL, ISLAND3 and ISLAND7 in Table 6.2 to facilitate the 

measurement of the melt pool dimensions. These consisted of 1 scan track, 1 island and a single 

layer of 90 mm by 20 mm.  
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Table 6.1: The chemical composition of the IN718 powder used compared to ASTM B637 [104]. 

Element 

(wt.%) 

Ni Cr Fe 

 

Nb Mo Ti  Al O C 

IN718 Powder 52.01 19.90 17.96 5.27 2.97 0.95 0.55 0.02 0.04 

IN718 ASTM 

B637-18 

50-

55 

17-

21 

bal. 4.75 -

5.50 

2.80 - 

3.30 

0.65-

1.15 

0.20-

0.80 

-  0.08 

max 

Dual graded specimens were manufactured; having one end optimized for a large grain size and 

texture aligned with the B.D and the other end optimised for a low texture aligned with the B.D and 

smaller grain size. The grading was varied going from a low texture/smaller grain size towards a 

higher texture/larger grain size to avoid epitaxial growth of coarse grains into the fine grained 

structure [129]. The parameters used for the manufacture of graded bars are given in Table 6.2. 

Coupons were removed from the substrate and heat treated as per ASTM B637-18 [104]. A solution 

treatment at a temperature of 980oC for 1 hour was applied followed by water quenching and 

double-ageing at 720oC for 8 hours followed by furnace cooling to 620oC, with a 10 h hold time 

followed by air cooling. The relatively low solution treatment temperature in comparison to the 

recrystallisation temperature for IN718 of 1020 to 1050oC [105] was chosen to retain the 

microstructure generated as confirmed in Chapter 4 [166].  

Table 6.2:  Scanning strategy parameters.  

Test condition designation Island size 

(mm) 

Island shift in X and Y directions between each layer 

(mm) 

CONTROL 5 1 

SHIFT4 5 4 

ISLAND7 7 1 

ISLAND3 3 1 

 Bottom grading Top grading 

GR_ISLAND/SHIFT ISLAND3 SHIFT4 

GR_ISLAND ISLAND3 ISLAND7 

After heat treatment, the tensile bars were contoured and sliced per ASTM E8M [198] in a dog bone 

shape with a gauge length of 5 mm by 20 mm with a 1 mm thickness. This procedure eliminated 

the rough as-built surface finish to allow focus on the microstructural impact on performance. The 

flat bars were polished using a vibratory bowl polisher followed by metallographic polishing of 1 

side to a mirror-like finish using 0.04 µm colloidal silica solution. 

Optical microscopy was used to obtain melt pool cross section measurements for single layer 
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specimens after etching the surfaces with Kalling’s etchant for 3 seconds. These measurements were 

used to determine the melt pool depth along the length of an individual island. Energy dispersive 

spectroscopy measurements were performed of the melt pools at the surface of the specimens using 

a field emission Merlin Gemini scanning electron microscope equipped an EDS Ametek detector. 

Fractography was investigated using a field emission Tescan Mira 3 SEM equipped with a widefield 

view camera on regions of interest for the fracture surfaces after tensile testing using both secondary 

electron and backscatter electron signals. EDS was used for chemical analysis of areas of interest. 

EBSD measurements were performed using a step size of 1.5 µm and a scan size of 1000 µm by 

800 µm to generate inverse pole figure maps and pole figures. Larger maps were carried out on the 

graded interface region for the GRADEDISLAND condition using a step size of 2.5 µm with a scan 

size of 2000 µm by 680 µm. Multiples of uniform distribution measurements for texture 

measurements were obtained after contouring using a half width of 10o and a cluster size of 5o. The 

grain size measurements were calculated on a comparative basis due to the non-parametric grain 

size distribution. To directly compare the grain size distributions effectively, the line intercept 

method was used in the B.D according to ASTM E112-13 [202] for intercepts equivalent to 4 points 

or more (i.e. 6 µm). The grain length distributions along the B.D were plotted as cumulative grain 

fraction of the intercept line versus the grain diameter. These curves can be used to directly correlate 

the distribution in grain diameters (shown on the X axis) covering a certain line percentage (shown 

on the Y axis).  

Preliminary room temperature tensile tests were conducted as per ASTM E8M [198]. The elastic 

part of the test was performed using strain control at a strain rate of 0.015 min-1. For this part of the 

curve the extension was measured using an extensometer. Beyond the elastic limit of the curve, the 

strain rate was increased to 0.4 min-1 and extension measurements were tabulated using the machine 

crosshead displacement values. Tensile testing with digital image correlation was performed on the 

GRADEDISLAND condition. The test was performed on an Instron universal testing machine in 

displacement control using a 0.002 min-1 strain rate – equating to a crosshead displacement rate of 

0.1 mm/min. The strain was measured using a knife edge extensometer and in-situ DIC. Images 

were acquired using a Nikon D850 camera with 32 megapixels was used in conjunction with an 

Opto Engineering TC16M012 2:1 magnification telecentric lens at an acquisition rate of 0.1 Hz. 

These images were converted from raw format using Matlab and analysed using Davis 8.4 by 
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LaVision [204]. The images were analysed after correcting for lateral shifting and using a least 

square correlation function for displacement measurement in both the y-direction (loading 

direction) and the x-direction (lateral direction). Three seeding points were used per analysis and 

the image time series was analysed with respect to the previous image. A smoothing algorithm using 

gaussian linear smoothing and adjacent averages was applied to reduce noise in the strain maps 

obtained.   

6.4. Results and Discussion 

6.4.1 Microstructural analysis 

The IPF maps obtained for the tensile bars are shown in Figure 6.1 (a to c) together with the 

cumulative line fraction curves shown in Figure 6.1 (d) compared to equivalent small build volumes 

obtained in previous work [166] for the SHIFT4, ISLAND3 and ISLAND7 conditions. With the 

larger build volumes used for the tensile bars, the grain length along the B.D increases overall for 

all conditions compared to that obtained for smaller build volumes in previous work [166]. 

Typically the average grain size tends to increase with build height, as the previously deposited 

layers will be at a temperature higher than room temperature, and thus as the build height increases 

some heat is expected to accumulate [66]. This in addition to the reduced heat sink effect of the 

baseplate as the height increases together with relatively the low thermal conductivity of IN718 will 

further increase heat accumulation, reducing the cooling rate and resulting in coarser grains.   
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Figure 6.1: IPF maps for tensile bars for the (a) ISLAND7 (b) SHIFT4 and (c) ISLAND3 conditions with (d) a 

comparison of the changes in grain diameter along the B.D compared to previous work [166] on small build 

volumes and pole figures for (e) the ISLAND7 (f) the SHIFT4 and (g) the ISLAND3 conditions. 
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The ISLAND7 condition still has an overall smaller grain size than the ISLAND3 condition with 

larger volumes. However, the grain size along the build direction of the SHIFT4 condition exceeds 

that of the ISLAND3 condition for the large tensile bar volumes under investigation here. With large 

build volumes, the ISLAND3 condition still results in extremely elongated and directionally 

oriented grains as shown in Figure 6.1 (c). The microstructure obtained is comparable to 

microstructures obtained in directional solidification with grains extending beyond 1 mm along the 

B.D. Stray grains can be observed having unfavourable [111] or [011] growth orientations and being 

overcrowded by favourably oriented [001] grains. The ISLAND7 condition shown in Figure 6.1 (a) 

still has an amount of elongation and texturing but the grain size is smaller with significantly higher 

numbers of grains in [011] or [111] orientations aligned to the B.D. 

Pole figures for each respective condition are given in Figure 6.1 (e to g). The ISLAND7 condition 

still has a lower texture than the ISLAND3 condition even with a larger build volume while the 

SHIFT4 condition approaches the higher texture seen for the ISLAND3 condition. An increase in 

columnar growth indicated by higher texture coefficients and longer grain lengths along the B.D 

occurs when moving to smaller island sizes. Increasing the island shift with small build volumes 

was reported [166] to reduce the grain size and preferential alignment overall however with large 

build volumes it appears that this effect is not effective. The underlying mechanism for this is 

described in Chapter 4 and would be expected to be dependent on the cross-sectional area scanned. 

The reduction of the alignment of the [001] axis to the build direction is quite difficult to achieve as 

the easy growth axis for cubic materials is along the [001] direction and this tends to align itself 

with the direction of highest thermal flux which lies along the B.D. Therefore, to change the 

alignment along the build direction one would have to change the direction of the resulting thermal 

flux. This is initially angled towards the base plate due to the initial effect of the base plate in 

providing a cooling effect and, for taller components, the insulative nature of the powder at the sides 

of the component reducing the heat flow towards the sides making heat flow through the previously 

solidified and cooled metal easier than through the powder. For the ISLAND7 condition, the faster 

heat loss from the lower exposure time to the laser coupled with the longer time between hatches 

will reduce the flow of heat towards the substrate thus reducing the alignment with the B.D. A 

similar effect has been observed in [92,158,206] where changes in the scanning strategy affected 

the thermal flow modifying the preferential alignment along the building direction. A difference in 
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texture strength is also evident – the ISLAND3 condition has an M.U.D value of 9.25; nearly double 

that observed for the 7 mm island size at M.U.D of 5.06. The texture observed for the ISLAND3 

condition is a well-defined cube texture with the [001] axes aligned with the build direction and the 

X and Y directions of the build. For the ISLAND7 condition, the grains are somewhat oriented 

parallel to the build direction and the alignment with the X and Y directions of the build is less 

predominant.  

It is important to note that the growth mode seen here is still columnar but the changes in scanning 

strategy are affecting the tilt of the grains along the B.D and the predominant heat flux direction. 

The grain orientation is dependent on the boundary between the solid and liquid phases in the melt 

pool. Grains will grow from the melt pool boundary towards the centre in parallel to the direction 

of maximum heat flow [14]. In L-PBF, melt pools have a flat or near-flat solidification front [14]. 

Typically, this results in columnar dendrites or aligned cells which grow with their <001> direction 

parallel to the building direction forming elongated columnar grains [14]. With a smaller island size, 

the heat flow will be concentrated in a much smaller area thus the thermal flow would be intense 

along the build direction compared to a larger island size. Furthermore, smaller island sizes require 

a longer laser on time on the overall component as the laser will need to move between numerous 

smaller islands further reducing the cooling rate as measured in Section 4.4.6. With a smaller island 

size, the duration between hatches will be shorter than with larger island sizes. The first hatch will 

be scanned in cold material, but with subsequent hatches the environment heats up as there is not 

enough time for heat dissipation to occur and it is thought through melt pool modelling that this 

would result in a consecutive increase in melt pool depth as the island progresses [166]. With larger 

islands this effect would be less evident as the laser needs to traverse a longer distance thus there is 

more time between consecutive hatches. This was confirmed through melt pool measurements in 

single layer melt pools shown in Figure 6.2 where with smaller island sizes there is an increase in 

the melt pool depth with distance along the island supporting modelling data Section 4.4.7. There 

is also a much higher degree of scatter in the measurements for melt pool depth as the island size 

decreases which could be an indication of melt pool instability. Changing island size is relatively 

unaffected by the cross-sectional area being scanned except for the heat input overall being higher 

as there will be a larger number of islands to complete but the relative difference between the 2 

strategies is still effective with different cross-sections and build volumes. 
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Figure 6.2: Change in melt pool depth with distance along the island. 

The idea of consecutive changes in melt pool size being relevant for the microstructural morphology 

contradicts the hypothesis presented by Carter et al. [160] where the laser is equated to a moving 

band of heat and movement along individual hatches is not considered. Changes in the motion along 

a single hatch also have an important effect on the microstructure being generated. However in work 

by Carter et al. [160], a 5 mm island size was used where the effect while present is minimal, as 

significant changes in depth along an island only became evident as the island size is decreased to 

3 mm. The consecutive increase in melt pool depth detailed for small island sizes can become 

important even in unidirectional or bidirectional scanning strategies if the cross-sectional area of the 

component is small due to the relatively quick return of the laser beam to the adjacent position.  

6.4.2 Tensile performance  

The Young’s modulus obtained for the CONTROL condition was 181 ± 10 GPa. The ISLAND3 

condition exhibited a reduction in Young’s modulus to 145 ± 25 GPa. The Young’s modulus for the 

SHIFT4 condition was 174 ± 22 GPa while for the ISLAND7 condition the Young’s modulus was 

171 ± 11 GPa. The Young’s moduli observed for the CONTROL, ISLAND7 and SHIFT4 

conditions were close to that observed for wrought IN718 at 208 GPa [15]. Ni is anisotropic and for 

Ni single crystals, the elastic moduli along the three principal crystallographic directions vary from 
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119.8 GPa along the [100], 200.8 GPa along the [011] and 259.2 GPa along the [111] directions 

[172,174]. The increased relative proportion of grains with their [100] oriented to the B.D for the 

ISLAND3 condition contribute to the decrease in modulus observed.  

Figure 6.3 compares the area covered by different orientations for each strategy for the small 

volumes discussed in Chapter 4 compared to the large build volumes used for tensile bars under 

investigation here. It is evident that when changing the build volume to that of the larger tensile 

bars, the number of grains with [001] alignment to the build direction increases; this is most evident 

for the SHIFT4 condition where the [001] alignment is of similar level to that observed for the 

CONTROL condition. This is not surprising since the change in island shift is susceptible to changes 

in cross-sectional area being scanned. The effect of grain orientation in changing the Young’s 

modulus is evident when considering Figure 6.3, where the ISLAND7, CONTROL and SHIFT4 

conditions all have significant amounts of grains oriented with their [011] directions in parallel to 

the B.D which in turn results in the higher Young’s modulus observed. The ISLAND3 condition 

nominally has the largest amount of [001] orientations parallel to the B.D which results in the lower 

Young’s modulus. It is also evident that the changes in build volume do not lead to a massive change 

in the preferred orientation compared to the smaller build volume when modifying the island sizes. 

Similarly heat treated IN718 built vertically was reported to have a modulus of 163 GPa while 

specimens inclined at 45o to the build direction were reported to have a modulus of 188 GPa [199] 

and specimens with a predominant [011] orientation were reported to have a Young’s modulus of 

220 GPa [237]. Specimens made using EB-PBF but with an equiaxed microstructure were reported 

to have a Young’s modulus of 183 GPa [130] which is quite close to the values observed for the 

CONTROL, ISLAND7 and SHIFT4 conditions. Young’s modulus values of 125 GPa were 

reported for specimens with a predominant [001] orientation along the loading axis [237] which is 

closer to that observed for the  ISLAND3 condition. Young’s modulus values for the ISLAND7 and 

for the SHIFT4 condition were close to that obtained for the CONTROL condition. It is surprising 

that the ISLAND7 condition did not exhibit a marginally higher Young’s modulus given that the 

percentage of [011] and [111] oriented grains increased – however there was some variability in the 

measurements which would make it difficult to detect small changes in Young’s modulus.  
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Figure 6.3: Area% consisting of different crystallographic orientations aligned with the build direction for large 

build volumes (15×15×90 mm) conducted in this work compared to small build volumes (10×10×10 mm) 

conducted in Chapter 4 [166]. 

For the graded conditions the average Young’s moduli were 176 ± 28 GPa for the GR_ISLAND 

condition and 139 ± 40 GPa for the GR_ISLAND/SHIFT condition. The Young’s modulus 

observed for the GR_ISLAND condition was higher than expected, since the grading also consisted 

of the ISLAND3 parameters. From a microstructural perspective the grains oriented with their [001] 

aligned to the build direction would elastically deform more than those which are not so aligned. 

However, grains which are not aligned with their [001] to the build direction (and axis of 

deformation) would restrict the movement of the preferentially oriented grains. For strain to occur 

the non-aligned grains would also have to be straining by the same amount, accounting for the 

Young’s modulus values close to those of the ISLAND7 condition. Young’s modulus measurements 

for the GR_ISLAND/SHIFT condition were lower, however as a much higher degree of 

predominant [001] preferred alignment was present for the SHIFT4 compared to the ISLAND7 

condition a lower Young’s modulus might have resulted. The measurements for 

GR_ISLAND/SHIFT were also prone to some significant variability which makes it difficult to 

make a meaningful conclusion. 

The box and whisker plots for the mechanical properties for the monolithic conditions are shown 

in Figure 6.4 (a to c). The yield strength and ultimate tensile strength were observed to be as per the 

ASTM B637-18 [104] standard for double-aged IN718 for all conditions except the ISLAND3 
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specimens. The modulus, σy and UTS values observed here for the CONTROL and ISLAND7 

conditions were quite close to values observed for IN718 optimally heat treated to maximise the 

effect of dislocation strengthening built along the horizontal plane by Gallmeyer et al. [238] 

demonstrating the efficacy of the scanning strategy modifications in optimising the mechanical 

properties. The average σy for the GR_ISLAND and GR_ISLAND/SHIFT were found to be 1142 

± 10 MPa and 1115 ± 37 MPa respectively. The average σy for the GR_ISLAND and 

GR_ISLAND/SHIFT were quite close to what was observed for the monolithic conditions. The 

UTS for the GR_ISLAND condition was 1312 ± 20 MPa and 1305 ± 43 MPa for the 

GR_ISLAND/SHIFT condition.  

The ductility required by ASTM B637-18 for IN718 in the solution treated and double-aged 

condition is of 12% [104]. In this work, the ductility was lower than that required for the standard 

as shown in Figure 6.4 (c) and a large variability in ductility overall was observed indicating that 

premature failure was occurring which would also affect the UTS values obtained as work 

hardening would be limited.  

The variability in measurements for σy and UTS observed here for is typical for AM due to the large 

variation in grain orientation and size within specimens. The σy will depend on a number of factors 

amongst which  the preferred orientation, cell size, precipitate amount and grain size will affect to 

a certain extent [85,168,238]. The effect of cell size on the σy of as-built IN718 has been quantified 

by Gallmeyer et al. [238]. For these conditions, using cell sizes calculated in Chapter 4 for small 

build volumes it is expected that the cell size would contribute 256 MPa for the ISLAND7 

condition, 243 MPa for the SHIFT4 condition, 252 MPa for the CONTROL condition compared to 

201 MPa for the ISLAND3 condition, due to the larger cell sizes resulting from the slower cooling 

rate associated with the ISLAND3 condition. It is however not expected that the cell dislocation 

structure would contribute massively to the strength after solution treatment as the dislocation 

density would decrease due to the solution treatment stage.  

The crystal orientation is also a factor to consider as dislocations will move through slip planes, and 

where these are not favourably orientated, a rotation of the plane or twinning will need to occur for 

slip to be more favourable. For fcc crystals, slip occurs along the ⟨110⟩ type directions in the {111} 

type planes. The changes in σy observed here were slight even though there were some distinct 
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differences in grain orientation and grain size between different conditions. The area of crystals with 

the [001] aligned to the build direction is still relatively high for both ISLAND3 and ISLAND7 

conditions. While there is a difference in crystallographic orientation and grain size this may not be 

large enough to result in a statistically significant improvement in σy. For the ISLAND3 condition 

there is a tendency for a lower σy, although the variability in the measurement is quite high.  

 

Figure 6.4: Box and whisker plots for (a) 0.2% σy, (b) ultimate tensile strength and (c) ductility for monolithic 

conditions. Dashed lines indicate the values prescribed per ASTM B637-18 [104]. Representative stress-strain 

curves for the different monolithic conditions are shown in (d).  

The Schmid factor represents the resolved shear stress on a specific slip system. A higher Schmid 

factor corresponds to a higher resolved shear stress for slip and therefore a grain with a higher 

maximum Schmid factor is often considered easier to deform compared to a grain with a lower 

maximum Schmid factor [175].  The Schmid factor map data for ISLAND7 and ISLAND3 tensile 
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bars is shown in Figure 6.5. There is a difference in between the different conditions shown, with 

the ISLAND7 condition experiencing overall a higher area percentage of grains with a lower 

Schmid factor. However, both conditions have a relatively high proportion of area consisting of 

Schmid factors of 0.4 and higher which would explain the relatively similar yield strengths of both 

conditions. The other factor at play here is that the strength of IN718 is dependent on the precipitates 

forming after ageing which inhibit dislocation motion. This would have a much larger contribution 

strengthening compared to changes in the crystallographic structure.  

 

Figure 6.5: Schmid factor maps for large build volumes for the ISLAND7 and ISLAND3 conditions. 

For the ISLAND3 condition, the UTS obtained is lower than the other conditions indicating that 

the larger cell size and grain size affect the mechanical properties as has been discussed. On the 

other hand, this low UTS could also be a direct result of premature failure brought about by a 

reduction in ductility from defects in the specimens acting as stress concentrators. In fact, 

representative stress-strain curves for these specimens shown in Figure 6.4 (d) clearly show that for 

the ISLAND3 condition there is no necking, with the specimen failing abruptly during the plastic 

deformation regime. For the ISLAND7 condition and SHIFT4 conditions there was a lot of 

variability between different specimens with some specimens showing a considerable region of 

strain hardening and some specimens having a limited region of strain hardening followed by abrupt 

failure.  The UTS values for the GR_ISLAND and GR_ISLAND/SHIFT conditions were also 
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comparable to those obtained for the ISLAND3 conditions further supporting the fact the limited 

work hardening was occurring due to premature failure. The ductility for the ISLAND3 condition 

was also the lowest among all the processed conditions obtained (< 5%). Similar premature failure 

was observed for specimens which were graded where the ductility for the graded conditions was 

<5% and specimen failure was characterised by a short strain hardening region with no necking 

followed by abrupt premature failure; in the region scanned with the ISLAND3 parameters. The 

ductility for the ISLAND3 condition is also the lowest among all the processing conditions obtained 

(< 5%) with the graded conditions also having a similarly premature failure. The UTS values for 

the GR_ISLAND and GR_ISLAND/SHIFT conditions were also comparable to those obtained for 

the ISLAND3 conditions further supporting the fact the limited work hardening was occurring due 

to premature failure. 

6.4.3 Digital image correlation 

A schematic of the grading for the GRADEDISLAND condition together with the respective IPF 

map, grain size distribution and strain map are shown in Figure 6.6. The physical interface between 

the 7 mm island and the 3 mm island parameters is visible and delineated in Figure 6.6 (a and b). 

The grain size for the interface region was found to be overall smaller than the grain size measured 

at both ends and the 3 mm island strategy was effective at creating larger and more aligned grains. 

The interface area was rescanned and remelted twice in a small overlap region of 90 μm thick 

(equivalent to 3 layers) to ensure a good bonding between layers which may have disrupted the 

epitaxial growth through re-melting and the ensuing re-nucleation of the pertinent areas. The 

interface depicts a chaotic and gradual transition from one microstructure to the other with the 

absence of a distinct marked difference between regions. The large grains are growing epitaxially 

out of smaller favourably oriented regions in the interface zone. The gradual transition in 

morphology affects the transition in strain distribution as shown in Figure 6.6 (d and e) where the 

strain changes gradually, from an area exhibiting a low strain towards the area exhibiting a higher 

degree of plastic deformation. Popovich et al. [129] observed that for graded structures where the 

low energy input condition followed the high energy input condition, growth of the large [001] 

oriented grains would occur into the region of smaller more equiaxed grains extending up to 500 

μm in length. This was not observed here as the condition producing larger grains was scanned after 

the condition producing smaller grains. In the work conducted by Popovich et al. [178] a sharp 
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transition could be observed from smaller, randomly oriented grains to larger aligned grains which 

also results in a drastic transition when the components are placed under load. Having a gradual 

interface means the mechanical properties gradually transition allowing a smoother strain 

distribution between the two areas. During tensile testing, the failure occurred in the monolithic 

ISLAND3 condition not at the interface. It is also worth noting that the strain does not appear to be 

uniformly distributed in each area with some areas exhibiting a higher degree of strain than others, 

likely due to the anisotropy exhibited by the crystal structure [239]. Grains which are favourably 

oriented for deformation would be undergoing a higher degree of micro-strain than grains which 

are not [239].  

The strain map obtained through DIC together with strain measurements along the gage length are 

shown in Figure 6.6 (d and e). The top region built using the ISLAND3 parameters exhibited 

significantly higher strains compared to the ISLAND7 section. This was expected from the higher 

proportion of {001} oriented grains to the B.D obtained for the ISLAND3 condition. The image in 

Figure 6.6 (d) was taken just prior to failure and although the average ductility for this specimen 

was found to be ~5%, the ISLAND3 region exhibits local strain of around 8 to 9%, while the 

ISLAND7 condition exhibited around 3% local strain at failure. The specimen’s failure origin is 

depicted by arrows in Figure 6.6 (d) and occurred around 4 mm into the ISLAND3 section. Failure 

did not occur in the interface region – indicating that the remelting of the region improved 

consolidation. Unfavourably oriented grains may also have constrained the deformation at the 

interface. The specimen exhibited overall a low ductility due to a defect in the area where failure 

occurred as indicated by fractographic surface investigations discussed in Section 6.4.4.  
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Figure 6.6: Showing the (a) schematic illustration of the grading applied for the GR_ISLAND condition with the 

failure point demarked, and an IPF map for (b) the central region, (c) the cumulative grain size distribution for the 

different ends and central region together with (d) the strain map over the area prior to failure with arrows marking 

the origin of failure and (e) the average strain over the length of the specimen prior to failure. 
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6.4.4 Fractography 

Due to the characteristic limited ductility of the specimens reported in this work, detailed 

fractographic investigations were performed to investigate the reason behind the premature failure 

observed. Representative fracture surfaces are shown in Figure 6.7 and features from different 

monolithic and graded conditions are shown in Figure 6.8 and Figure 6.9. Even though full 

consolidation was obtained (density >99.95%) as shown also for typical fracture surfaces in Figure 

6.7 (a and b), the failure of the specimens was still defect driven by small, localised areas where 

lack of fusion (LoF) occurred shown in Figure 6.8 (a to e).  

Several fracture surfaces exhibited small step-like features along the surface as shown in Figure 6.7 

(c). The formation of these step-like features is related to crack propagation along grain boundaries. 

The grain morphology of the specimens had some transverse grain boundaries perpendicular to the 

build direction as shown in Figure 6.1 (a to c). This would facilitate Mode I opening crack 

mechanics, where dislocations pile-up at grain boundaries during loading and facilitate micro-

cracking along the grain boundaries [240]. The flat nature of some grain boundaries provides an 

easy crack propagation pathway during failure. Due to the relatively large grain size when compared 

to forged counterparts, crack propagation along the transverse grain boundaries is easier, resulting 

in areas where these step-like features are observed. The magnitude of the steps is between 10 and 

25 µm while the average grain size along the transverse direction for the work conducted here is 

between 17 to 18 µm which is within the size range of the steps observed on the fractographs. 

Similar features have been observed elsewhere and also associated with localised failure along grain 

boundaries [178,241]. All the specimens also exhibit a dimpled fracture surface such as that shown 

in Figure 6.7 (d) with micro-void coalescence characteristic of relatively ductile metallic materials 

[240]. This together with the step-like features indicates there is a mixed mode of failure present, 

with transgranular failure active overall with some areas exhibiting failure along the grain 

boundaries.  
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Figure 6.7: Representative fractographs showing an overview of the fracture surface for the (a) CONTROL and (b) 

ISLAND3 conditions with areas of lack of fusion marked by arrows together with (c) showing steps in the fracture 

surface as circled and (d) showing micro-void coalescence. 

For specimens where the ductility was low (<5%), small and localised defects were observed in the 

fracture surface; representative images are shown in  Figure 6.8 (a to e). Such specimens still 

exhibited micro-void coalescence indicating that the failure mode had not changed but that the 

defects were reducing the load bearing cross-section and acting as points of stress concentration. 

This was consistently the case for the ISLAND3 condition resulting in the prevalently low ductility 

values, but also sporadically observed with the other conditions resulting in the high variability of 

ductility observed. For specimens where such defects were not observed on the fracture surface, the 

ductility was higher at ~15% with some necking also observed in the corresponding stress-strain 

graph and meeting the ductility requirements set out in for solution treated and aged IN718 ASTM 

B637-18 [104]. The surface of such defects was characterised by a slight wrinkled appearance and 

several straight parallel lines as shown in  Figure 6.8 (a, b and e). No evidence of dimpling was 

observed on the defects indicating that the defects were not part of the load bearing area. 
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Figure 6.8: Representative fractographs for flat defects in (a) and (b) with boxes showing wrinkles and slip bands, 

together with (c) EDS composition map with orange showing Al and green showing Ni, (d) flat defect with a Ti 

enriched particle and (e) a flat defect with an Al elongated oxide. Arrows mark Al oxides. Corresponding chemical 

composition of points of interest is denoted. 

Fractographs taken at higher magnifications used in this work, such as Figure 6.7 (d), did not exhibit 

fracturing of Laves particles – thus the brittle fracture of any remaining Laves phase was not the 

primary reason behind the low ductility observed. The relatively low ductility and its high variability 

together with the evidence of micro-void coalescence indicate that failure was premature, and 

despite the specimens being nominally dense resulting from defects. The fracture surfaces were 

characterised by defects appearing to be from lack of fusion. LoF defects such as the ones observed 

here are a problem for tensile specimens tested along the building direction as the loading is applied 

perpendicular to the defect, opening it up [11]. Smaller build volumes in previous work [166] using 

identical parameters as those used here did not exhibit significant LoF porosity; the specimens were 

over 99.95% dense. The lack of consolidation observed in the large volumes investigated here is 

unexpected. Changes in island size have not been associated with an increase in porosity [242]. The 
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large build volumes also did not exhibit any significant porosity when examined optically prior to 

the test. The powder used for the manufacture of the tensile bar specimens was virgin powder with 

a very low oxygen content ~0.02 wt.%. The main difference to the microstructural coupons was 

that the build volume and cross-sectional area scanned increased and that a tensile load was applied.  

Changes in cross-sectional area have been associated with increased porosity [178,243]. With a 

change in cross-section, it was reported that the smaller areas would be hotter than larger specimens 

because it would take less time for the laser beam to come back to the same location during a build 

[243]. However, with multiple specimens built on the same plate this would be less relevant because 

the specimens have enough time to cool down between layers. The recoating stage will also give 

further time for cooling. A larger cross-sectional area should be hotter in practice as the laser spends 

longer melting different areas in the cross-section. Melt pool depth measurements in this work 

support this; with depths of 126 μm recorded for large cross-sectional areas, compared to depths of 

112 μm recorded for a single island and depths of 102 μm recorded for a single track for the 

ISLAND3 condition. For the ISLAND7 condition the cross-sectional area affected the melt pool 

depths much less with melt pool depths for large cross-sectional areas recorded at 112 μm, single 

islands recorded at 106 μm and single tracks having a depth of 107 μm. The melt pool depth also is 

overall higher for the ISLAND3 condition supporting the indication that these specimens are hotter 

compared to the ISLAND7 condition. In view of this it is not thought that the change in cross-

sectional area is leading to a reduction in the heat input as the melt pools are getting progressively 

deeper with larger cross-sectional areas. The melt pool aspect ratios were found to be between 1.6 

to 2 for the conditions investigated here. An aspect ratio between 1 and 2.5 indicates keyhole mode 

where the intensity of the laser in the centre is relatively high causing deep penetration which is 

reflected by the increase in melt pool depth [232]. Aspect ratios exceeding 2.5 shift the melt pool 

into severe keyhole mode, which can result in porosity at the bottom of the melt pool [232]. Such 

porosity would also have an irregular shape rather than the flat profile of the defects seen here. The 

defects seen here are not due to shallow melt pool depth as the depths recorded here are more than 

the thickness of two layers, thus sufficient remelting occurred. For specimens where lack of fusion 

due to insufficient melt pool overlap is occurring, the area where the lack of fusion occurred would 

be filled with remnant powder particles and characterised by shallow melt pools [232] which was 

also not the case here. Insufficient melting or denudation would also result in defects as strings along 
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the specimen surface as opposed to the individual scattered defects observed here.  

The fractographs also exhibited areas with Al enrichment on the surface of the defects as shown 

through EDS mapping in  Figure 6.8 (c) and adjacent to all the LoF defects as elongated dark Al 

oxides as shown using backscatter imaging in Figure 6.8 (b, d, and e). High amounts of oxygen 

were detected in these areas indicating that oxidation occurred either during the build or during 

powder production. EDS measurements of the matrix did not yield any noteworthy quantities of 

oxygen. It is not possible to completely avoid oxidation of the alloying elements in IN718. Al and 

Cr both require an extremely low partial pressure of oxygen to oxidise. Aluminium oxide film 

formation has also been reported in vacuum casting of Ni-turbine blades containing only 3.0 wt.% 

Al [244,245]. Small amounts of oxygen will be present in the argon shielding gas during L-PBF 

and during powder production forming very thin oxides [245,246].  

Some areas enriched in Ti were also observed as shown in  Figure 6.8 (d), exhibiting micro-cracking 

indicative of a brittle nature. Potentially this was a titanium carbide as the area is significantly darker 

than the surrounding area in the backscatter micrograph. The area adjacent to this enriched zone 

was again flat with faint parallel lines visible at the sides transitioning into the typically dimpled 

surface characteristic of ductile failure. The fact that powder was not observed embedded in the 

defects indicates that no powder was spread over that area to begin with. Furthermore, the defects 

were flat indicating that they were not due to the formation of open, “cave-like” pores on the surface 

as the laser was scanning.  

The faint parallel lines observed on most of the defect surfaces shown in  Figure 6.8 (a, b and e) are 

likely to be deformation twins forming on stretched alumina films [247]. The wrinkles observed on 

the defect surfaces shown in  Figure 6.8 (a, b and e) can be attributed to the folding of the thin oxide 

film due to melt pool motion. Multiple folds due to melt pool motion would increase the film 

thickness enough to be detectable in EDS resulting in Figure 6.8 (c) [247]. The oxide films have 

two sides – a wetted side which is in contact with the molten metal and a non-wetted side which is 

in contact with the shielding gas [245]. The exposed side in fracture surfaces would be the dry non-

wetted side of the oxide [245]. Zhang et al. [245] document the formation of intermetallic phases 

such as Laves and Nb-rich MC phases on the wetted surface of chromia and alumina based oxides 

in AM. The Ti carbide observed in Figure 6.8 (d) probably formed in this way as no Ti carbides 
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were observed in the powder. In fact, the surrounding matrix to the particle is flat with faint parallel 

lines visible indicating an oxide film was present.  

The formation and entrainment of oxide films is frequently reported in casting of Ni-based 

superalloys, resulting in specimens which appear fully dense as the films are folded closed but 

showing similar defects on the fracture surface [247–250]. The formation of Al rich oxides has been 

documented in AM and welding of IN718 [241,251] and the formation of oxide layers on AM 

powders exposed to oxygen has also been documented [252,253]. In AM, it has been postulated 

that these films are one of the causes of component failure [254]. Similar aluminium based oxides 

have been observed in wire directed energy deposition for IN718 [245] – albeit the oxide films 

observed were much larger than those observed here and were deemed to have been already formed 

in the filler wire. The formation of alumina and titania films in AM of IN718 during DED has also 

been reported by Kim et al. [255] using laser engineered net shaping. Detailed investigation of such 

oxide films for L-PBF on IN718 have not been made. 

Powder particles are surrounded by a thin native oxide layer on their surface. For IN718, it is 

expected that this would consist of chromia although minute alumina rich spots were observed on 

two powder particles from the sample investigated. No significant segregation of the other alloying 

elements was observed either on powder surface or cross-section. Vaporisation of chromia increases 

drastically at temperatures of ~1000oC which is below the temperature required to melt IN718 

[256]. Thus, it is expected that any chromia from the outer native oxide films on the powder would 

be volatised during the L-PBF process. Alumina vaporises at 3490oC [257], thus any alumina oxides 

on the outer surface of the powder would remain in the melt contributing to the elongated oxides 

seen adjacent to the flat defects as the highest temperature induced by the heat source is around 

3000oC [234]. Spatter of powder being reincorporated in newly formed melt pools could also be 

contributing to the oxide films observed as spattered particles typically also contain a high degree 

of oxides on the surface [258–261]. The oxides formed through spatter are typically rounded as 

opposed to the elongated particles observed here [261]. Spatter particles can also lead to lack of 

fusion around them due to the low wettability of their oxidised surfaces [262]. The powder used 

here was virgin powder thus the incorporation of spatter would be limited only to that formed during 

the process itself and reincorporated into the melt.  It is not thought that surface oxides on the powder 

and spatter were the sole contributors to the formation of the alumina films observed here. 
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Vaporisation of Al could be occurring during the build followed by its redeposition on the melt pool 

surface and the formation of a thin oxide layer on the surface of the melt pool [234]. The fact that 

the condition which is hotter (ISLAND3) suffered extensively from such oxide film formation 

would support that due to the increased heating, more Al vaporisation occurs resulting in these oxide 

films being more prevalent. A similar occurrence of Al evaporation and Hf evaporation and 

segregation at the melt pool sides has been observed by Wang et al. [39] for CM247 LC.  If through 

melt pool motion from recoil and Marangoni flow [35], this film becomes folded on itself it would 

form a defect entrained in the melt [247]. Evidence of oxide folding for the GRADEDISLAND 

specimen at the location where failure commenced is shown in Figure 6.9 (a and b). The matching 

defect was observed in both the specimen halves with a roughened region from where consolidation 

occurred visible in the middle of a relatively flat defect. Through DIC, the origin of cracking was 

observed as marked in Figure 6.6 (d) and this correlated to the defect shown in Figure 6.9 (a and b).  

 

Figure 6.9: (a) Failure point for the GRADEDISLAND condition with corresponding defect on the other half in (b). 

Arrows mark elongated Al oxides. 

While typically the melt pool surfaces were flat, some areas with deep troughs, namely at the edges 

of the islands and in-between hatches, were observed as shown in Figure 6.10 (a) where such oxides 

could easily become folded. EDS mapping of the top surface of an island shown in  Figure 6.10 (b 

to d), demonstrated that there was elemental segregation occurring at the boundaries of the melt 

pools with aluminium and oxygen rich areas being detected at the edges of the melt pool boundaries 

and at the edges of individual islands accounting for the elongated oxides visible in the fracture 

surfaces. It is likely that these elongated oxides are not fully remelted during the subsequent scans 
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which results in them being entrained in the melt. Melt pool Marangoni flow contributes to the 

movement of these films to the sides of the melt pool [32]. It is thought that the flat defects result 

from films that have not entirely been moved to the sides or from oxidation of Al deposited at the 

surface through vaporisation. Single layer melt pools shown in Figure 6.10 (e and f) exhibit melt 

pools with depressions on the sides. These can be attributed to the Marangoni effect coupled with 

motion due to vapour recoil pressure from evaporating molten metal such as Al which has a low 

vaporisation temperature (~2470oC) [27,31]. The troughs in the melt pools are reduced in depth 

with consecutive scans (Figure 6.10 (f)) due to the melt pool overlap but at the edges of the scan 

track some depressions may remain where it will be difficult for enough remelting to occur to 

remove the segregated oxides. IN718 is classified as being highly manufacturable through AM due 

to its low Al content resulting overall in a very low mass loss through vaporisation of the element 

[234]. However, the Al amounts present in the alloy are still enough to result in significant 

vaporisation affecting the reliability of such components. 
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Figure 6.10: (a) Representative SEM for discontinuities along the melt pool. Some oxidation along grain boundaries 

is visible and occurred after heat treating together with (b) secondary emission micrograph for top melt pool surfaces 

with EDS maps for (c) aluminium and (d) oxygen and optical micrographs for single layer melt pool cross sections 

for (e) a single track and (f) a 20 by 90 mm area. 

6.5 Conclusion  

This work investigates the feasibility of using laser scanning strategies rather than heat source input 

parameters to modify the microstructure of L-PBF IN718. Through a modification of the island size 

and island shift the grain size, orientation, and morphology were successfully modified. This work 

also compares the microstructures generated for a relatively large build volume to that conducted 

in small (side 10 mm) cubes. With larger build volumes, the effect of island shift is negligible in 

changing the microstructure while modifying island size still presents significant differences along 
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the build direction which is difficult to achieve for L-PBF due to the highly directional heat flow 

along the build direction.   

Mechanical testing of these components indicated that the scanning strategy can be used in 

generating monolithic conditions with varying properties and functionally graded specimens. 

Specimens having larger grains and higher relative proportions of grains with a [001] predominant 

orientation to the loading direction exhibited a lower Young’s modulus, a lower strength and locally 

exhibited more micro-strain. These properties mean that when combined in a functionally graded 

component the behaviour of such structures will vary as was confirmed through digital image 

correlation. Thus, components can be optimised for different use case scenarios. The interface of 

these functionally graded specimens was also found to be sound with a gradual change in grain size 

over the interface and failure occurring 4 mm away from the interface in the monolithic section. 

The ductility was relatively low and exhibited significant variability. Fractography revealed even 

though full consolidation was obtained (density >99.95%), the failure of the specimens was still 

defect driven due to the entrainment of Al oxide films in the melt reducing wettability and affecting 

consolidation between subsequent layers. All the defects exhibited aluminium enrichment and 

showed specific surface features such as wrinkling and slip bands. It is thought that the defects 

formed due to thin Al oxide films becoming folded and entrained in the melt pool through 

Marangoni flow and recoil in the melt pool. Such defects have been observed in casting of Ni 

superalloys but have not been discussed in depth in the context of laser powder bed fusion for 

Inconel 718. They are believed to occur due to the vaporisation and subsequent deposition of Al on 

the surface of newly formed melt pools. 
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CHAPTER 7. The effect of altering scanning strategies in laser 

powder bed fusion on the oxidation of Inconel 718 
 

7.1 Abstract 

The initial oxidation rate of Ni superalloys has been linked to the grain orientation and grain size as 

grain boundaries act as short-circuit diffusion pathways for oxygen in Cr and the oxidation rate may 

change with grain orientation. The microstructure produced after additive manufacturing processes 

such as laser powder bed fusion is dependent on the heat flow, thermal gradient, and solidification 

rate. Thus, using laser powder bed fusion both the grain size and preferred orientation can be 

tailored. The scope of this study is to determine whether such modifications affect the oxidation 

resistance of Inconel 718. The scanning strategy was used to obtain specimens with varying grain 

size and prevalent grain orientations. Isothermal oxidation at 850 ºC for 504 h was performed and 

oxidised specimens were characterised. The mass gain behaviour was broadly similar between the 

different conditions after 504 h and comparable to wrought Inconel 718 but following sub-parabolic 

oxidation kinetics. The specimen with the smallest grain size exhibited spallation after 96 h, while 

the specimens with a larger grain size exhibited spallation after 264 h. The smaller grained condition 

exhibited a higher degree of intergranular alumina penetration compared to the other conditions. All 

the conditions investigated here formed an underlying Nb rich layer which has been associated with 

an initial reduction of the oxidation rate with the kinetics moving from parabolic to cubic. 

Highlights  

Microstructural control of Inconel718 to create varying grain sizes and textures. 

Similar mass gain for different conditions after isothermal oxidation at 850 ºC, 504 h. 

Oxidation kinetics of all conditions are comparable to wrought Inconel718. 

Conditions with smaller grain sizes resulted in deeper Al2O3 penetration.  

Keywords 

Inconel 718, oxidation, laser powder bed fusion, internal oxidation 
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7.1 Introduction 

Inconel718 is used in demanding environments such as aeroengines and nuclear reactors due to its 

good mechanical properties and resistance to elevated temperatures. The slow precipitation kinetics 

make IN718 weldable and relatively crack resistant thus a good candidate for additive 

manufacturing techniques such as laser powder bed fusion [1].  

Oxidation properties are one of the more important factors affecting the high temperature 

performance. IN718 consists of ~19 wt.% of Cr which forms an adherent and protective Cr2O3 scale 

at the alloy surface during transient and steady-state oxidation below 1000oC. The formation of the 

protective chromia outer layer is the main reason behind the good oxidation resistance of IN718. 

However, due to the preferential oxidation of Cr, under the oxide a Cr depleted zone will form which 

means that the oxidation resistance of such a zone is inferior to the bulk metal [263]. Spallation or 

cracking of the chromia film mean that this underlying Cr-depleted region is then rapidly attacked 

[263]. Furthermore the loss of cross-sectional area through oxidation of the surface can result in a 

reduction in fatigue life and has the potential to aid the formation of fatigue cracks at the oxide 

surface and their propagation through the formation of brittle oxide compounds at the grain 

boundaries [181].  

The microstructure produced after a solidification process such as L-PBF is primarily dependent on 

the thermal gradient and solidification rate [42,54,55]. The microstructures produced during L-PBF 

will be vastly different from those normally observed for wrought and heat-treated components. 

This difference translates to both a difference in grain size and texture. L-PBF is also a rapid 

solidification process, characterised by a high degree of elemental segregation which also 

contributes to make the microstructure produced distinctly different from wrought components. The 

layer-by-layer building strategy fundamental to L-PBF means that during the process the heat input 

and therefore the thermal gradient and cooling rate can be altered modifying the solidification rate. 

Thus, features such as grain size and predominant orientation can be modified during AM by 

altering deposition parameters such as the heat input parameters or the scanning strategies 

[56,91,92,134,153,155,158,166,264,265]. Previous work by these authors (discussed in Chapter 4) 

has been focused on the successful control of the microstructure after L-PBF through specific 

scanning strategies which forms the basis of the specimens investigated here.  
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Grain boundaries act as short-circuit diffusion pathways for oxygen in Cr and grain boundary 

diffusion is faster than lattice diffusion below 1000oC [190,266]. Thus, the amount of grain 

boundaries impinging the surface should influence the oxidation rate. The initial transient oxidation 

rates on Ni based superalloys have been observed to also be affected by the orientation of the surface 

grains [186,192,193]. This effect is thought to be related to the planar density of the different 

orientations; resulting in the formation of large oxide grains which reduce the oxidation rate for 

orientations close to <111> or small oxide grains which yield a high number of boundaries 

accelerating the oxidation rate for orientations close to <001> [192]. This has also been observed 

for Cr, where the oxide thickness was found to be different between individual grains with a 

different orientation [190]. It has not yet been elucidated whether these variations in initial oxide 

thickness can be effectively used to reduce the oxidation rate over long term exposures at elevated 

temperatures and how this is affected by changes in tandem of grain size. 

The scope of this study is to determine whether the modification of the microstructural morphology 

through L-PBF to alters the oxidation performance of IN718 under elevated temperatures. 

7.2 Material and Methods 

An M2 Concept Laser L-PBF system using pre-alloyed gas atomised IN718 powder (Ø 10 to 

45 µm, ASTM B637-18 [104]) was used to create cuboids with dimensions of 20 mm by 20 mm 

by 10 mm using different scanning strategies. The powder chemical composition conformed to 

ASTM B637-18 [104] and consisted of Ni 52.08, Cr 19.57, Fe 18.22, Nb 5.23, Mo 3.04, Ti 0.99, 

Al 0.5, O 0.02 and C 0.05 wt.%. All processing was done under a continuous feed of argon (< 0.1% 

O2).  

The power, scan speed and hatch spacing were kept constant at 263 W, 1500 mm/s and 0.075 mm 

respectively, together with a layer thickness of 30 µm, selected for optimised density (>99.5%). The 

island scanning strategy was used to manufacture the specimens used in this work and is described 

in detail elsewhere [166]. The island size was varied from to 3 mm for the ISLAND3 condition to 

5 mm for the CONTROL condition to 7 mm for the ISLAND7 condition. 

Coupons were removed from the substrate and solution treated at 980oC for 1 h to retain the initial 
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microstructure as confirmed in Chapter 4, followed by water quenching and double-ageing at 720oC 

for 8 h, followed by furnace cooling to 620oC, for 10 h and air cooled as per ASTM B637-18 [104]. 

After heat treatment, the specimens were sliced to 1 mm thick slices parallel to the build direction 

as depicted in Figure 7.1. The specimens were then metallographically polished on both sides to a 

mirror-like finish using 0.04 µm colloidal silica solution. Corners and edges were chamfered to 

reduce stress concentrations and polished. 

 

Figure 7.1: Coupon orientation with respect to the build direction. 

Isothermal oxidation tests in laboratory air were performed using a Nabertherm horizontal metal 

tube furnace at 850 ± 5oC for times up to 504 h. Prior to starting the tests, the furnace was calibrated 

using a K-type thermocouple over a period of 24 h at the oxidation temperature. Between intervals 

the specimens were furnace cooled at a cooling rate between 6 to 8oC/min. The specimens were 

placed in dehydrated covered alumina boats after the test.  

The sample dimensions (length, width, and thickness) were measured thrice using a Vernier caliper 

followed by degreasing in ethanol and drying. A high precision Sartorius Me5 micro-balance 

(±0.001 mg) was used to obtain mass gain measurements at intervals of 0 h, 24 h, 48 h, 96 h, 264 h 

and 504 h to determine the oxidation kinetics. 

Scanning electron microscopy was performed using a field emission Zeiss Merlin Gemini SEM 

using both secondary electron and backscatter electron signals. Energy dispersive spectroscopy was 

used for chemical analysis of areas of interest and chemical mapping. Electron backscatter 

diffraction measurements were performed using a step size of 1.5 µm and a scan size of 1000 µm 

by 800 µm to generate inverse pole figure maps using a field emission Tescan Mira 3 SEM of the 

surface area prior to oxidation. The surfaces before and after oxidation were investigated using X-

ray diffraction with a Rigaku Ultima IV diffractometer with CuKα radiation operated in the 

Glancing Incidence Asymmetric Bragg configuration. An angle of incidence of 3o was used with a 
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step size of 0.05o and a scan speed of 1o per minute in the range of 30o to 100o. The tube acceleration 

voltage and tube current were set at – 40 kV and 40 mA respectively. Cross-sectional analysis of 

the oxide scale thickness and chemical composition was performed for each condition at 504 h. 

Specimens were sputter coated with a thin gold layer followed by Ni-plating using a Watt’s bath 

electrolyte solution (710 ml deionised water, 30 g boric acid, 190 g Ni sulphate and 40 g Ni 

chlorate). The temperature was between 30 and 60oC with a current density between 1-10 A.dm-2 

for 20 minutes. Once plated, coupons were mounted using Struers Durocit-3 resin and sectioned 

using a Struers Accutom 5 precision cut-off machine and metallographically polished to a 0.04 μm 

finish. SEM together with EDS map measurements were performed.  

7.3 Results and Discussion  

7.3.1 Initial microstructure 

The microstructures for the three conditions investigated here are shown in Figure 7.2 (a to c). The 

grain morphology for the ISLAND7 condition is less elongated when compared to the grain 

morphology obtained for the ISLAND3 condition. This change in morphology translates to a 

change in grain size with the grain size increasing with a reduction in the island size as shown in 

Figure 7.2 (d). The mechanism behind this behaviour is elucidated in Chapter 4. For the images 

shown in Figure 7.2 (a to c) for the ISLAND3 condition, the percentage of area covered by grain 

boundaries was 17%, while for the CONTROL condition this increased to 25% and then for 

ISLAND7 this was at 26%. Due to the relatively large step size used in this work (1.5 μm) compared 

to the actual expected grain boundary thickness (~0.5 nm [267]), the values obtained are 

overestimated. A correction factor was applied to obtain values which are more indicative 

considering the expected grain boundary thickness giving percentages of 5.7% for the ISLAND3 

condition, 8.3% for the CONTROL condition and 8.7% for the ISLAND7 condition. These values 

are for indicative purposes and further measurement using transmission electron microscopy would 

give a more accurate but also more localised indication of the grain boundary percentage. The cubic 

unit cell for the different conditions has one of the <001> directions predominantly aligned to the 

build direction. For the ISLAND3 condition it was observed that the other two <001> directions 

were predominantly also aligned with the XY movement of the laser which resulted in a higher area 

percentage of grains oriented with their {001} faces parallel to the surface being oxidised as shown 
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in Figure 7.2 (e). For the ISLAND7 and CONTROL condition the alignment of the <001> axes 

along both the building direction and the XY direction was not as pronounced. This meant that the 

percentage of grains oriented with their {001} faces parallel to the surface being oxidised was lower 

overall compared to ISLAND3 as shown in Figure 7.2 (e). 

 

Figure 7.2: IPF maps for (a) ISLAND7, (b) CONTROL and (c) ISLAND3 together with (d) cumulative grain size 

distribution along the build direction for the different conditions and (e) orientation directions perpendicular to the 

surface being oxidised. 
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7.3.2 Oxidation Kinetics 

The mass gain curves for all conditions are shown in Figure 7.3. Wrought IN718 has been observed 

to have a relatively low oxidation rate below 950oC [185]. Surprisingly, despite the ISLAND7 

condition having the smallest grain size overall, the CONTROL condition seems to exhibit the 

highest mass gain, however the differences are within the scatter range of the data.  

 

Figure 7.3: Mass gain values for the different conditions.  

The oxidation kinetics observed follow a parabolic trend as shown in Figure 7.3. This behaviour 

can be described through the classical Wagner equation [185] in Equation 7.1: 

(Δm)n = Knt (Equation 7.1) 

where: 

Δm is the oxidation mass gain per unit surface area (mgcm-2),  

Kp is the oxide growth rate constant,  

n is the rate exponent  
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and t is the oxidation time (s).  

The rate exponent was found to be 2.6 for the ISLAND7 condition, 2.4 for the CONTROL 

condition and 2.7 for the ISLAND3 condition with adjusted R2 values between 0.97 and 0.99 

indicating a very good fit. The rate exponents obtained here are sub-parabolic and fall between 

parabolic (n = 2) and cubic (n = 3) behaviour. The ISLAND3 and ISLAND7 conditions exhibit a 

value closer to cubic behaviour while that for CONTROL condition tends to be closer to that for 

parabolic oxidation. Values from literature are typically approximated to parabolic behaviour, 

however for Inconel 625 manufactured using L-PBF, Lewis et al. [188] observe cubic oxidation 

kinetics. It is thought that the cubic kinetics observed in [188] are influenced by Nb enrichment 

resulting in the rapid formation of a delta phase (Ni3Nb) layer occurring beneath the Cr2O3 scale 

contributing to a reduction in the initial oxidation rate.  

A comparison of both the cubic and parabolic oxidation rate constants obtained for this work is 

shown in Table 7.1. The Kp values shown here are close to those observed for as-built IN718 

manufactured using L-PBF [268]. The microstructure (grain size, preferred orientation, and type of 

grain boundaries) after solution treatment was not changed thus the constants obtained for as-built 

IN718 are of similar magnitude. There is a small difference in Kp between the ISLAND3 and 

ISLAND7 compared to the CONTROL conditions, with both the former oxidising at a slightly 

slower rate compared to results for as-built L-PBF IN718 reported in [268]. The mass gain values 

observed here, are slightly lower to what has been observed for wrought IN718 at similar durations 

and temperatures in cyclic oxidation [187]. This can be attributed to the fact that cyclic oxidation 

tends to be more aggressive due to the repeated heating and cooling cycles applied to the specimens.  
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Table 7.1:  Parabolic Kp and cubic Kc oxidation rate constants for the different condition compared to other work 

on AM IN718. Adjusted R2 values for this work were all above 0.97. 

Condition Kp  

(mg2cm-4s-1) 

n =2 

Kc  

(mg3cm-6s-1) 

n =3 

ISLAND7 1.16 × 10-7 4.09 × 10-8 

CONTROL 1.51 × 10-7 6.81 × 10-8 

ISLAND3 1.14 × 10-7 4.77 × 10-8 

L-PBF IN718 as-built, oxidised at 850oC, 1000 h [268] 1.4 × 10-7 - 

L-PBF IN718 ST at 1065oC for 2 h, oxidised at 850oC, 351 h, [79] 0.75 × 10-7 - 

Wrought IN718, cyclic oxidation at 850oC, 168 h [187] 2.13 × 10-7  

Wrought IN718, ST at 980oC, DA 720oC /8 h, 620oC /8 h, AC, oxidised at 

850oC, 1000 h [268] 

0.7 × 10-7 - 

EB-PBF IN718 as-built, oxidised at 850oC, 1000 h [268] 0.62 × 10-7 - 

21Cr ferritic stainless steel at 850oC [269] 2.50 × 10-7 - 

Pure Cr2O3 on Cr at 850oC in pure O2 [270] 1.18 × 10-9  

ST: solution treated, DA: double-aged, AC: air cooled 

Compared to L-PBF specimens which have been solution treated at 1065oC for 2 h [79], the 

oxidation rates obtained in this work oxidise faster overall by 1.5 to 2 times as much. The solution 

treatment applied in [79] is at a higher temperature than the one applied in this work and would 

result in recrystallisation of the as-built microstructure. Recrystallisation of the structure would 

increase the percentage of twinned grain boundaries for fcc material through the formation of 

recrystallisation twins [271]. The authors [79] also report significant grain growth to have occurred 

after this high temperature solution treatment which would affect oxidation by presenting a lower 

number of grain boundaries while increasing the number of grain growth coherent twin grain 

boundaries [271]. Such grain boundaries have been linked to a reduced oxidation rate [272]. The 

low temperature of the solution treatment performed here could be affecting the oxidation kinetics 

of the alloy compared to performance after a solution treatment at temperatures above the 

recrystallisation temperature. While a low temperature solution treatment is beneficial in removing 

most elemental segregation, some Nb-rich carbides may remain or delta phases may form [79]. This 

could mean that the Nb element would not be able to diffuse to the near-surface region, which may 

slow down the formation of a delta phase layer at the interface affecting the oxidation kinetics 
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observed here somewhat. Longer oxidation periods for wrought IN718 in an identical heat treated 

condition have yielded a lower oxidation rate [268] which may be attributed to a similar effect; for 

IN718 in the wrought condition it would be expected that the grain size and grain boundary types 

would be different. Furthermore, it would not be expected that such structures have any residual 

elemental segregation as it would have been removed during the forming process.    

A comparison of the performance of the specimens created in this work to other superalloys together 

with oxidation kinetics for pure Cr at various temperatures is shown in Figure 7.4. The oxidation 

rate of L-PBF IN718 compared to pure chromia is faster at 850oC. The fact that IN718 oxidises 

faster than pure chromia forming alloys is due to the fact that other elements in addition to Cr such 

as Ti and Al will oxidise internally at the grain boundaries at faster rates accelerating the overall 

oxidation kinetics [189].  

   

Figure 7.4: Arrhenius plot of parabolic Kp values comparing various superalloys from literature to the Kp values 

obtained in this work. Insert shows a high resolution of the points at 850 ºC. Adapted from [189].  

[79][185] [187][189][273][274][275][276][268]  

7.3.3 Surface oxidation 

The surface oxide morphology for the different conditions is shown in Figure 7.5. After 24 h, all 

conditions appear to exhibit a degree of grain boundary enhancement with the grain boundaries 

appearing to be delineated as grains elongated along the build direction of variable length and an 

irregular grain shape. Similar enhancement has been observed for Ni-base superalloys with a low 
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surface roughness [187,268] and for chromia on Cr [277]. The grain boundary enhancement 

remained evident even after 504 h. This enhancement is thought to occur due to a faster oxidation 

rate at the grain boundaries due to the grain boundaries acting as a short-circuit diffusion pathway 

[268]. The surface scale composition consisted primarily of chromium and oxygen, with varying 

quantities of Fe and Ni detected in specific areas and minor quantities of Ti, Al and Nb detected at 

the surface as well as shown in Figure 7.6 (a). The Fe and Ni elements might be due to the formation 

of an Fe or Ni based spinel forming. The EDS data presented in Figure 7.6 (a) was collected from 

an area which was likely a grain boundary thus the small amounts of Ti, Al and Nb may be 

reflections from elemental enrichment under the oxide scale or oxidation of Ti and Al along the 

grain boundaries rather than at the surface of the scale. The formation of small particles of elongated 

plate-like oxides was also evident for the ISLAND7 condition at 96 h, the CONTROL condition 

and ISLAND3 conditions after 264 h. The ISLAND7 condition (i.e. smallest grain size) exhibited 

spallation after 96 h, while the specimens with a larger grain size (CONTROL, ISLAND3) 

exhibited spallation after 264 h as seen in Figure 7.5. The integrity of the oxide scale and the duration 

of the steady state period are important aspects in oxidation resistance [278]. The scale will protect 

the underlying material by limiting the oxidation rate over long periods of time by acting as a 

diffusion barrier therefore earlier spallation is detrimental.  
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Figure 7.5: SE micrographs for the surface oxide morphology of IN718 oxidised in air at 850oC for time intervals 

between 24 h to 504 h for the ISLAND7, CONTROL and ISLAND3 conditions. 

On the surface for the ISLAND7 and CONTROL conditions, wrinkled oxide features were visible 

after 24 h as shown in Figure 7.5 and in Figure 7.6 (b). These were evident for the ISLAND3 

condition in small quantities slightly later at 48 h. These wrinkled structures are evidence of 

compressive stresses within the forming oxide [190]. At 96 h for the ISLAND7 condition some 

areas were observed exhibiting spallation of small areas of oxide. The ISLAND7 condition also 

exhibited the formation of small areas consisting of very fine chromia grains as shown in Figure 7.6 

(c). A crack is evident running through one such protruding area indicating fracturing of the oxide 

layer. The much smaller crystallite size (< 1 μm) in the protruding area is also evident which would 
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mean there is a high concentration of short circuit diffusion pathways. Evidence of further spallation 

was observed for all conditions following 264 h and 504 h. It was clear that after further exposure 

to oxidising environment, the areas undergoing spall were being re-oxidised. One such area is 

shown in Figure 7.6 (d). Despite reoxidation, the amount of Cr detected here is less than that 

detected in areas which had not spalled at shorter durations such as position 3 in Figure 7.6 (c). This 

would indicate that the oxide layer being formed here was still relatively thin as evidenced by the 

faceted appearance of the individual crystals in the area in Figure 7.6 (d) and the considerable 

contribution to the signal of Ni and Fe from the substrate. Possible reasons for this might be that the 

previous oxide had just spalled off and therefore the oxide was still relatively young.  

 

Figure 7.6: SE micrographs of (a) Fe and Ni rich area for the CONTROL after 264 h (b) the wrinkled oxide 

structures after 24 h for the CONTROL specimen together with (c) Cr rich oxide nodule observed for ISLAND7 

after 96 h and (d) faceted structures after 264 h on the CONTROL specimen after spallation and the chemical 

composition of specific areas of interest. 

High resolution representative SE micrographs of the oxide grain morphology after 504 h for the 

different conditions are shown in Figure 7.7 (a and b) and Figure 7.8 (a). The surface consisted of a 

mixture of different structures and grain sizes. The observed elongated oxide platelets observed for 
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all conditions in Figure 7.5, were analysed as shown in Figure 7.7 (a) and found to consist of large 

amounts of Cr and oxygen – most likely large chromia grains growing outward from the surface. 

The platelets were mostly observed in the regions at the grain boundaries where the oxide growth 

was more evident. These platelets were found to have a relatively higher concentration of oxygen 

than the surrounding oxide surface. The elemental concentration approached that for stoichiometric 

Cr2O3. 

For all conditions, globular oxide grains of differing sizes were observed. The chemical composition 

of these grains shown in position 3 and 4 in Figure 7.7 (b) is high in Cr and O with traces of other 

elements detected, notably Ni, Fe and Ti. Apart from these globular Cr rich grains, oxide nodules 

enriched in Cr, Fe and Ni were also observed as shown in position 2 and elongated oxide minute 

grains in position 5 in Figure 7.7 (b). These are most likely spinels based on (Ni,Fe)(Cr,Fe)2O4, 

further supported by the ratios of the percentages in which the elements have been detected. The 

formation of such spinels has been documented for oxidation of IN718 [71,279]. The formation of 

Fe rich areas in the external scale has also been observed for oxidation of IN718 made using EB-

PBF at 750oC and associated with potentially increased oxidation rates [280]. The morphology of 

the grains in position 2 and more specifically in position 5 also appears different from the 

surrounding chromia based grains; the structure of chromia is trigonal which is also apparent from 

the elongated crystals visible in Figure 7.7 (b) while the spinel structure is orthorhombic. The spinel 

grains are much smaller than the surrounding chromia grains as shown in Figure 7.7 (c) further 

presenting a high density of short circuit diffusion pathways through the increase in grain 

boundaries.   
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Extensive regions which appeared to have a faceted morphology rich in Cr and lower amounts of 

Ni and Fe were also observed as shown in Figure 7.6 (d), and then adjacent to them typically the 

elongated spinel structures observed in Figure 7.7 (b) and in higher resolution in Figure 7.8. Caplan 

et al. [190] observed that for Cr some of the surface may form single crystal areas appearing faceted 

and having a plane parallel inner and outer surface which is very similar to what is being observed 

here in Figure 7.6 (d) and Figure 7.7 (b). These crystals may form in the initial oxidation period 

after spallation. The chemical composition over these areas seems to vary with the internal parts of 

the area being rich in Cr as shown in Figure 7.8 (b), and the outer edges being rich in Fe and Ni as 

shown in Figure 7.8 (c and d). It is likely that these regions are a result of spallation occurring near 

the 264 h mark, followed by reoxidation of the surface, with the oxide layer being thinner in the 

centre region resulting in the detection of Ni and Fe from the substrate at 264 h with spinels rapidly 

forming on the outer edges of the area.  

 

Figure 7.7: High resolution SE micrographs for the surface oxide grain structure of IN718 oxidised in air at 850oC 

for 504 h for the (a) CONTROL and (b)ISLAND7 conditions with (c) showing a higher magnification of position 2 

which is thought to consist of (Ni,Fe)Cr2O4 spinel structures. 

(b)(a)

2

Element (wt. %)

Position Ni Cr Fe Ti O C

1 1.0 43.3 0.2 0.2 50.5 4.9

2 14.4 22.0 13.9 0.2 43.9 5.6

3 1.7 52.9 0.6 0.2 41.8 2.9

4 1.3 52.3 0.6 0.8 41.8 3.2

5 19.8 24.3 15.4 0.2 36.3 4.1

3

4

5

1

10 µm 10 µm

5 µm

(c)



CHAPTER 7    The effect of altering scanning strategies in L-PBF on the oxidation of IN718  

161 

 

 

In areas where spallation occurred after 264 h, compositional differences were also observed 

between the surface oxide and underlying material. These are shown in Figure 7.9 (a to h). Within 

the spalled area a grain boundary is visible together with a rougher appearance in the spalled area. 

Scale spallation normally occurs upon cooling to room temperature. The roughened “thermally 

etched” appearance under the scale is attributed to the detachment of the scale during the oxidation 

process for instance by wrinkling, while where the scale maintained contact and then spalled off, 

textured oxide grain imprints can remain as are also seen within the spalled area [278]. Oxygen and 

chromium are not abundant in the region underlying the spall as shown in Figure 7.9 (b and h). 

Enrichment of Al and Ti is visible at the grain boundary due to the intergranular Al and Ti oxides 

forming. The spalled area is rich in both Nb and seemingly Mo. Areas with a denser concentration 

of both elements are also visible.  

 

Figure 7.8: High resolution SE micrograph for the surface oxide grain structure of IN718 oxidised in air at 850oC 

for 504 h for the (a) ISLAND7 condition together with corresponding EDS maps for (b) Cr, (c) Ni and (d) Fe.  

5 µm

SE, (a) Cr,(b)

Ni, (c) Fe, (d)
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Figure 7.9: EDS maps for an area of spall in the ISLAND3 condition after 264 h, showing in (a) the SE micrograph 

with a grain boundary passing through the spalled region together with elemental composition maps for (b) O, (c) 

Al, (d) Ti, (e) Nb, (f) Mo, (g) Fe (h) Cr and (i) Ni. 

Representative X-ray diffractographs for the different scanning strategies at the different oxidation 

time intervals are shown in Figure 7.10 (a to c). After 24 h, the reflections for the ISLAND7 and 

CONTROL conditions were mostly identical. For the ISLAND3 condition a very predominant 

reflection for the Ni substrate is still visible at 51.45o for the (200) orientation, indicating that 

chromia oxide formed after this interval is not as thick initially as that formed on the ISLAND7 and 

CONTROL conditions. This difference is not retained after 48 h. The phases formed between the 

different conditions were nearly identical after 504 h, thus the changes in grain size and preferred 

orientation were not enough to promote the growth of different structures at the surfaces in 

quantities appreciable through XRD. The differences in texture prior to starting the oxidation tests 

did not result in any differences between the different conditions in the preferential growth of the 

oxide over long exposure times.  

(a) O, (b) Al, (c)

Ti, (d) Nb, (e) Mo, (f)

Fe, (g) Cr, (h) Ni, (i)

10 µm
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After 24 h for all conditions, numerous reflections corresponding to Cr2O3 were observed as shown 

in Figure 7.10. After 24 h the oxide formed is still relatively thin as rapid transient growth is still 

occurring, and thus weak reflections corresponding to the underlying substrate were still visible 

(except for the ISLAND3 condition where this reflection was still strong). Some contribution from 

the substrate was still detected at 504 h for all conditions as shown in Figure 7.10 (a to c). In addition 

to chromia, several low intensity peaks corresponding to FeCr2O4, NiCr2O4 and NiFe2O4 spinel 

phases were also detected after 24 h. These reflections support the observations made using EDS of 

the surface where areas with enrichment in Ni and Fe had been quantified through EDS as shown 

in Figure 7.7 (b) and Figure 7.8 (a). After long oxidation times, the reflections for the spinel phases 

are reduced in intensity and frequency. No reflections for rutile TiO2 or alumina were detected here 

which can be attributed to the shallow GIAB technique used and the relatively small quantities of 

these expected oxides and their expected position below the chromia scale.  
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Figure 7.10: Representative diffractographs for (a) the CONTROL condition at each oxidation interval, together 

with representative diffractographs for the (b) ISLAND7 and (c) ISLAND3 conditions at all time intervals. 
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7.3.4 Cross-sectional analysis 

Representative figures of the oxide cross-sections after 504 h of oxidation for each condition are 

shown in Figure 7.11. An external Cr rich oxide scale is formed over the surfaces. For the ISLAND7 

condition the scale was found to be ~8 ± 2 μm thick, while for the CONTROL condition this was 

found to be ~5 ± 1 μm and for the ISLAND3 condition it was ~3 ± 1 μm thick. While there is a 

small reduction in thickness of the chromia oxide formed between the different conditions, the 

difference is not very high and the fact that spallation occurred may also have contributed some 

uncertainty to these measurements. Spallation at 850oC for IN718 was not reported by other authors 

[79,185] thus it was surprising to observe it in this work. In work done by Calandri et al. [79] and 

by Greene et al. [185], the specimens were in the solution treated condition or mill-certified 

condition and not aged as is the case here. It may be possible that the precipitate formation is 

increasing the tendency towards spallation of the oxide film through altering the stresses in the oxide 

or that the delta phase layer is forming earlier than in the annealed condition affecting the mismatch 

between the oxide and the substrate. Further investigation is required to ascertain the active 

mechanism behind the spallation observed.  
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Figure 7.11: Representative BS micrographs for the ISLAND7, CONTROL and ISLAND3 conditions following 

oxidation in laboratory air at 850oC for 504 h. Features of interest are marked. 

The interface between the oxide scale and the bulk material was observed to become irregular for 

all conditions; but specifically, for the ISLAND3 condition, the irregularity of the interface was very 

pronounced. The wrinkled oxide surfaces indicate the formation of initial compressive stresses 

forming on the oxide surface. Some cracking was observed on the surfaces in localised areas as 

previously observed. Cracking is also evident in the cross-sections of the oxide scale. Cracks were 

observed in the scale due to spalling being initiated. Pores were also evident in the cross-sections 

after 24 h for all conditions and cracking in the oxide being observed for the ISLAND7 condition 

after 96 h of oxidation and after 264 h for the CONTROL and ISLAND3 conditions.  

For spallation to occur the oxide film must fracture internally to produce cracks through the 

thickness and the adherence at the oxide-metal interface must be lost [263]. For the case of a 

chromium oxide growing on a Ni metal substrate, the co-efficient of thermal expansion will be less 

ISLAND7 ISLAND3

CONTROL

20 µm

1: Intergranular Al2O3 2: Intragranular Al2O3

3: Enhanced grain boundary oxidation 4: Nb/Mo/Ti precipitates

1

2

3

4
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than that of the metal [263]. The growing oxide is typically under compressive stress arising from 

the constraints of the lateral growth strain in the film from the underlying alloy substrate. Pilling 

and Bedworth [281] and later Rhines and Wolf [282] both account for the generation of such stress; 

the former through the volume increase associated with forming the oxide molecules and the latter 

through the formation of oxides along grain boundaries lying perpendicular to the interface through 

concurrent inward diffusion of oxygen ions and outward diffusion of metal ions. The growth 

stresses are further augmented by thermal stresses occurring during the cooling stage after oxidation 

[283]. The Pilling Bedworth ratio (PBR) of Cr2O3 on Cr is 2.07, which means that a compressive 

stress will be formed in the scale. Other factors such as the scale composition, thickness and thermal 

cycling will also affect the strain generated in the scale.  

This stress can be relaxed through either a shape change of the underlying substrate or wrinkling of 

the oxide film [266]. Wrinkling such as that seen on the surface images in Figure 7.6 (b) is 

significant as its onset indicates that the oxide will tend to spall upon cooling. Evans and Lobb [263] 

described the processes leading to initial spallation; for oxides where the oxide-metal interface is 

more resistant to fracture than the oxide, angled shear cracks will form in the oxide and with more 

stress build up the oxide particle is spalled off [263]. For situations where the interface has a lower 

strength than the oxide layer, the film will wrinkle and buckle and decohesion occurs between the 

scale and the substrate [263]. As oxidation progresses and the scale grows, the decohesion will 

increase and thus more of the scale will wrinkle [283]. Once the oxide scale becomes too thick to 

release the stresses through decohesion and wrinkling, tensile cracks will initiate typically at defects 

or where the film is curved which can result in spallation [263,283]. The slow cooling between 

testing intervals may also have re-oxidised the tips of any formed cracks, though it is expected that 

the thermal stresses generated would be less after a relatively sluggish cooling rate compared to 

rapid air cooling.  

The compressive stress in the oxide scale was calculated as per [283], using a PBR of 2.07 for Cr2O3 

on Cr [284] and a modulus for Cr2O3 calculated as 233 GPa at 850oC [285] to obtain a growth stress 

of around 63 GPa in the scale which is much higher than the bending strength of Cr2O3 at 400 MPa 

[286]. This would contribute to the generation of cracking in the oxide scale as the growth of the 

scale proceeds combined with wrinkling from decohesion between the oxide and metal interface 

during the process. The thermal stress was calculated by Zheng et al. [283] for a Ni based superalloy 
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and was found to be much lower than the growth stress. Thus, while thermal stress will contribute, 

the main factor behind spallation would be the growth stress. The fact that spallation occurred means 

that the Kp values after 264 h for ISLAND3 and CONTROL and for ISLAND7 after 96 h could be 

higher than those measured.  

Even though the specimens were highly polished, the scale exhibits areas which have a higher 

thickness in specific locations as observed in Figure 7.11 which are thought to be due to enhanced 

grain boundary oxidation. For all conditions, formation of Al2O3 under the scale was visible as 

shown in Figure 7.11 and Figure 7.12; both intergranular; along the grain boundaries and 

intragranular; through the grains. For the ISLAND7 condition, the intergranular oxidation was 

observed to be very prevalent, with significant grain boundaries being highlighted by alumina 

oxides along the grain boundaries to depths of around 28 ± 4 μm. For the CONTROL and 

ISLAND3 conditions, the depth of alumina penetration was also observed but to a much lower 

extent; at around 8 ± 4 μm for both conditions. The CONTROL and ISLAND3 conditions had a 

similar oxide thickness and alumina penetration to what has been observed for solution treated L-

PBF IN718 [79], while the ISLAND7 condition has a slightly higher Cr oxide thickness and a much 

deeper alumina penetration. The smaller initial grain size of ISLAND7 condition would mean that 

there is a higher percentage of short circuit diffusion pathways for oxygen to diffuse into the bulk 

of the material and for Al and Ti to diffuse towards the oxide scale. Apart from more intergranular 

oxidation, the depth of penetration of the intergranular oxides for this condition is also much higher 

compared to the other conditions which would indicate that oxygen was able to penetrate deeper 

into the substrate. The earlier spallation of this condition could have affected this behaviour, 

providing short windows where oxygen diffusion into the substrate was facilitated considerably 

resulting in the deeper oxygen penetration observed. While the degree of spallation was not very 

high before 504 h, there were some areas of oxide which were removed which could have resulted 

in this behaviour. Further investigation in the stress state at the top of the surface needs to be 

performed to confirm this. The degree of alumina penetration at the grain boundaries has been 

observed to accelerate fatigue failure within certain stress ranges, although the behaviour is very 

complex and dependent on the stresses induced in the base metal underneath the oxide film [181]. 

From an application perspective, extensive intergranular oxidation could present an uncertainty and 

loading limitation, making it difficult to predict the failure life of a component accurately.  
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Figure 7.12: BSE micrograph and EDS maps for the ISLAND7 condition after 504 h, showing the elemental 

distribution of the oxides and underlying segregation.  

The internal oxides observed in Figure 7.12 are predominantly rich in Al, but some Ti based oxides 

or Ti based nitrides are also visible closer to the surface. Formation of rutile (TiO2) phases in the 

oxide scale for RR1000 has been detected by Cruchley et al. [189] and formation of TiO2 

intergranular phases have also been observed for IN718 by Calandri et al. [79]. The deeper alumina 

penetration at the grain boundaries as opposed to through the grains supports the fact that the 

boundaries are acting as short circuit diffusion pathways.  

Furthermore, the near surface region beneath the chromia scale is exhibiting a higher amount of Nb 

and, interestingly Mo. The enrichment of the near surface in Nb has been previously observed for 

Inconel 625 [188] oxidised at 950oC and for IN718 at 850 ºC [79,187] although in this case the Mo 

enrichment observed here was not documented, but visible in EDS results by Calandri et al. [79] 

while the Mn enrichment observed for IN625 was not detected here. The Nb enrichment was 

observed for all conditions after 24 h, forming a quasi-continuous layer under the chromium oxide 
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at around 96 h for all conditions. The Nb enrichment for IN718 has been confirmed to be δ-phase 

(Ni3Nb) [287]. It is thought that this Nb layer at the interface between the Cr oxide and parent metal 

contributes to slowing down the oxidation rate [188,287]. 

A region depleted in Cr is also visible confirmed through EDS line scans in Figure 7.13 (a) due to 

the Cr being used to form the external Cr2O3 scale. For the ISLAND3 condition this depletion zone 

was around 20 μm while for the ISLAND7 condition the Cr depletion zone was around 26 μm deep. 

Nb enrichment can be observed in Figure 7.13 (b). The enrichment of Nb right under the oxide scale 

is evident with a corresponding increase in Ni content. This has been attributed to the formation of  

Ni3Nb phases under the oxide scale [79]. Enrichment of Ni and Nb is also evident at the grain 

boundaries beyond the depth at which the alumina intergranular oxides form in Figure 7.12 and in 

Figure 7.13 (b and c) attributable to δ Ni3Nb phases precipitating at the grain boundaries [79]. Upon 

closer inspection in Figure 7.13 (b), the Mo enrichment under the scale observed in Figure 7.12 

appears to be close to the base chemical composition which may indicate that rather than enrichment 

occurring for this element, the lack of other elements due to diffusion means that the signal for Mo 

in the EDS map in Figure 7.12, appears magnified. Interestingly, the top surface composition of the 

oxide has some enrichment in Fe and Ni shown in Figure 7.13 (c) supporting the spinel formation 

already discussed. The intergranular oxidation of Al can be observed occurring at 40 μm in Figure 

7.13 (c), while at the near surface Ti, Al and O enrichment is visible likely due to intragranular 

oxides or in the case of Ti potentially nitride phases forming in the vicinity as shown in Figure 7.13 

(d). A schematic representation of these oxide phases is shown in Figure 7.13 (e). 
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Figure 7.13: Variation in chemical composition along the cross-section for (a) Cr and O where dotted line 

indicates base material Cr composition, (b) Nb and Mo, (c) Fe, Ni Al and Ti together with (d) the respective BS 

micrograph and (e) a schematic representation of the phases present on oxidised IN718. Specimen under 

consideration was ISLAND7 after 504 h.  
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The fact that the differences in grain size and prevalent orientations did not significantly alter the 

oxidation rates over long exposure time is interesting. Over long exposures the differences in 

microstructure do not translate into a significant difference between conditions and do not alter the 

preferred orientation of the oxide being formed or the type of oxide being formed. When 

considering parts produced through AM, the grain size overall is still going to be much larger than 

an equivalent wrought condition (hundreds of microns compared to tens of microns). While there 

is a difference in grain size between the conditions seen here, this difference is still between 

conditions where the grains are overall very large. While the larger grain size investigated here 

overall probably did result in a small reduction in the initial oxidation rate, this is not enough to be 

significant especially after 504 h. During the oxidation process the oxide will also undergo 

recrystallisation which will further contribute to a reduction in the effect initial grain size has for 

long oxidation durations. This was especially visible for regions at the surface forming minute oxide 

grains. The difference in initial grain size and orientation does lead to a different degree of 

intergranular oxide penetration which may have implications for the fatigue performance. From an 

application perspective, these results are interesting as it means that specimens can be optimised to 

have smaller grain sizes or optimised for high density through L-PBF without having consequences 

on the high temperature oxidation performance. Further investigation into the reason behind the 

deeper intergranular oxide penetration is required focusing on the stresses generated at the oxide 

surface and investigating the nature of the parent metal grain boundaries in the near surface area as 

due to local recrystallisation in the near surface area the grain boundaries may be changing in nature 

also affecting the oxidation behaviour [272].  

7.4 Conclusion  

In this work the behaviour of L-PBF IN718 upon exposure to high temperature oxidising conditions 

was investigated. Three different conditions with different grain size and predominant grain 

orientations were analysed with the aim of determining whether microstructural control though 

different scanning strategies applied in L-PBF would affect the oxidation resistance.  

The mass gain behaviour was broadly similar between the different conditions after long durations 

and comparable to wrought IN718. Even though the grain size and preferred texture for the 

conditions are different, after long exposure times the mass gain values are statistically similar 
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following sub-parabolic oxidation kinetics.  

After 96 h, the specimen with the smallest grain size exhibited spallation, while the specimens with 

a larger grain size exhibited spallation after 264 h. The smaller grained condition also exhibited a 

higher degree of intergranular alumina penetration compared to the other conditions. All the 

conditions investigated here formed an underlying Nb rich layer which has been associated with a 

reduction of the oxidation rate moving from parabolic to cubic oxidation kinetics.  

Further investigation is required to understand the stress states generated on the oxide surface during 

oxidation through for instance XRD stress measurements at different time intervals and to 

investigate the reason behind the early unexpected spallation observed here together with a more 

detailed characterisation of the near-surface sections under the oxide to determine whether the grain 

boundary character affected the oxidation behaviour. Furthermore, short term oxidation studies 

using EBSD would be useful in isolating the effect of surface grain orientation from the initial grain 

size. 
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CHAPTER 8. Conclusion and future work 

8.1 Conclusion  

The main findings of this doctoral work are summarised as follows: 

i. Effect of laser heat input parameters compared to laser scanning strategy on the 

microstructure 

The effects of laser heat input parameters together with different combinations of the island 

scanning parameters on the grain size, morphology and texture along the build direction were 

quantified. Increases in power and decreases in hatch spacing both resulted in a larger, more aligned 

grain structure along the building direction. Both power and hatch spacing were less effective at 

modifying the texture than changes in speed due to the short interaction times characterising the L-

PBF process limiting effective heat transfer. Furthermore, changes in the heat input parameters can 

result in porosity from lack of consolidation or overheating. It was found that the scanning strategy 

was more effective at modifying the texture along the build direction compared to laser heat input 

parameters. A smaller island size, smaller island shift, and a higher island overlap all resulted in 

more alignment and larger grains along the B.D. The specimens obtained were still nominally 

dense. Smaller islands meant that the laser needed less time to arrive at the initial position increasing 

the pre-heat of the subsequent raster and inducing more epitaxial growth. Specimens with a smaller 

island size also yielded a larger cell size equated to a lower cooling rate (G·R). Island shift values 

close to the build volume size interrupted the scanning order of the island and thus interrupted 

epitaxial growth; reducing it, while changes in the movement path such as a parallel island strategy 

could be used to increase epitaxial growth. Rather than changing the heat input into the melt pool 

and directly affecting the thermal gradient and solidification rate, changes in laser movement change 

how fast the layer cools down (affecting both G and R) and the heat flow direction. Using such an 

approach is indirect but viable when it is not desired to modify the heat input parameters for instance 

to minimise porosity or impact on cracking without modifying part orientation on a substrate. 
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ii. Effect of cross-sectional area 

The build volume is often overlooked when considering parametric studies. This is especially 

important when the scanning strategy is being modified as the cross-sectional area being scanned 

will affect the movement path. Changing the island size was still an effective way at modifying the 

grain size and preferred alignment to the build direction regardless of the cross-sectional area. While 

the changes in scanning strategy were very effective for small cross-sectional areas, some scanning 

strategy modifications were not as effective when moving to larger cross-sectional areas. This was 

observed for both large volumes used for tensile bar manufacture and proof-of-concept hollow 

turbine blades (a complex structure). Changing the island shift was less effective at randomising 

and reducing the texture when compared to results obtained for small build volumes where this was 

the most successful strategy. As the scanning strategy is directly affected by the cross-sectional area 

being scanned, when considering scanning strategies as a route towards microstructural 

modifications the design of the components needs to be taken into consideration.    

iii. Effect of baseplate heating 

The feasibility of a heated baseplate in L-PBF of Inconel 718 was briefly investigated as an alternate 

method induce the columnar to equiaxed transition. This has not been previously applied 

specifically to L-PBF. In EB-PBF and DED such a concept has been investigated and while the idea 

is similar, the thermal gradient, solidification rate, heat source interaction and amount of heating in 

L-PBF are different. Baseplate heating at 400oC appeared to reduce the thermal gradient, which 

together with the relatively fast solidification rates characterising the process led to differences 

compared to specimens not manufactured using a heated base plate. Numerous small globular 

grains formed in the mixed growth regime which could have been a result of either equiaxed 

nucleation and growth within the melt pool or recrystallisation of the existing grain structure as the 

specimen was being built. Through the application of a heated baseplate, an overall decrease in 

grain size was observed coupled with a reduction in the preferred alignment along the build 

direction together with an increase in the local misorientation. This contributed to an increase in 

hardness along the build direction for specimens processed on the heated baseplate compared to 

specimens which were not processed with a heated baseplate. 
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iv. Variation in mechanical properties and microstructural grading with scanning 

strategies 

The feasibility of using laser scanning strategies to purposefully modify the microstructure and thus 

mechanical properties was further investigated using strategy parameters which yielded the most 

optimal density for small build volumes together with the highest degree of modification along the 

build direction. Room temperature mechanical testing demonstrated that the scanning strategy can 

be used in generating monolithic conditions with varying properties and functionally graded 

specimens with varying microstructures/properties. Specimens having larger grains and higher 

amounts of [001] predominant orientation to the loading direction exhibited a lower Young’s 

modulus, a lower strength and locally more micro-strain. As observed in DIC, in a functionally 

graded component, consisting of two types of grain morphology, meant that the smaller grained, 

more randomly oriented side restrained the deformation of the overall component and that most of 

the strain occurred in the larger grained side. The junction of these functionally graded specimens 

was sound with a gradual change in grain size over the junction and failure occurring away from 

the junction.  

v. Oxide films in L-PBF 

The ductility for the mechanical test bars investigated here was relatively low and exhibited 

significant variability. Surprisingly, fractography revealed that even though full consolidation was 

obtained, failure of the specimens was still defect driven due to the entrainment of Al oxide films in 

the melt reducing wettability and affecting consolidation between subsequent layers. All the lack of 

consolidation defects exhibited aluminium enrichment and showed surface features such as 

wrinkling and slip bands associated with the folding and entrainment of thin Al films in the melt 

pool. Such defects have been observed in casting of Ni superalloys but have not been discussed in 

depth in the context of L-PBF for IN718. They are thought to occur due to the vaporisation and 

subsequent deposition of Al on the surface of newly formed melt pools. The smaller island size 

conditions in this work were observed to have a particularly high incidence of such defects. These 

conditions were also hotter than larger islands supporting the fact that vaporisation combined with 

melt pool flow dynamics could be contributing to the entrainment of the oxide films generated. 
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vi. Oxidation 

The behaviour of L-PBF IN718 exposed to oxidising conditions at 850oC with different initial 

microstructures was investigated to determine whether microstructural control through different 

scanning strategies would affect the oxidation resistance. Surprisingly, even though for L-PBF the 

grain size is larger compared to mill-annealed IN718, the oxidation rates after durations of 504 h 

were comparable those observed in literature for IN718 in this condition. Even though the grain 

size and preferred texture of the various conditions were both different, after 504 h the mass gain 

values were statistically similar following sub-parabolic oxidation kinetics. After 96 h the specimen 

with the smallest grain size exhibited spallation, while the specimens with a larger grain size 

exhibited spallation after 264 h. The smaller grained condition also exhibited a higher degree of 

intergranular alumina penetration compared to the other conditions. As the grain size for such 

specimens was smaller, intergranular oxidation is expected to be more prevalent. The deeper 

penetration of the oxides may be attributable to the earlier spallation occurring in these conditions 

resulting in very rapid attack when the base metal is exposed. All the conditions investigated here 

formed an underlying Nb rich layer which has been associated with a reduction of the oxidation rate 

moving from parabolic to sub-parabolic oxidation kinetics. From an application perspective, these 

results mean that specimens can be optimised to have smaller grain sizes for mechanical 

performance, optimised for high density or made using parameters favourable to avoid cracking 

without having negative consequences on their high temperature oxidation behaviour.  

8.2 Future work 

The use of laser heat parameters and more effectively laser scanning strategies has been 

demonstrated to be a promising tool which could be used to functionally vary mechanical properties 

or create graded components with no negative correlations for oxidation resistance. The following 

section will discuss further work to complement this research and potential areas for further 

investigation. 

vii. Parametric improvements  

While several scanning strategies were investigated, these were analysed using a constant set of 

laser heat input parameters. The amalgamation of heat input parameters aimed at reducing columnar 

growth together with scanning strategies known to reduce columnar growth or the opposite 
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approach to obtain a structure close to a directionally solidified microstructure would be valuable 

to further optimise mechanical properties. Modifying the scanning strategies was found to be 

affected by the cross-sectional area for parameters such as the island shift – applying an appropriate 

change to island shift in view of the cross-sectional area being scanned might be an effective way 

in which to induce the randomisation effect for larger areas. The properties considered here were 

related to grain size and orientation; investigating methods to modify the grain boundary character 

such as by inducing serrated grain boundaries or coincident site lattice boundaries would provide 

further improvements to those described here. While the heat treatment applied here was suitable 

in removing most brittle intercellular compounds, the use of such a heat treatment results in the 

recovery of dislocation structures at cell boundaries. Optimising the heat treatment to reduce 

recovery could be used in tandem with changes in microstructure to further strengthen IN718. 

IN718 also relies primarily on the formation of γ' and γ'' for the strengthening effect; it would be 

useful to investigate to what degree microstructural control can improve the properties for alloys 

where precipitate strengthening is not used or alloys which are prone to solidification cracking. 

Further testing at elevated temperature such as creep and tensile testing together with fatigue testing 

would also provide a more accurate idea of how such components would behave in their intended 

application.  

viii. Heated baseplate 

The further optimisation of deposition with a heated baseplate could be used in tandem with 

parametric improvements to generate a fully equiaxed microstructure. While the results obtained 

from the preliminary investigation are quite promising, further work is needed to optimise the 

parameters to obtain a fully equiaxed structure and characterise the effect of a heated baseplate on 

the surface finish and density. Variations in melt pool size and shape together with its solidification 

behaviour could be investigated in more detail and the dislocation density could be measured to 

quantify the effect of the heated base plate on such structures. While the hardness measurements 

made along the build direction would indicate that the preferred alignment to the build direction is 

being modified, further mechanical testing could be done on specimens produced in different 

orientations to confirm this.  
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ix. Oxide film formation during processing 

One of the limitations in this work was the oxidation of aluminium during fabrication. This formed 

aluminium oxide films entrained in the melt which were one of the major reasons behind the 

premature failure observed. Modelling of the melt pool motion and the melt pool temperatures, 

especially when the scanning strategy is changed would provide a vital tool in reducing the 

formation of such films. Transmission electron microscopy coupled with focused ion beam milling 

of such defects would provide further valuable characterisation opportunities to understand their 

formation mechanisms. The chemical composition of IN718 has not been specifically formulated 

for production using AM. Alloy design for additive manufacturing could also be a viable route 

towards reducing the formation of such films and ensuring that the ductility of components 

generated through AM is acceptable. Such powder design could involve the use of elements 

designed to react preferentially with the oxygen traces within the chamber during processing.  

x. High temperature oxidation resistance  

Oxidation resistance was investigated at 850oC. Limited spallation initiated after 96 h which was 

unexpected when compared to other work in literature. Stress analysis of the oxide as it is forming 

together with an investigation of the changes in the near-surface area would be valuable additions 

to this work to understand the reason behind the unexpected spallation. Further investigation would 

be valuable at a lower temperature to gain a more accurate idea of the Kp values as these values 

would have been affected by the spallation occurring during the test. Furthermore, investigation into 

the effect of texture on the initial transient oxidation stages would be very valuable to determine 

whether the texture is affecting the oxide thickness for short durations. Short term oxidation studies 

using EBSD would be useful in isolating the effect of surface grain orientation from the initial grain 

size. In practice IN718 is used up to 650oC, thus investigating the transient oxidation stage at a 

higher temperature would still offer a viable benefit to components used at lower temperatures. The 

mechanical testing of components which have been subjected to an oxidising environment would 

also provide further depth to these investigations and provide a full picture of practical application. 

Further investigation could assist in elucidating whether the different degree of intergranular oxide 

penetration has negative consequences for fatigue life of L-PBF IN718 components. Investigation 
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of the effect of different cross-section orientations e.g. XY cross-sections would also provide a more 

complete picture of the performance. Quantitative modelling could be performed to rationalise the 

relationship between the chromium oxide and the chromium concentration gradient moving into 

the IN718 substrate. This could be coupled with more accurate chemical analysis techniques such 

as electron probe microanalysis to further improve the accuracy in percentages of elements 

observed. 
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