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Abstract

Laser powder bed fusion (LPBF) is an additive manufacturing (AM) technique that can produce
components from digital models in a layer-by-layer fashion using metallic powders. The
customisation of pre-alloyed powders used by LPBF is expensive and time-consuming, making
LPBF not ideal for alloy development. In-situ alloying approaches using blended powders as
raw materials are therefore carried out to shorten the alloy development process. Recently, high
entropy alloys (HEAS) have drawn growing scientific attention. The HEA concept is of great
compositional flexibility, allowing vast composition spaces and advanced properties to be
explored. The CoCrFeMnNi HEA has been widely studied as a representative
face-centred-cubic (FCC) HEA. The feasibility of the LPBF in-situ fabrication of the
CoCrFeMnNi HEA and its body-centred-cubic (BCC) variation, AICoCrFeNi, is the subject of

this study.

This study aims to develop an AM processing route for HEAs through LPBF in-situ alloying.
Elemental Mn and Al powders were blended with pre-alloyed CoCrFeNi powder for
quasi-equiatomic composition, respectively. The in-situ alloying printability was evaluated via
the parametric study based on densification and defect assessments. The chemical
homogenisation and phase formation in the as-built samples was examined and correlated to
the laser heat input. The results showed that Mn could be in-situ alloyed into the FCC CoCrFeNi
matrix with homogeneity, indicating good printability of the CoCrFeMnNi HEA. However, the
attempt to in-situ fabricate the AICoCrFeNi HEA failed to produce samples free of
cracking/porosity, despite the investigation of a wide range of parameters. The resultant defects

and Al segregations suggested that the BCC HEA cannot be realised using this approach.



The tensile and compression properties of the in-situ alloyed CoCrFeMnNi HEA were
compared with the LPBFed CoCrFeMnNi HEA fabricated using pre-alloyed powder. The
tensile strength was reinforced by the oxide-dispersion-strengthened (ODS) effect, because Mn
oxides were introduced during the process. Submicron voids were observed around the oxides
in the deformed samples, which were responsible for the early failure during the tensile
deformation. The Mn oxides were identified as MnO and Mn203 and their forming mechanisms

were analysed.

To understand the underlying mechanisms of the LPBF in-situ alloying processes, elemental
homogenisation and grain development were further investigated through single-track,
single-layer and three-layer experiments. The experimental meltpool dimensions were
compared with the predicted ones, showing that the processing window for in-situ alloying was
operated in the keyhole mode. Remelting was found to be the main mechanism of elemental
homogenisation. Crystalline characteristics were found to be inherited during the accumulation

of tracks, reflecting parameter-structure correlations.

In conclusion, the results of this study have shown that LPBF in-situ alloying had the potential
for HEA development, and raised topics for further research. A comprehensive understanding

of the process will help to shorten the period from alloy design to microstructural tailoring.
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Chapter 1: Introduction

This chapter provides a brief background of laser powder bed fusion (LPBF) and high entropy
alloys (HEAS), as well as the significance of LPBF in-situ alloying for the HEA development.
The aim and objectives of this study are then raised. The thesis is presented in an alternative

format, and the main chapters are published papers associated with specific objectives.
1.1 Laser Powder Bed Fusion as an Additive Manufacturing Technique

Additive manufacturing (AM) is the process that fabricates components from 3D models by
joining raw materials in the forms of powder, filament, sheet, or liquid, which is opposite to
conventional subtractive manufacturing [1]. To produce components with complex geometries
by conventional routes, some geometrically functional structures must compromise with the
capability of manufacturing techniques. But the production can still be time-cost and expensive,
especially at the developing and validating stage of new designs. The net-shape capability and
freedom of design make AM techniques ideal for rapid prototyping. Furthermore, by
topological optimisation of structures, AM products can realise competitive performance with

fewer components, which could lower the cost of massive production.

Laser powder bed fusion (LPBF), also known as selective laser melting (SLM), is a mainstream
AM technique to produce metallic components with high forming accuracy. Before the LPBF
process, a 3D model is firstly sliced into layers of 2D patterns by slicing software, and the sliced
patterns consist of 1D routes. At the beginning of the process, a powder layer is spread on a
substrate and scanned by laser beams to form a 2D pattern. Then the following layer is recoated
on the previous layer to produce the next 2D pattern. This process repeats until the entire 3D

geometry is built. Finally, the as-built component needs to be removed from the substrate for



post-treatments. Meanwhile, the unmelted powder can be collected for recycling. To ensure the
good printability of the process, the raw powders used by LPBF are mostly pre-alloyed powders
with spherical shapes. Since the customisation of pre-alloyed powders demands time and cost,

LPBF is not considered as an ideal alloy development technique in the first place.

1.2 High Entropy Alloys

High entropy alloys (HEAs) have drawn growing attention in the field of metallic materials
over the past decade. On the contrary to conventional alloy systems with a single principal
element, the HEA concept allows multiple principal elements to co-exist in one HEA system,
each concentration between 5 and 35 at. %, and form a single or dual-phased solid solution.
Thus, HEASs are also referred to as multi-principal element alloys (MPEAS) [2]. The discovery
of HEAs reveals the unexplored central areas in phase diagrams and brings new potential for
alloy development. With different compositions, the properties of HEAs can cover or even

extend the knowing property maps of metallic materials.

As a blooming field of alloy development, the research of HEAS requires compositional
modification frequently. Conventionally, HEAs are mostly in the forms of ingot or film
produced via arc melting or deposition methods to ensure the chemistry homogeneity. However,
the geometric flexibility of such methods is limited and often requires considerable post-
machining for further applications. To efficiently produce HEAs with compositional and

geometric flexibility is a fundamental demand regarding the development of HEAs.

1.3 Significance and Challenges of In-Situ Alloying

By introducing additional elements using elemental powders, in-situ alloying has the potential

for combining the compositional flexibility of HEAs and the geometric flexibility of LPBF.



The compositions of blended powders are more flexible than pre-alloyed powders. Therefore,
the efficiency of alloy development can be improved by using blended powders. Moreover, the
cost of powders can be saved as well. The high cooling rate (up to 10° K/s) during the LPBF
process can restrain the chemical segregation during the solidification of HEAs [1]. Regarding

the prototyping of HEA parts, it will enjoy the advanced net-shape capability of LPBF.

The use of blended powder for LPBF in-situ alloying is still at an initial stage for academia [3].

Two significant challenges have been raised:

o The printability of blended powders is often limited compared with pre-alloyed
powders.

o Phase formation and chemical homogeneity are compromised.

Unlike single-principal element alloys with minor contents of additional elements, the
compositions of HEAs are mostly quasi-equiatomic, which means a considerable ratio of
alloying elements needs to be introduced by in-situ alloying, hence making the elemental

homogenisation even challenging.
1.4 Aim and Objectives

To realise the LPBF in-situ alloying of HEAS, the overall aim of this thesis is presented as

follows:

To develop an additive manufacturing route to produce HEAs with microstructural

homogenisation and outstanding mechanical properties via LPBF.

As a vast number of alloys exist in the HEA family, this research starts with the notable FCC

CoCrFeMnNi HEA and its BCC variation, AICoCrFeNi HEA. The FCC CoCrFeNi HEA is



selected as the base alloy, while Mn and Al are the alloying elements. To evaluate the feasibility

of LPBF in-situ alloying, the aim is separated into concise objectives:

Objective 1: Optimise LPBF parameters to fabricate bulk HEAs from blended powders.

Objective 2: Characterise the phase formation and elemental homogenisation of the

in-situ alloyed HEAs.

Objective 3: Test the mechanical properties of the in-situ alloyed HEAs and investigate

structure-property correlations.

Objective 4: Reveal the underlying mechanisms during the LPBF in-situ alloying

processes.

1.5 Thesis Structure

The thesis is presented in an alternative format, including published papers that correlate to the

specific objectives. The thesis structure is detailed as follows:

Chapter 1: General introduction of the thesis

Chapter 2: Literature review, including the backgrounds of HEAs, AM, and in-situ

alloying

Chapter 3: Experiments, to describe the details of the materials and methods used in this

study

Chapter 4: Fabricating CoCrFeMnNi high entropy alloy via selective laser melting in-

situ alloying (Paper A, Objectives 1 & 2)



Chapter 5: In-situ alloying of AlICoCrFeNi high entropy alloy via laser powder bed

fusion with pre-heating (Paper B, Objectives 1 & 2)

Chapter 6: In-situ alloyed, oxide-dispersion-strengthened CoCrFeMnNi high entropy

alloy fabricated via laser powder bed fusion (Paper C, Objective 3)

Chapter 7: In-situ  alloyed CoCrFeMnNi high entropy alloy: microstructural

development in laser powder bed fusion (Paper D, Objective 4)

Chapter 8: Conclusions, general discussion and future work, to summarise the important

conclusions, and raise further possible topics

The processing development and sample preparation of papers A, B and C were carried out at
the UoB, while microstructural characterisation and mechanical testing were carried out at the

UoB and SUSTech. All the experiments in Paper D were conducted at the SUSTech.
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Chapter 2: Literature Review

This chapter reviews the literature on the fundamental metallurgy of HEAs, specifically the
CoCrFeMnNi and AlCoCrFeNi HEAs; metal AM techniques, specifically the features of LPBF;
the AM approaches to HEAs, specifically LPBF of CoCrFeNi based-HEAs; LPBF in-situ
alloying of HEAs; the ODS alloys produced via LPBF. Gaps in the literature are summarised

at the end of this chapter.
2.1 High Entropy Alloys

High entropy alloys (HEAS), as a new class of alloys, were firstly reported independently by
Yeh etal. [1] and Cantor et al. [2] in 2004. HEAs are also introduced as multi-principal element
alloys (MPEASs), multi-component alloys, or complex concentrated alloys [3]. One early
compositional definition of HEASs is “the alloys composed of five or more principal elements
with equiatomic compositions”. Moreover, single-phase solid solutions, like face-centred-cubic
(FCC), body-centred-cubic (BCC) or hexagonal-close-packed (HCP), can form with such
combinations instead of complex intermetallics, e.g.,, FCC CoCrFeMnNi HEA and BCC
VNbMoTaW HEA [4-6]. Figure 2.1 presents the representative crystalline structures of HEAS,
where the atoms of principal elements are randomly distributed. In the following studies of
HEAs, the compositional definition has been expanded to “the concentrations of principal
elements between 5 and 35 at. %”, and the expanded definition has been widely adopted in the

literature [6-11].
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Figure 2.1 Schematics of (a) BCC and (b) FCC crystalline solid solutions composed of
multi-principal elements [4].

N LN

ternary quaternary

B = known region

Figure 2.2 Schematics of ternary and quaternary phase diagrams showing the known
and unexplored regions [12].

Unlike most conventional alloy systems with single-principal elements, i.e., steels, Ti alloys,
and Ni alloys, which cluster at the corners of phase diagrams, the HEA concept allows
researchers to explore the vast compositions near the centres of phase diagrams, especially in

quaternary and higher-order systems, as shown in Figure 2.2. Moreover, the phase formation is



no longer restricted to single-phase solid solutions. HEAs with dual-phase solid solutions,
intermetallics, carbides/oxides, short-range ordering, etc., have been reported [13-20]. The
compositional flexibility of HEAS has raised novel possibilities of alloy development. By 2017,
a statistic has shown 408 HEAs been reported, and the number has been growing over the recent

years [5]. The frequency of elements in the reported HEAS is summarised in Figure 2.3.

348 341

301 301 274

[y
00
()}

121

101

& o AR - syl
"’Rf Db# Y /-/5 Mt Ds_gz 07"" '
“"“‘Iﬂl‘ﬁﬂﬂ“’ﬂﬂ‘ﬁ‘

B sy = S e e ) B e o e

Figure 2.3 The frequency of elements in HEAs (by 2017) [5].

2.1.1 Terminology

The formation of single-phase solid solutions with quasi-equiatomic compositions is a novel

feature of HEAs. Yeh et al. [1] attributed it to the high configurational entropy of mixing (ASmix)
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of high-order systems. The ideal ASmix of an equiatomic alloy composed of x elements is given

by:

AS,ix = Rlnx (2.1

where R is the Boltzmann’s constant, then the relative Gibbs free energy (AGnmix) of forming an

ideal solid solution is:

AGmix = AHmlx - TASmix = AHmix — TRlnx (22)

where AHmix is the enthalpy of mixing, and T is the temperature. For quaternary and quinary
systems, the ASmix are 1.39R and 1.61R, respectively. As the number of principal elements
increases, the entropic contribution (—7ASmix) to the free energy also increases. Consequently,
the formation of other intermetallics is suppressed at elevated temperatures, see Figure 2.4.
Therefore, the alloys with five or more principal elements were defined as high entropy alloys
at the beginning stage [1, 6, 21]. More recent studies have found that the solid solution phases
of many equiatomic HEAs were metastable at room temperature, e.g., some HEAs are initially
single-phase, but intermetallics can participate from the matrix after annealing [22-25]. Some
ternary and quaternary systems without equiatomic compositions can also form single-phase
solid solutions, which are not well explained by the high-entropy hypothesis [26-28]. The
efforts to understand and predict the phase formation of HEAs are still being carried out.
Nevertheless, the term “high entropy alloy” is catchy and has been widely accepted by

researchers.
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Figure 2.4 Schematic of an ideal single-phase solution of a ternary system, where the
free energy of forming a single solid solution (black) suppresses other intermetallics
(green, red and blue) [6].

2.1.2 CoCrFeMnNi HEA

Among the vast number of HEAs, the CoCrFeMnNi HEA, also known as the Cantor alloy, is
one of the most extensively studied HEAs by far. It is a notable HEA with a quinary equiatomic
composition that forms an FCC single-phase solid solution, whose lattice parameter is
~0.359 nm, see Figure 2.5. This alloy was initially discovered as an FCC single-phase
precipitation in a twenty-component alloy studied by Cantor et al. [3]. By far, a vast number of

alloys have been developed from the original Cantor alloy.
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Figure 2.5 A representative X-ray diffraction (XRD) spectrum of equiatomic
CoCrFeMnNi HEA [29].

2.1.2.1 FCC stability of CoCrFeMnNi variations

Though the initial composition of Cantor alloy was equiatomic, Brocq et al. [29-31] further
investigated the compositional tolerance of the CoCrFeMnNi system by modifying the content
of individual elements. The results showed that the modified alloys could maintain an FCC
single phase in wide compositional ranges (at.), i.e.,10-50% of Co, 0-25% of Cr, 0-50% of Fe,
0-50% of Mn and 10-100% of Ni. Quaternary alloys including CoFeMnNi, CoCrFeNi and
CoCrMnNi, ternary alloys including CoCrNi and FeNiCo; and pure Ni are contained in the

FCC single-phase space of the CoCrFeMnNi system.

Furthermore, the FCC single-phase space has been further expanded via adding equiatomic
elements, e.g., Cu, Nb; replacing elements, e.g., replacing Mn with Cu; adding non-equiatomic
elements, e.g., 2 at. % of Ti; replacing with non-equiatomic elements, e.g., replacing Mn with

11 at. % of Al [12].
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2.1.2.2 Microstructures of CoCrFeMnNi HEA

The CoCrFeMnNi HEA produced by casting possesses a dendritic structure as solidified, with
a typical <001> texture [2, 12]. Figure 2.6 presents a typical microstructure of the as-cast
CoCrFeMnNi HEA. Elemental segregations with minor compositional variations can be
observed in the dendrite spines and interdendritic areas due to the different melting points of
the composing elements. The dendrites are enriched in the elements with high melting points,
I.e., Co, Cr and Fe, while the interdendritic areas are enriched in the rest elements with low
melting points [29]. To achieve an atomic-level random solution, such segregations can be fully
homogenised after annealing at 1100 °C for 6 h and followed by rapid cooling. Brocq et al. [29]
measured the solidus and liquidus temperatures of the CoCrFeMnNi HEA by differential
scanning calorimetry (DSC), indicating a solidification range AT = 50 °C between its liquidus

temperature T) = 1340 °C and solidus temperature Ts = 1290 °C, see Figure 2.7(a).

Figure 2.6 SEM image with corresponding energy dispersive spectrometer (EDS)
mapping showing the dendritic Fe segregation (red) in casted CoCrFeMnNi HEA [12].
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Figure 2.7 (a) Schematic phase diagram at the solidification temperature [29] and (b)
hypothesised temperature-time-transformation (TTT) curves of CoCrFeMnNi HEA
[32].

By the calculation of phase diagrams (CALPHAD), the CoCrFeMnNi HEA is suggested to be
FCC-stable at temperatures above 1100 °C. Meanwhile, the alloy is also predicted to be multi-
phase at room temperature instead of the FCC single phase [30]. Cr-rich precipitates including
M23Cs carbide and topologically close-packed o phase have been observed at the grain
boundaries of casted CoCrFeMnNi HEA aged at 700 °C for 500 h [22]. Otto et al. [32] carried
out 500-day annealing at temperatures of 500, 700 and 900 °C and plotted the temperature-
time-transformation (TTT) curves based on their results, see Figure 2.7(b). Besides the ¢ phase,
Cr-rich BCC, MnNi-rich L1 and FeCo-rich B2 phases were observed in the sample annealed
at 500 °C. Although such secondary precipitates cannot form in as-cast CoCrFeMnNi HEAs,
decomposition could be promoted in the CoCrFeMnNi HEAs with nanocrystalline structures
[23]. Taken together, the CoCrFeMnNi HEA is thermal-dynamically stable at high
temperatures (> 800 °C), and the FCC single phase can be retained as a metastable state at room

temperature with regular cooling rates (e.g., arc melting, casting) [5, 6, 30].
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2.1.2.3 Mechanical properties of CoCrFeMnNi HEA

Otto et al. [33] investigated the tensile properties of the CoCrFeMnNi HEA with grain sizes of
4.4, 50 and 155 pum at different temperatures. The samples with 50 and 155-um grain sizes
performed similarly in the tests. Thus the representative tensile curves of the samples with 4.4
and 155-um grain sizes are provided in Figures 2.8(a) and (b), respectively. The yield strength
and ultimate tensile strength increased as the temperature (T) decreased from 800 to —196 °C
(1073 to 77 K). One exception was that the alloy with 4.4-um grain size showed no work
hardening at 800 °C [33]. It was noted that both the tensile strength and tensile elongation
improved dramatically with prolonged work hardening at the cryogenic temperature, reaching
~1 GPa and ~100%, respectively. The strength of the CoCrFeMnNi HEA with 4.4-um grain
size was overall improved compared with 155-um grain size, following the Hall-Petch

relationship, as shown below:
oyp=0y+kd "’ (2.3)

onp IS the Hall-Petch contribution to the yield strength, oo stands for the friction stress, k stands
for the Hall-Petch coefficient, and d denotes the grain size. The k and oo summarised by

Otto et al. are listed in

Table 2.1 [33]. A recent study also suggested a similar value of the Hall-Petch coefficient (490

MPa/um??) at room temperature, but a slightly higher value of friction stress (194 MPa) [34].

16



1200

1 (a) Grain size = 4.4 pm (b) Grain size = 155 pm
— 77K
< 1000
E 77K
2 800 -
2 673 K
=] 1 293 K
w
sy 600
8= 1
-
§ 400 X 310
& 873K 290-
M 200
270
] 1073
0 —T— 77— — T
0.0 0.2 0.4 0.6 0.8 1.0/0.0 0.2 0.4 0.6 0.8 1.0

Engineering strain (-)

Figure 2.8 Typical tensile curves of the homogeneous equiaxed CoCrFeMnNi HEASs with
grain sizes of (a) 4.4 pm and (b) 155 pm, measured at the temperatures from —196 to
800 °C (77 to 1073 K) [33].

Table 2.1 Values of friction stress ao and the Hall-Petch coefficient k in the Hall-Petch

relationship at different temperatures [33].

T (K) oo (MPa) k (MPa/pum'?)
77 310 538

293 125 494

473 83 425

673 57 436

873 43 421

1073 69 127

The dislocation accumulation during deformation has been further analysed by transmission
electron microscopy (TEM). At the early stage of plastic deformation, the planar glide of

1/2<110> dislocations on (111) planes occurs exclusively. Then the dislocations split into
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1/6<112> Shockley partials with stacking faults and finally pile up, forming cell structures at
high strain [33]. The multiplication and interaction of dislocations lead to the Taylor work

hardening during deformation, which can be expressed as follows [35]:

04is=0MGD,/ pais (2.4)

where ogis denotes the Taylor work hardening induced via dislocations, « is a constant, M is the
Taylor factor, G is the shear modulus, b is the Burgers vector, and pdis is the density of
dislocation. In addition, nano-twinning was observed in the CoCrFeMnNi HEAs deformed at
room temperature or above. However, it was initiated close to the necking and rarely

contributed to work hardening [33].

Regarding the deformation at the cryogenic temperature, the strength and ductility are
significantly improved due to the intensive nano-twinning initiated at the early stage of
deformation, which introduces an additional deformation mechanism, namely the twinning-
induced plasticity (TWIP) [36]. Compared with other FCC alloys, the twinning ability of the
CoCrFeMnNi HEA is improved significantly due to the reduction of stacking fault energy (SFE)
at the cryogenic temperature, which lowers the critical stress required by the formation of
twinning [12, 37-39]. Consequently, the alloy is strengthened by the increased grain boundaries
due to the dynamic Hall-Petch effect. In general, the CoCrFeMnNi HEA possesses outstanding
mechanical properties at the cryogenic temperature [33, 36]. Moreover, a reduction variation of
the CoCrFeMnNi HEA, the CrCoNi medium entropy alloy (MEA), was reported as one of the

toughest materials (270 MPa-m'/?), as shown in Figure 2.9 [40].
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Figure 2.9 Ashby map showing the fracture toughness and yield strength of different
materials, indicating the CrCoNi medium entropy alloy (MEA) as one of the toughest

materials [40].

In conclusion, the deformation mechanisms of CoCrFeMnNi HEA share similarities with pure
FCC metals. But the strength and work hardening rate are improved due to the local lattice
distortions in the HEA matrix [12]. However, at the cryogenic temperature, its mechanical
properties are distinct from pure FCC metals and can be comparable to some best cryogenic
alloys [36]. More importantly, different mechanisms could be tuned to develop new alloys
based on the vast compositional space of the HEA system [37, 41, 42]. For example, an oxide-
dispersion-strengthened (ODS) CoCrFeMnNi HEA was fabricated via mechanical alloying,
and its strength was improved by 30% and 70%, respectively, at room temperature and 800 °C,

showing effective dispersion strengthening [43].
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2.1.3 AlxCoCrFeNi HEA system

By replacing the Mn in the CoCrFeMnNi HEA with Al, and further varying the content of Al
from 0 to equiatomic or more, the AlxCoCrFeNi HEA system can transform from FCC single-
phase to FCC + BCC dual-phase, and finally, BCC single-phase, as shown in Figure 2.10(a)
[17, 44-46]. The BCC transformation starts from x = 0.3 and the full BCC transformation can
be realised at x = 0.85 in the AlxCoCrFeNi HEAs fabricated via directed laser deposition (DLD)
[44]. The lattice parameter changes from 0.359 nm of the FCC phase to 0.288 nm of the BCC
phase [45]. The FCC-to-BCC transformation is attributed to the lattice distortion induced by Al.
Since Al has a significantly larger atomic size than the rest elements, the alloy tends to form a
BCC phase with a relatively low atomic-packing efficiency instead of a close-packed FCC
structure as the Al content increases [17]. It is also observed that an ordered B2 phase enriched
in Al-Ni coexists with the disordered BCC matrix [47]. Furthermore, the formation of BCC and
B2 phases favours cooling conditions such as water quenching and air cooling, while FCC and
o phases can precipitate in the BCC matrix at a low cooling rate (1 K/s), as shown in Figure
2.10(b) [48]. In general, for the CoCrFeMnNi and AlCoCrFeNi HEAS, the equiatomic FCC and
BCC phases are meta-stable at room temperature. However, the formation of single-phase solid

solutions is still expected at the high cooling rates of AM techniques.
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Figure 2.10 (a) XRD spectra of arc melted AlxCoCrFeNi HEAs with x (H) varies from 0
to 2, and (b) continuous cooling transformation (CCT) diagram of arc melted
AlossCoCrFeNi HEA [45, 48].

Along with the phase transformation, the mechanical properties of the AlxCoCrFeNi HEAs also
change dramatically. Microhardness increases gradually from 113 to 517 HV as the phase
transforms from FCC to BCC, see Figure 2.11(a) [47]. In tensile testing, as shown in Figure
2.11(b), the FCC-dominated Alo3CoCrFeNi HEA shows a yield strength of 210 MPa and
outstanding ductility with a fracture elongation of 97%. With increasing Al content, the content
of the BCC phase (36%) in the Alo7CoCrFeNi HEA increases and the yield strength improves
to 600 MPa, but the fracture elongation decreases to 8%, indicating poor ductility [46]. In
general, the AlxCoCrFeNi HEA system transforms from ductile to brittle as the dominant phase

in the matrix changes from FCC to BCC.
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Figure 2.11 (a) Microhardness and (b) tensile curves of arc-melted AlxCoCrFeNi HEAS
[46, 47].

2.2 Additive Manufacturing of Metallic Materials

2.2.1 General introduction

Additive manufacturing (AM), also referred to as 3D printing, is a collective name to describe
the techniques that produce 3D components from computer-aided design (CAD) models by
progressively adding materials. Without the limits of machining capabilities and requirements
of moulds, AM techniques provide advantages of rapid prototyping, customisation, and
structural optimisation [49-51]. Powder bed fusion (PBF) and directed energy deposition (DED)
are the two mainstream categories of AM techniques for metallic materials, and the techniques
can be further classified regarding the heat sources employed by the processes, e.g., laser,
electron beam, and plasma arc [49]. The laser-based PBF technique is also known as laser
powder bed fusion (LPBF), or selective laser melting (SLM). Meanwhile, the laser-based DED
technique is also referred to as DED-L or directed laser deposition (DLD) [52]. Figure 2.12
provides the illustrations of LPBF and DLD processes that employ powders as feedstock. The
main distinction shown in the illustrations is the manner of powder delivery: LPBF creates a

whole powder bed for layer-by-layer scanning (Figure 2.12(a)), whilst DLD delivers powder
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by nozzles to the meltpool for deposition (Figure 2.12(b)). Since multiple nozzles can be
equipped by DLD devices to deliver different powders simultaneously, DLD has more
compositional flexibility compared with the powder bed used by LPBF, even though some
approaches have been carried out to create multi-material powder beds [52-54]. However, the
laser spot size used by LPBF (10s um) is much finer than DLD (10 um). Hence, delicate
meltpools can be produced by LPBF to fabricate complex parts with relatively high forming

accuracy [50].
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Figure 2.12 Schematic illustrating the (a) laser powder bed fusion (LPBF) and (b)
directed laser deposition (DLD) processes [52].

2.2.2 Laser powder bed fusion

In the LPBF process, the powder bed is scanned to form meltpools of 10%s-um sizes; the
single-track meltpools solidify track-by-track (1D), and then layer-by-layer (2D) to form 3D
objects. Complicate thermal cycles are experienced by the materials involved in the process.

This section provides the physical aspects of LPBF and correlated phenomena.
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2.2.2.1 Laser absorption and meltpool mode

In most modern LPBF facilities, the laser power sources are Nb: YAG or Yb-fibre lasers with
wavelengths of ~1 um [55, 56]. The laser absorption of powder layers is affected by the material,
powder morphology, layer thickness, laser beam size, etc. [49]. However, during the actual
LPBF processes, the powder layer is immediately melted by the laser beam, and materials
mainly interact with the laser in the form of liquid [57]. Therefore, the meltpool structure

becomes the critical factor in the laser absorption of LPBF.

Figure 2.13 Schematic illustrating the meltpool structures of (a) conduction mode, (b, c)

transition mode, and then (d) keyhole mode. Red arrows imply the laser path [58].
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Figure 2.14 Absorptivity of 316L steel with/without a 100-um powder layer at the laser
scanning speed of 1500 mm/s [59].

Figure 2.13 illustrates the development of meltpool structures in LPBF processes, together with
the measured laser absorptivity results shown in Figure 2.14. The results from Figures 2.13 &

14 show the following characteristics for trends in absorptivity [58, 59]:

o Before melting, the powder bed used in LPBF possesses a higher laser absorptivity
than bare metal substrates because of the multiple reflections in the gaps between
the powders [55].

o The absorptivity decreases significantly as the powder bed melts and forms a flat
liquid surface, resulting in a conduction meltpool, see Figure 2.13(a).

o Because the liquid vaporises at the meltpool surface when the laser power increases
(Figure 2.13(b)), the recoil pressure depresses the flat meltpool surface.
Consequently, the laser beam starts to reflect between the liquid surfaces, resulting

in higher laser absorptivity (Figure 2.13(c)).
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o Once a deep keyhole forms owing to the recoil pressure, the laser beam is trapped
inside, and the absorptivity stabilises within a steady range, as shown in Figure

2.13(d).

Ye et al. [56] further investigated the scaling law of laser absorption of different materials,
including Inconel 625 superalloy, Ti-64 alloy and 316L steel. The results showed that the
absorptivity of different materials is ~0.3 in the conduction mode, while the steady absorptivity

of keyhole meltpools was in a range between 0.6 and 0.8.

2.2.2.2 Thermal history and solidification

The actual thermal field inside an LPBF meltpool is hard to measure due to the rapid movement
of heat sources and the resolution of available techniques [49, 60]. Most thermal profiles of
LPBF meltpool are acquired by modelling and simulation. Due to the rapid scanning of laser,
the cooling rate of LPBF can reach 10°-10° K/s [60-63], which is two orders of magnitude
higher than the 10°-10* K/s of DLD [64, 65] or the 10-10? K/s of casting [66]. Figure 2.15
shows the simulated thermal field of an LPBFed 316L meltpool in the conduction mode. The
shape of LPBFed meltpools is similar to welding meltpools but with relatively small dimensions.
In actual processes, the centre temperature can exceed the boiling point of the material in

meltpools, resulting in radical thermal gradients and cooling rates.
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Figure 2.15 (a) Side view and (b) front view of a simulated thermal field during the
LPBF process of 316L steel. Dash lines and solid lines indicate two consecutive
meltpools, while inner and outer lines denote the solidus and liquidus temperatures;
black arrows show the local thermal gradient [63].

The solidification in LPBFed meltpools is also similar to that in welding meltpools. Because
LPBFed meltpools are normally scanned on previous layers of the same material, epitaxial
growth is preferred owing to its low energy barrier. During solidification, the atoms in the liquid
attach to the liquid/solid interface at the meltpool boundaries and form sub-structures. Figure
2.16 illustrates the sub-structures formed with different thermal gradients (G) and growth rates
(R). The growth mode can be maintained as planar when constitutional supercooling is avoided,

which is determined by the following relationship [67]:

—>— (2.5)

where AT is the solidification range, and D is the diffusion coefficient in the liquid. If the
thermal gradient decreases while the growth rate increases, constitutional supercooling occurs,
and the planar growth changes to the cellular mode, columnar dendritic mode, or ultimately
equiaxed dendritic mode. Mixed sub-structures may co-exist in a welding meltpool because of
the spatial distribution of the thermal gradient [67]. These sub-structures become finer as the
cooling rate (G x<R) increases. With rapid cooling during LPBF processes, the grain growth is
often observed to be fine cellular structures with sizes of ~1 pum [63, 68]. Although
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columnar/equiaxed dendritic structures may occur near the surface of the welding meltpools,
only the sub-structures near the bottom of the LPBFed meltpools can be reserved in the final
parts because of the occasional layer-by-layer remelting. At the same time, the growth mode
may also vary with the composition of materials: The cellular-to-dendritic transition was
observed in LPBFed maraging steel parts with increasing SiC content [69]; While an equiaxed-
columnar bimodal grain structure was observed in an Al-Mn-Sc alloy whose composition was

tuned for LPBF processing [70].

G/R determines morphology
of solidification structure

GxR determines size of

solidification structure

Temperature gradient, G

Growth rate, R

Figure 2.16 Plot showing the microstructural dependence on the thermal/temperature
gradient (G) and growth rate (R). The crystal growth mode changes from planar to
cellular, then columnar, and finally equiaxed dendritic as G/R decreases, while the

resulting structures become finer at higher cooling rates (G %R) [67].

The rapid heating and cooling process of the first laser scanning is one significant stage in the
thermal history of LPBF processes. After the first scanning, as-solidified tracks will experience
the heat input from other tracks in the same layer, then the laser scanning in the following layers

[71, 72]. As shown in Figure 2.17, the temperature of the printed material can exceed its melting
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point twice or more during the LPBF process, indicating that as-solidified parts will be partially
or fully melted more than once in the whole process. In addition, the heat accumulation in the
process also increases the temperature near the bottom and substrate. In prolonged building, the
different thermal histories of layers could result in spatial-dependent microstructures, e.g.,
different grain and cell sizes [73, 74]. Moreover, the local thermal history is also affected by

the scanning strategy and part geometry [75].
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Figure 2.17 Simulated thermal history at the centre of the first layer during the LPBF
process of Al alloy, showing the temperature of the as-built part could exceed its melting
point once again during the process. [62].

2.2.2.3 Meltpool flows

Similar to the thermal field, modelling methods also play an essential role in understanding the
fluid motion inside LPBFed meltpools [49]. Meanwhile, in-situ methods have been employed
to monitor the contours and spatters of meltpools [76-78]. The internal flow affects the heat and
mass transfer in LPBF meltpools, as well as the defect formation and spatters. Firstly, due to
the thermal gradient, the local surface tension gradient drives the liquid from the area with low

surface tension to the area with high surface tension, and creates the Marangoni flow, as shown
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in Figure 2.18 [79]. The Marangoni effect has been considered as the main driving force in

conduction meltpools, and its flow speed ranges from 10 to 10> mm/s [57, 79-81].

y 3
Outward flow
Wider and shallower melt-pool
d T : :
ay <0 y: surface tension
dT (a) T: temperature
vl Inward flow

-\

Nauowu and deeper melt-pool

dy
—>0
daT (b)

Figure 2.18 Front-view schematics illustrating the Marangoni flow in the meltpools of
liquid with (a) negative (dy/dT < 0) and (b) positive (dy/dT > 0) surface tension gradients
[79].

In the keyhole mode, the liquid metal vaporises at the meltpool surface and results in a recoil
pressure that depresses the liquid (~10° mm/s) away from the laser spot, as shown in Figure
2.19. The recoil pressure (10°-10° Pa) acting on the keyhole wall is around two orders of
magnitude higher than the Marangoni force (10°-10* Pa) [80]. Consequently, the internal flow
is dominated by the recoil pressure in keyhole meltpools, coupled with the Marangoni flow at
the rear meltpool and other minor driven forces [57, 80]. As the meltpool moves forward, the
liquid pressed away from the keyhole turns back to the keyhole at its rear wall. Figure 2.19(a)
illustrates scenarios where the liquid at the keyhole rear wall reaches close to the front wall with
a low scanning speed. Thus, an unstable chamber occurs at the bottom of the meltpool, and its

collapse could result in keyhole porosity during solidification. However, such porosity can be
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avoided by improving the scanning speed to maintain a relatively stable spacing between the
front and back walls, like the scenario shown in Figure 2.19(c). Recent in-situ monitoring
studies observed stable keyhole meltpools and suggested that the keyhole porosity was evitable

in keyhole meltpools [80, 82].

Case 1l Case 2 Case 3
(P=416 W,V =300 mm/s) (P=416 W,V =400mm/s) (P=416 W,V =800 mm/s)

am/s ﬂ (a)-(c)

0.4 m/s for (d)(f)

100 um
— T(K) 1700 2100 2500 2900 3300 3700 4100

Figure 2.19 (a)-(c) Side-views and (d)-(f) top-views of thermal fields and fluid motions in
LPBFed meltpools with different laser parameters [80].

2.2.2.4 Track-based structure and printability

As shown in Figure 2.20(a), single tracks are the fundamental units of LPBFed parts. The width
and depth of a single track are mainly determined by laser power (P) and scanning speed (v).
These two parameters can be integrated as the linear energy density (LED) to describe the

energy input during the single-track scanning [83], as given below:
LED = P 2.5
v ( . )

The LED only determines the size of single tracks. Layer thickness (t) and hatch spacing (h)

further determine the vertical and horizontal spacing between tracks, i.e., the spatial density of
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tracks. Therefore, the volumetric energy density (VED) is introduced to describe the overall
energy input to the LPBFed parts composed of multiple tracks [49], as given below:

P
VED = — 2.6
vht (26)

The LED and VED have been extensively employed by researchers to summarise the parameter-
microstructure correlations, especially the densification of as-built samples [10, 81, 84, 85].
Regarding the densification of LPBF parts, it is essential to obtain adequate meltpools to fully
melt the raw powder layers. Meanwhile, the hatch spacing between meltpools needs to be
modified to ensure enough overlapping. In other words, a minimum energy density is always
required to achieve good densification. Figure 2.20(b) shows the meltpool distribution in a well-

densified LPBFed sample.
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Figure 2.20 (a) Schematic illustrating the tracks-to-bulk process of LPBF. (b) Typical
meltpool distribution in an as-built part (Al alloy) [86, 87].
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Finite Element Experiments
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Figure 2.21 Predicted processing maps using different modelling methods (Finite
Element and Eagar-Tsar) and experimental results, with corresponding cross-sections of
single tracks (CoCrFeMnNi HEA) representing: (1) good printability, (2) keyhole, (3)
balling, and (4) lack of fusion [88]

Based on single-track morphology, many approaches have been carried out to predict the
processing window of materials, i.e., the processing parameters of well-densified samples [88-
93]. A principle of such methods is to acquire the processing parameters of meltpools with
sufficient dimensions but without keyhole formation, either through modelling or experimental
measurement. Johnson et al. [88] employed a Finite Element (FE) model and the Eagar-Tsai
model [94] to predict the printability of Ni-5wt.%Nb alloy and CoCrFeMnNi HEA. The
processing widows predicted by the FE model were in agreement with the experimental results
in their study, as shown in Figure 2.21. Tang et al. [89] predicted the formation of lack-of-fusion
porosity via simulating meltpool dimensions based on the Rosenthal equation, and revealed

close correspondences between their predicted processing maps and experimental data [95].
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Nevertheless, it should be noted that the Eagar-Tsai model employed via Johnson et al. is also

a derivation from the Rosenthal equation, but with a modified Gaussian heat source [94, 95].

Furthermore, the Rosenthal equation provides a convenient approach to the estimation of

thermal fields in welding processes, but keyhole formation is neglected. Thereby, several

bulletins can be raised from current single-track studies:

Assessing LPBF printability through single tracks has shown the potential for
shortening the processing development and predicting possible defects in as-built
LPBF parts. Moreover, modelling methods can be advanced by comprehensive
thermal-physical understanding and advanced computational resources [53, 84, 96].
The applicability of modelling methods in the literature was limited by specific
scenarios. Predicted meltpool dimensions could deviate from actual values when
different materials and parameter ranges were engaged [92, 97, 98].

The conduction-keyhole threshold was hard to determine by modelling methods,
especially considering a wide transition range could exist between the two modes
[99-101].

Single-track experiments were mostly carried out on bare substrates or substrates
coated with the initial powder layer, which differed from the powder layer coated

on as-built surfaces during actual processes [90-92, 102, 103].

In addition, although single-track experiments were carried out to understand the grain

development and surface morphology of LPBFed parts [104, 105], the elemental distribution in

single-track meltpools has rarely been revealed and correlated to the overall homogenisation in

bulk samples.
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2.2.2.5 Residual stress and cracking
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Figure 2.22 Schematic illustrating the thermal gradient and constrained contraction

mechanisms of residual stress in as-built LPBFed parts [106].

Due to the delicate laser spots used by LPBF, the residual stress tends to accumulate to a high
level (10>-10% MPa) and could result in cracking during LPBF processes [107]. Figure 2.22
illustrates the origins of residual stress: (a) The solidification of meltpools leads to local
expansion and contraction; (b) Fast heating and cooling cycles lead to a steep thermal gradient
near the upper part, resulting in mismatched contraction [108]. Besides the local thermal factors,
the incompatible thermal strain of heterogeneous microstructures could also accumulate

residual stress during LPBF processes [49].

Cracking is hence a major category of defects in LPBFed parts due to the inevitable residual
stress. The cracking behaviours in LPBFed parts can be categorised into three types [49, 54]:
(a) Solidification cracking, namely hot cracking, initiated at the grain boundaries due to the
shrinkage of previously solidified parts and inadequate liquid at the final stage of solidification;

(b) Liquation cracking initiated at the mushy zones, because low-melting-point phases are
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affected by subsequent heat input; (c) Cold cracking (delamination) formed due to the
accumulated residual stress, which leads to the failure of solidified materials, especially brittle
materials. Severe cracking could lead to macro cracking between layers, which is fatal to the
formability of LPBFed parts. Regarding the LPBF printability, it is essential to employ proper
scanning strategies and pre-heating. Thereby, the accumulation of residual stress can be

partially restrained [107-109].

2.3 LPBF of CoCrFeNi-Based High Entropy Alloys

2.3.1 LPBF of FCC CoCrFeMnNi HEA

The fabrication of HEAs via LPBF was firstly reported by Brif et al. in 2014 [9]. A pre-alloyed,
gas-atomised CoCrFeNi HEA powder was employed to fabricate cuboid and tensile samples
via LPBF. The as-built CoCrFeNi samples were well densified and possessed an FCC single
phase with good chemical homogeneity (Figure 2.23), implying the good LPBF printability of
the CoCrFeNi HEA powder. Furthermore, the study also showed that the tensile strength and
microhardness of the as-built HEA were significantly improved compared with the CoCrFeNi
HEA fabricated via arc melting. Brif et al. attributed the reinforcement of mechanical properties

to the refined grain structure resulting from LPBF.
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Figure 2.23 SEM image and EDS mapping results of LPBFed CoCrFeNi HEA [9].

After the early approach to the quaternary CoCrFeNi HEA from Birf et al., more studies on the
printability of quinary CoCrFeMnNi HEA have been conducted. Li et al. [10] correlated the
densification of as-built HEASs to the VED, and the highest relative density, 98.2%, was obtained
at the VED of 74 JJmm?3. As shown in Figure 2.24, the results also suggested that bulk
CoCrFeMnNi HEA was printable in a wide VED range. Moreover, well-densified, crack-free
CoCrFeMnNi HEAs have been provided using pre-alloyed powders by worldwide researchers
[10, 110-113]. Relative details are summarised in Table 2.2. Although the VED range for the
highest relative density is close to 80 J/mm?3, the other specific laser parameters, however,
distribute in broad ranges. Furthermore, the raw CoCrFeMnNi powders were from different
suppliers and processed by different LPBF facilities. It can be concluded that the CoCrFeMnNi
HEA possesses good LPBF printability. A wide processing window also implies that the

microstructural tailoring of as-built parts could be reached by parametrical study.
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Figure 2.24 Density of LPBFed CoCrFeMnNi HEA verse volumetric energy density,

with embedded images of porosity [10].

Table 2.2 Processing parameters of CoCrFeMnNi HEAs fabricated via LPBF using pre-

alloyed powders.

Relative

Refo | Machine | deR immy | iy | W) | (o) | Gy | )
Li [10] I:Fél;s,?olo'\r/ll 98.2 74 020 | 400 | 2000 | 90 | 30
Zhu [110] 33 cfggg“ 99.2 60 012 | 240 | 2000 | 50 | 40
Pi[?L'lii;‘e R'grll/ifzh!sa(‘)"’ 99.3 NA | 027 | 200 | ~750 | 125 | N/A
Kim [112] Lié’e”rﬁﬁf;b N/A 75 015 | 90 | 600 | 80 | 25
Ren [113] 5(2350 99.5 78 025 | 370 | 1500 | 80 | 40
Xu [114] ;'Sr[‘)b_ir(‘)% N/A 100 03 | 150 | 500 | 50 | 60
‘[’\ﬁg? BLT-S200 | N/A 89 032 | 280 | 870 | 90 | 40
z[ﬁg]g nased | A 89 | 013 | 160 | 1200 | 50 | 30
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2.3.1.1 Defects in LPBFed CoCrFeMnNi HEASs

Cracking and porosity are the two main defect categories to focus on when assessing the
printability of materials. Although micro-cracks (Figure 2.25) were recognised in some LPBFed
CoCrFeMnNi HEAs [10, 116, 117], their effects on the densification were relatively minor and
could be eliminated by hot isostatic pressing (HIP) [118]. Inevitable cracking that led to the
failure during LPBF processes was barely reported in the literature. Zhang et al. [116]
specifically investigated the relations between micro-cracks and scanning strategies. The results
suggested that the cracking tendency in LPBFed CoCrFeMnNi HEAs could be effectively
inhibited via modifying the rotation angle between layers. Because CoCrFeMnNi HEASs can be
processed in a wide processing window, the porosity, including lack-of-fusion pores and
keyhole pores, was extensively observed in as-built samples. At the low VED, the overlaps
between adjacent tracks and layers are insufficient to fulfil the gaps, resulting in lack-of-fusion
pores after solidification, as shown in Figure 2.24. The size of such lack-of-fusion pores can be
10s um or larger, whilst unmelted or partially melted powder often occurs inside such pores.
Lack-of-fusion pores can be eliminated by enlarging meltpools or narrowing the spacing

between tracks or layers [57].
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Microcracks

Figure 2.25 SEM image showing micro-cracks in as-built CoCrFeMnNi HEA [117].

The LPBF approaches also showed that the densification of LPBFed CoCrFeMnNi HEA
reached the maximum in a VED range close to 80 JJmm®. Then the relative density of as-built
samples stopped increasing or slightly dropped when the VED exceeded the range [10, 13, 110],
because keyhole porosity became the main defect inside the as-built samples built with the
excessive energy input. As the energy input increases, the molten material starts to vaporise and
create gas pores. Such gas pores could be trapped in the meltpools during solidification, as
illustrated by Guo et al. [119] in Figure 2.26. To eliminate the keyhole porosity, the laser power
and scanning speed should be tuned to form sufficient but stable meltpools. The available
energy density reported in the literature indicates that the available processing window of

CoCrFeMnNi HEA is adequate to avoid both lack-of-fusion and keyhole porosity.

There is also another type of gas porosity that exists in LPBFed components [120]. Gas can be
trapped inside raw powders or dissolved into the materials during gas-atomisation processes.
The trapped gas can be released into the atmosphere during LPBF processes, but some gas gets
trapped as bubbles after solidification and leaves gas porosity. The content of such gas pores is

often minor and depends on the quality of raw powders.
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Figure 2.26 Schematics illustrating the formation of keyhole pores in a meltpool (Inconel
738) [119]. (a) The recoil pressure form at the meltpool surface (b) and creates a deep
keyhole. (c) The internal cavity of the keyhole meltpool is unstable and leaves (d) a

keyhole pore after solidification.

2.3.1.2 Grain structures in LPBFed CoCrFeMnNi HEAs

The literature on LPBFed CoCrFeMnNi HEAs agreed that the grain growth possessed a strong
<001> preference along the thermal gradient during solidification, coinciding with the preferred

growth direction of FCC alloys [121]. During the continuous growth of cubic crystals, the atoms
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in the liquid tend to attach to the planes with low planar density and high interplanar spacing,
I.e., the growth of (001) planes in the <001> orientation [122]. Hence, the <001> orientation
possesses the highest growth rate compared with other orientations and dominates the building
direction (horizontal plane) in many reports [10, 110, 111, 123]. An aggregation of <101>
orientations (Figure 2.27 (a)) was also observed in the horizontal plane of the CoCrFeMnNi
HEA fabricated via Kim etal. [112]. On the other hand, in vertical planes parallel to the building
direction, the dominant orientation varied with the different scanning strategies and processing

parameters.

IPF // BD

001

Figure 2.27 Inverse pole figure (IPF) mapping results of (a) the horizontal plane (TD-
SD), and (b) (c) vertical planes (BD-TD/SD) of LPBFed CoCrFeMnNi HEA [112].

The grain sizes of LPBFed CoCrFeMnNi HEAs also vary with processing parameters: Kim et

al. [112] reported an average grain size of 5.98 pum in the horizontal plane, while 15.66 and
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12.93 pum in the vertical planes, as shown in Figure 2.27; Zhu et al. [110] reported a similar
average gain size of 12.9 um in the vertical plane; Niu et al. [120] provided samples with
average grain sizes from 18.8 to 44.6 pm in vertical planes with VED from 59.3 to 185.2 J/mm?.
In general, the average grain size of LPBFed CoCrFeMnNi HEA is ~10s um, while the grain
sizes in the vertical planes are overall coarser than horizontal planes due to the large columnar
grains growing along the building direction. Grain sizes around 1 pm were reported by Xu et al.
[114] and Li et al. [10]. However, according to the electron back-scattered diffraction (EBSD)
results in their reports, the values should be the sizes of cellular sub-structures instead of grain

sizes.

Figure 2.28 (a) SEM and (b) IPF mapping results showing the fine cellular structures
and grain growth in a LPBFed CoCrFeMnNi single track. SEM results of (c) fine
structures near the meltpool boundary and coarse structures near the meltpool centre
[111].

Further investigation of the microstructural development showed that the fine cellular structures

formed owing to rapid cooling were dominant in the as-built CoCrFeMnNi HEAs from multiple
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reports. By characterising single tracks, Piglione et al. [111] revealed that the grain growth of
CoCrFeMnNi HEAs consisted of fine cellular structures that grow epitaxially from the meltpool
boundaries toward the centre surface, see Figure 2.28. At the beginning of epitaxial growth, the
cellular structures with <001> orientations aligned closer to the direction of the heat gradient
overgrew the others, and therefore, the <001> orientations tended to converge at the surface
centre of the meltpools. Such growth preference was further confirmed in their following study
on bulk building [63]. Kim et al. [112] used electron channelling contrast imaging (ECCI) to
characterise the cellular structures and revealed that abundant dislocation networks were stored
in their boundaries, see Figure 2.29. Zhu et al. [110] employed scanning transmission electron
microscopy (STEM) to characterise the dislocation networks, and the corresponding EDS
results suggested homogeneous elemental distribution, as given in Figure 2.30. Similar cellular
structures were also found in the 316L steel fabricated by LPBF, and its formation was
attributed to the ultrahigh cooling rate during the LPBF process and the slight misalignment
between adjacent cells [124]. The size of cellular structures varied with processing parameters,
and the average cell size was between 0.3 and 0.6 um in the reports on LPBFed CoCrFeMnNi
HEASs [110-112]. Such cellular structures were found to be thermodynamically metastable and

could be eliminated after heat treatment [10, 110].
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Figure 2.29 ECCI images of (a) cellular and (b) columnar structures (side view of cells)
consisting of dislocation networks in LPBFed CoCrFeMnNi HEA [112].

Figure 2.30 (a) Bright-field STEM image of the cellular structures and (b)

corresponding EDS mapping results showing homogeneous elemental distribution in
LPBFed CoCrFeMnNi HEA [110].

In general, LPBFed CoCrFeMnNi HEAS possess hierarchical microstructures, including grains,
meltpools and cellular structures. It is noted that grains can grow epitaxially between adjacent
meltpools, e.g., in Figures 2.27(b) and (c), the columnar grains are much larger than the layer
thickness (25 um) in the building direction. Microstructural anisotropy is significant in the
LPBFed HEAs, especially between building and transverse directions. The variant grain

structures reported from different studies also suggest the potential for processing optimisation.

45



2.3.1.3 Phase formation and elemental distribution

The X-ray diffraction (XRD) results in different studies have agreed that the LPBFed
CoCrFeMnNi HEAs possess an FCC single-phase matrix in the as-built state, while secondary
phases have not been recognised by XRD. The peaks in XRD spectra tend to shift to high
degrees with improving energy input, indicating a reduction of the lattice parameter, as shown
in Figure 2.31. Li et al. [10] suggested that the reduction was due to the burning loss of Mn.
Because Mn possesses the lowest boiling point and vaporisation heat, meanwhile, the highest
vapour pressure of the five composing elements, the vaporisation of Mn is thus
thermodynamically favoured compared with the rest elements at high temperatures. Moreover,
Mn also possesses a relatively large atomic size. Consequently, the burning loss of Mn results
in reduced lattice parameters. Besides the lattice parameter, Kim et al. [112] claimed that the
broadened full-width at half-maximum (FWHM) in their XRD results indicated that more
lattice distortions and defects were stored in the LPBFed CoCrFeMnNi HEA than casted ones,

which was corresponding to the abundant dislocation networks.
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Figure 2.31 XRD spectra of (a) pre-alloyed CoCrFeMnNi powder and LPBFed samples,
and (b) individual comparison of the peak (111). (c) Corresponding lattice parameters
calculated from the XRD spectra [10].

EDS showed the elemental distribution in as-built CoCrFeMnNi HEAs was overall
homogeneous, indicating the rapid solidification could restrain the elemental segregation [110-
112, 114]. Slight Mn segregations at the meltpool boundaries were observed by Li et al. [10]
using an electron probe micro analyser (EPMA). Such segregations could be homogenised by
HIP treatment. Moreover, the meltpool and cellular structures were also neutralised by the HIP

treatment as well, which led to coarsened microstructures.
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Figure 2.32 (a) STEM image of Mn20s particle in LPBFed CoCrFeMnNi HEA and
corresponding EDS mapping results [112]. (b) Bright-field TEM image of precipitation
and (c) correlated SAED pattern in LPBFed CoCrFeMnNi HEA [10].

Secondary phases, including Cr-rich o phase and Mn20Os, have been found in LPBFed
CoCrFeMnNi HEAs via TEM, see Figure 2.32 [10, 112]. The particle sizes of the secondary
phases were below 100 nm, and their contents were too low to be distinguished by the resolution
of regular XRD. The formation of the o phase was due to the metastable nature of the
CoCrFeMnNi matrix. The prolonged heat input during LPBF processes and abundant

dislocation stored in the matrix can lead to the precipitation of the ¢ phase. On the other hand,
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the formation of the Mn.Oz particles has not been investigated by the literature. In-situ

oxidation during the process or inheritance from the raw powder could be possible sources.

2.3.1.4 Mechanical properties

Table 2.3 Comparison of mechanical properties of LPBFed CoCrFeMnNi HEAS at room

temperature.
Refs Hardness (HV) | oy (MPa) outs (MPa) &f (%)
Rolling [33] N/A 365 650 60
Casting [110, 125] 176 205 5 493 2 5543
DLD [126] ~200 246 566 ~27
Li [10] N/A 519 601 35
Zhu [110, 117] ~200 510 =10 609 =10 34 £3
Zhang [116] N/A ~550 ~650 ~23
Wang [115] N/A 583 +11 680 +13 23.8+1.4
Piglione [111] 212 N/A N/A N/A
Kim [127] N/A 774.8 923.3 30.8

The mechanical properties of LPBFed CoCrFeMnNi HEAs were significantly affected by the
rapid solidification of LPBF processes. Microhardness and tensile properties were the main

mechanical assessments in the literature.

As given in Table 2.3, the LPBFed CoCrFeMnNi HEAS possess improved microhardness and
tensile strength, but compromised tensile ductility compared with the casted and DLDed HEAs.

Such strength-ductility trade-off was recognised in other LPBFed alloys like 316L steel due to
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the high dislocation density and defects formed during LPBF processes [49]. Compression
properties were investigated by a few studies [112, 120]. A significant tensile-compression
asymmetry of ductility was recognised in LPBFed CoCrFeMnNi HEAs, because the LPBFed
defects were less sensitive during the compressive deformation. Therefore, the failure in
compression tests occurred at a much higher strain (77.6%) than in tensile tests. Moreover, the
ultimate strength also increased to 2448 MPa due to the prolonged work hardening during

tensile deformation [120].

Figure 2.33 (a) IPF mapping, (b) KAM mapping and (c, d) Bright-field STEM results of
a deformed CoCrFeMnNi sample. Black arrows show the deformation twinning [110].

Despite the Hall-Petch relation contributed by grain boundaries [33], dislocation strengthening
has been considered a primary strengthening mechanism in LPBFed CoCrFeMnNi HEAs [110,

112]. During the deformation, dislocations are trapped by the pre-existing dislocation networks,
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and their motions are further hindered [124]. Figure 2.33 shows the sophisticated dislocation
configuration after the tensile fracture. Limited deformation twinning was observed by Li et al.

[10] and Zhu et al. [110] in their tensile-deformed specimens (Figure 2.33(a)).

Kim et al. [112, 127] systematically investigated the mechanical properties of the LPBFed
CoCrFeMnNi HEA, and further suggested that the Orowan strengthening could be an essential
strengthening mechanism because nano-size Mn oxides were observed in their approach
(Figure 2.32(a)). The tensile strength reported by Kim et al. [127] was about 50% higher than
the values from other studies that also employed pre-alloyed CoCrFeMnNi powders, while the
tensile ductility remained comparable. It implies that a further understanding of the oxide
formation during powder preparation and LPBF processes could be meaningful to the final
performance. The mechanical properties of LPBFed HEAs also showed anisotropy as
microstructural anisotropy was already revealed (Figure 2.27). In compression testing, the yield
strength in the building direction (728 MPa) was lower than in the transverse direction
(772 MPa), and the work hardening was more significant and evenly in the building direction
[112]. In tensile testing carried out by Wang et al. [115], the yield strength and ultimate strength
in the transverse direction were improved compared with the building direction; however, the

ductility was compromised in the transverse direction.

In general, the hardness and strength of the CoCrFeMnNi HEA can be reinforced by the LPBF
process, yet the tensile ductility decays to a moderate level (~30%). The results from different
studies also suggest an available processing window for the modification of mechanical
properties.  Furthermore,  different  strengthening  mechanisms such as the
oxide-dispersion-strengthening can be introduced by LPBF, and promising performance has

been realised by existing reports.

51



2.3.2 AM approaches to BCC AlICoCrFeNi HEA

Compared with the extensive reports on the CoCrFeMnNi HEA, the reports on LPBFed
AlICoCrFeNi HEAs were relatively limited. Selective electron beam melting (SEBM) was
employed to build block samples using pre-alloyed AICoCrFeNi powder, and the products were
compared with casted samples [128]. In Figure 2.34, XRD showed that instead of forming a
BCC phase as the pre-alloyed powder and casted samples, the FCC phase was also detected at
the bottom of SEBMed samples. Further EBSD results showed that the phase contents of the
FCC phase were 19% near the bottom and 7% near the top of the SEBMed AICoCrFeNi HEA.
The precipitation of the FCC phase was due to the prolonged heating above 900 °C during the
SEBM process [48]. In compression testing, cracks tended to initiate and grow along the BCC-
FCC boundaries during deformation. However, the BCC + FCC dual-phase SEBMed sample

still possessed better ductility than the casted sample which had a BCC single phase.
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Figure 2.34 XRD spectra of casted and SEBMed AlCoCrFeNi samples.
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By using the blends of gas-atomised elemental powders of Co, Cr, Fe, Ni and Al, Joseph et al.
[44] in-situ fabricated AlxCoCrFeNi (x = 0.3, 0.6 and 0.85) HEAs via DLD successfully. As
the Al content increased from 0.3 to 0.85, the phase formation in as-deposited HEAS
transformed from FCC to FCC + BCC, and finally BCC. This approach was the first report on
in-situ alloying HEAs via a laser-based AM technique, especially considering the brittleness of
BCC HEAs. However, the laser spot used by LPBF is much smaller than that used by DLD.
The resultant meltpools are therefore much smaller while the cooling rates are higher than DLD.
Moreover, the high-temperature pre-heating used by SEBM has not yet been adopted by LPBF
[49]. Considering the steep thermal gradient during LPBF processes, the printability of the

AlCoCrFeNi HEA could be rather challenging.

Figure 2.35 LPBFed samples fabricated using pre-alloyed AICoCrFeNi powder and a

BSE image of the cross-section of an as-built sample [129].

Karlsson et al. [129] investigated the feasibility of the LPBF printability of AICoCrFeNi HEA
using pre-alloyed powder. However, they failed to produce samples free of cracking/porosity
despite trying a broad processing map with laser power, scanning speed, hatch spacing, defocus

and layer thickness in wide ranges [129]. Figure 2.35 shows the as-built AICoCrFeNi HEAs on
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a substrate. Macro-cracks can be observed on the surface of some samples. Meanwhile, in the
samples with relative better surface quality, abundant pores and cracks can still be observed in
cross-sections. A cracking-porosity trade-off was summarised by the study: By increasing the
energy input, the cracking tendency was aggravated and led to the failure of building; By
decreasing the energy input, more porosity occurred due to the insufficient fusion of powder.
Karlsson et al. suggested that the main reason for the inevitable cracking was the cycling
thermal stresses and phase transformation during the process. As shown in Figure 2.36, the
content of the FCC phase could increase to about 40 % when the AlICoCrFeNi powder was
heated to 900 °C. It was also suggested in the study that a pre-heating stage at elevated
temperatures or compositional modifications could improve the building quality of the

AICoCrFeNi HEA.
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Figure 2.36 In-situ XRD results from 20 to 900 °C showing the phase composition of pre-
alloyed AICoCrFeNi powder [129].
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Niu et al. [130] also carried out LPBF fabrication by using pre-alloyed AICoCrFeNi powder.
The substrate was pre-heated to 100 °C for the building, and the VED in a range from 69.4 to
111.1 J/mm?3 was investigated by the study. A maximum relative density of 98.4% was achieved
at the highest VED. The as-built AICoCrFeNi HEAs consisted of disordered A2 and ordered
B2 BCC phases. Meanwhile, the hardness of LPBFed samples was improved compared with
the DLDed and SEBMed ones. However, only microstructures and microhardness results were

produced by the study, but the overall formability of as-built samples was not presented.

The LPBF printability of AlxCoCrFeNi HEA variations has also been investigated by using pre-
alloyed powders. Peyrouzet et al. [131] fabricated the FCC Alo.3CoCrFeNi HEA with near fully
densification via LPBF. Similarly, the FCC AlosCoCrFeNi HEA also possessed good LPBF
printability with pre-alloyed powder [132]. These approaches further suggested that the brittle
BCC phase restricted the printability of BCC AlxCoCrFeNi HEAs. Otherwise, FCC
AlxCoCrFeNi HEAs still possessed the good printability similar to other FCC CoCrFeNi-based

HEAs.

By comparing the results of different AM approaches to the AICoCrFeNi HEA, it can be
concluded that the LPBF printability of the BCC AICoCrFeNi HEA is limited. The BCC matrix
is not as ductile as the FCC matrix, and the phase transformation caused by heating cycles
further introduces unstable phase interfaces. Therefore, the AICoCrFeNi HEA lacks resistance
to the thermal stress during LPBF processes. Since pre-heating at elevated temperatures was
not conducted by the available reports, it could be a possible processing route to produce the

AICoCrFeNi HEA without cracking.
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2.4 LPBF In-Situ Alloying

LPBF was initially developed as a net-shape technique to produce complex components.
Therefore, the pre-alloyed powder is the preferred feedstock for LPBF. The gas atomisation of
commercial alloys, such as 316L steel, Inconel 625, Ti-6Al-4V and AlSi10Mg, etc., has been
well established by worldwide suppliers [49, 51]. However, LPBF’s potential for in-situ
alloying has been gradually recognised by researchers over the past few years [52, 54]. LPBF
has shown the capability of in-situ alloying minor contents of elemental powders or secondary
particles [81, 123, 133, 134]. However, regarding the alloy development of HEAs, the
modification of compositions is often on an equiatomic scale, which further challenges the

capability of in-situ homogenisation.

Zhang et al. [135, 136] carried out LPBF in-situ alloying to produce shape memory Ti-Ni and
magnetic Fe-Ni alloys, by using Ti-Ni (1:1 at. %) and Fe-Ni (7:3 at. %) blended powders,
respectively. Bulk samples were successfully fabricated using the blended powders, and the Ti-
Ni approach reached a relative density higher than 99%. Meanwhile, the by-product
intermetallics such as Ti2Ni and Fe7Nis, and elemental homogeneity were also observed in the
as-built samples. Although the approaches demonstrated that bulk samples could be fabricated

by LPBF using the blended elemental powders, the expected phase formation was not achieved.

Grigoriev and Polozov et al. [134, 137] used blended elemental powder to produce Ti-5Al and
Ti-22AI1-25Nb alloys. The as-built Ti-5Al samples had an HCP single phase with elemental
homogeneity. Moreover, the mechanical properties of the in-situ alloyed Ti-5Al were
comparable to the casted Ti-5Al. On the other hand, the as-built samples of Ti-22AIl-25Nb,
which had a concentrated composition like HEAs, also achieved a high relative density of

99.55%. But the as-built Ti-22Al-25Nb samples showed a complex phase composition in the
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XRD results, and further scanning electron microscopy (SEM) characterisation revealed that
the Nb was barely dissolved into the matrix, see Figure 2.37. Polozov et al. claimed that the
poor homogenisation of Nb was due to its incompatible melting point. The results implied that

the elemental homogenisation of concentrated compositions could be challenging to LPBF.

Figure 2.37 (a) SE and (b) BSE images of LPBF in-situ alloyed Ti-22AI-25Nb.

As learnt from the early in-situ alloying attempts, besides the general metallurgical defects
initiated by the LPBF process, the elemental homogeneity and complications raised by the
incompatible thermal-physical properties are foreseeable when carrying out the in-situ alloying

of HEAs [54].

2.4.1 In-situ alloying approaches to HEAs

AM techniques, including DLD and SEBM, have shown the capability of fabricating HEASs
from elemental powders [44, 138, 139]. The AlxCoCrFeNi and CoCrFeMnNi HEAS in-situ
fabricated by DLD possessed uniform elemental distribution and good densification. It was

verified by the studies that the use of blended powders could advance the compositional
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flexibility of HEAs. Moreover, the rapid prototyping capability of AM can validate the
performance of new compositions efficiently. Considering the forming accuracy and emerging
industrial applications of LPBF, in-situ alloying via LPBF can further improve the efficiency
from compositional design to component validation [140]. Most LPBF studies have used pre-
alloyed powders as feedstock, especially notable HEAs like the Cantor alloy have been studied
by worldwide researchers. The reports on LPBF in-situ alloying, nevertheless, was much
limited compared with the vast compositions of HEAs. It should be noted that there has not
been any previous publication on LPBF in-situ alloying of HEAs before the establishment of

this study.

2.4.1.1 Approaches using elemental powders

Dry-Mixing Adjusting Chemical
Base Alloy Composition

Examination and Evaluation
of Different Alloy Systems

-
-

Figure 2.38 Illustration of the rapid alloy development via LPBF in-situ alloying [141].

BASE+any M BASE+0.6C BASE

Ewald et al. [141] introduced a rapid alloy development methodology using LPBF, which was
inspired by a previous study using DLD [139]. The illustration in Figure 2.38 presents the route
from mixing elemental powders to validating the mechanical properties of HEAs with different
compositions. In this study, the Alo26CoFeMnNi HEAs with/without 0.6 wt. % of C was

fabricated from elemental powders to evaluate the feasibility of in-situ alloying. As shown in
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Figure 2.39, the elemental powders had distinct morphology and size distribution. A relative
density above 99.5% was achieved with both compositions. More importantly, an FCC structure
and homogeneous elemental distribution with minor Al segregations were obtained with the
high VED, as shown in Figure 2.40. The additional C dramatically improved the tensile strength
and ductility of the HEA. This study verified the feasibility of using elemental powders to
in-situ fabricate and modify HEAs by LPBF. It was also emphasised that the application of the
high VED (247 J/Jmm?3) was critical to elemental homogenisation since more elemental powder
could be melted. The study also claimed that burning loss could happen due to the incompatible
physical properties of the elements. However, the chemical compositions of the as-built samples

were not presented in their results.

Figure 2.39 SEM images of elemental powders used to produce the Alo.2sCoFeMnNi
HEA [141].
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Figure 2.40 IPF and EDS mapping results of the in-situ alloyed Alo2sCoFeMnNi HEAs
fabricated with the VED of (a) 143 and (b) 247 J/mm? [141].

Hou et al. [142] comparatively studied the FCC CoCrFeNi HEAs fabricated using pre-alloyed
powder and elemental powders, respectively. The as-built samples showed an FCC structure in
XRD spectra. However, the densification and mechanical properties were not identical,
although the same parameters were applied, as given in Figure 2.41. The lack of strength at the
low VED was correlated with the abundant lack-of-fusion defects in the in-situ alloyed samples.
Nevertheless, the mechanical properties of the in-situ alloyed samples were even improved
compared with the pre-alloyed ones when the high VED was applied. The elemental
homogenisation was found to be more effective at the highest VED of 223 J/mm?, but still with
minor segregations at meltpool boundaries. The complete homogenisation of elements required
heat treatment (1200 °C, 20 h). The incompatible melting points and size distribution of

alloying elements were considered the main reasons for the segregations.
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Figure 2.41 (a) Density and (b) tensile strength of CoCrFeNi HEAs built using
pre-alloyed (HEA) and elemental powders (HEE) [142].

A BCC refractory HEA, VNbMoTaW, was prepared using elemental powders by Huber et al.
[143]. Although extreme parameters such as the laser power of 600 W and scanning speed of
100 mm/s were employed to produce an excessive VED of 889 J/mm?3, unmelted W particles
and cracking were hard to be eliminated during the LPBF process. Hence, high-temperature
pre-heating was recommended by the study to avoid cracking, because the ductility of the BCC
VNbMoTaW HEA was limited at room temperature. Moreover, refractory elements like W and

Mo, which had very high melting points, were not recommended in terms of LPBF in-situ

alloying.

In-situ alloying approach to the AlosCoCrFeNi HEA was carried out by Sun et al. [144] using
blended elemental powders. Cracks and pores were observed in the samples built with the low
VED. The relative density was improved to 99.92% as the energy input increased to 150 J/mm?3,
as shown in Figure 2.42(a). The in-situ alloyed samples using the optimised parameters also
had a good surface finish (Figure 2.42(b)). Although the XRD results indicated the resultant
samples consisted of FCC and BCC phases, the tensile performance was still similar to the FCC
HEAs, instead of showing the brittleness of the BCC phase. Elemental heterogeneity was
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evident in the as-built samples, implying the difficulty of fully homogenising concentrated

elemental powders.
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Figure 2.42 (a) Relative density verse volumetric energy density and (b) top-view of
in-situ alloyed AlosCoCrFeNisamples [144].

2.4.1.2 Approaches using pre-alloyed powders as the base

Besides using the blends of individual elemental powders, the blends of pre-alloyed powders
and additional elemental powders have been employed by LPBF in-situ alloying as well [145-
148]. Since many HEA systems share common principal elements, the vast space in phase
diagrams can be explored by varying the contents of one or two elements. The pre-alloyed
powders of some common principal elements, e.g., Fe, Ni, and Cr, in the 3d-transition HEAsS,

can improve the elemental homogeneity in blended powders and thus promote homogenisation.

By using the blends of pre-alloyed AICrCuFeNi powder and elemental Ni powder, the
AICrCuFeNix (2 < x < 3) HEA system with BCC + FCC dual-phase structures was in-situ
fabricated by Luo et al. [145]. The increment of Ni contents could promote the BCC-to-FCC
transformation in the HEA system. And the cracking tendency was restrained when the highest

Ni/FCC content was adopted. The as-built AICrCuFeNiz samples possessed an FCC + B2
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dual-phase structure. Meanwhile, coherent A2 nano-precipitates were found embedded in the
B2 phase. The formation of B2/A2 interfaces stimulated twinning and phase transformation in

the B2 phase during tension, which was recognised as a new deforming mechanism in HEAs.

Lin et al. [146] used elemental Fe, Co, Ni, and pre-alloyed Nis7Crs0Siz powders to fabricate the
CoCrFeNi HEA with 1.5 at. % of Si. The study implemented extra scanning in each layer with
a relatively low energy input after the first scanning. Then the influences of remelting on
elemental homogenisation and mechanical properties were compared with the samples without
remelting. The elemental homogenisation was significantly improved by the remelting, and Liu
et al. attributed it to the extra internal flows introduced during the process, as illustrated in
Figure 2.43. The strength and ductility of the remelted samples were both meliorated due to the
microstructural optimisation, i.e., finer grain size, higher densification, and improved

homogeneity.
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Figure 2.43 Schematic illustrating the microstructural development with the extra
scanning in each layer of in-situ alloyed CoCrFeNi HEA [146]. (a) Blended powder is
firstly scanned by (b) a high-power laser and forms a keyhole meltpool. (c) The meltpool
solidification with (d) heterogeneous elemental distribution. (e) The as-solidified layer is

then scanned by a low-power laser and achieves uniform elemental distribution.

Kuzminova et al. [147] and Gao et al. [148] used powder blends composed of pre-alloyed
CoCrFeNi powders and elemental powders to fabricate AlxCoCrFeNi (0 < x < 0.1) and
CoCrCuFeNi HEAs, respectively. In both studies, the in-situ alloyed HEAs appeared an FCC
single phase in XRD spectra, and without fatal defects. However, with the similar VED applied

by the two studies, the homogenisation of the Al was not as ideal as the Cu, whose content was
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even higher. A small amount of BCC phase also formed in the Alo.1CoCrFeNi samples, and the
content of Al dropped from 3.0 wt. % in the blended powder to 1.67 wt. % in the as-built sample,

indicating near 50% of Al burning loss.

Figure 2.44 Schematic illustrating the minimisation of residual stress in the in-situ
alloyed AlosCoCrFeNi HEA. (a) Al segregates at the dendrite/grain boundaries of the
FCC matrix and forms (b) BCC/B2 grains at the boundaries. (c) Tensile stress at grain

boundaries is neutralised by the molar volume expansion of BCC/B2 grains. (d) The
tensile residual stress is tuned into relatively minor compressive residual stress, and

therefore cracking is restrained [149].

Sun et al. [149] analysed the cracking tendency of in-situ alloyed AlxCoCrFeNi (0 < x < 1)
HEAs, which were fabricated using the blends of elemental Al and pre-alloyed CoCrFeNi
powders. This study showed that cold cracking was the dominant cracking mechanism in the
equiatomic AlCoCrFeNi samples with the brittle BCC phase, which was consistent with the
pre-alloyed approaches [129]. Furthermore, compared with the pre-alloyed CoCrFeNi samples,
liquation cracking increased significantly in Alo1CoCrFeNi samples due to an enlarged
solidification range. However, it should be noted that the Alo1CoCrFeNi HEA provided via
Kuzminova et al. [147] was without evident cracking, indicating the cracking could be inhibited
by optimising parameters. On the other hand, Sun et al. recognised that cracking was restrained
in the AlosCoCrFeNi samples fabricated with the identical processing parameters, and further

investigated the mechanism of cracking inhibition. A grain boundary engineering theory was
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raised by the study: After the solidification of FCC grains, BCC/B2 grains formed at
interdendritic boundaries due to the segregation of Al; The tensile residual stress was hence
neutralised by the expansion of the BCC/B2 phase, as illustrated in Figure 2.44. Although such
grain boundary segregation engineering demands precise compositional control during in-situ
alloying processes when extended to other alloy systems, this study still provides a possible

route to improve the printability of LPBFed parts.

2.4.2 Summary of LPBF in-situ alloyed HEAs to date

Table 2.4 summarises the printability of LPBFed in-situ alloyed HEAs to date. Since the first
report from Ewald et al. [141] in 2019, several in-situ alloying approaches have been carried
out by different groups using powder blends over the recent years. Most of these approaches
have managed to produce bulk HEAs with a relative density above 99% and free of cracking.
By summarising the in-situ alloying approaches and comparing them with the pre-alloyed ones,

some features of LPBF in-situ alloyed HEAs are presented as follows:

o In-situ alloying processes favours parameters producing relative higher VED
(> 150 J/mm?) than pre-alloyed approaches (~70 J/mm?®). Besides eliminating the
lack-of-fusion porosity, the high VED is crucial to elemental homogenisation.

o The printability of FCC-dominated HEAs is overall better than the BCC-dominated
HEAs in terms of the resistance to cracking.

o Although overall elemental distribution can be homogenised by using the high VED
and XRD spectra show HEA phases only, by-product secondary phases tend to form
during the in-situ alloying process, especially when introducing active elements

such as Al and Mn.
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o The microstructures of the in-situ alloyed HEAs are more complicated than the
pre-alloyed ones due to local heterogeneity on the nanoscale. However, such
heterogeneous structures could result in the reinforcement of hardness and strength.

o The chemical compositions of the in-situ alloyed HEAs always deviate from their
nominal compositions. A compromise between the burning loss and insufficient
homogenisation of alloying elements due to incompatible thermal-physical

properties is therefore raised.

Table 2.4 Comparison of LPBF in-situ alloyed HEAS

Relative | Optimised
HEA Powders density VED Phase Homogeneity notes
(%) (J/mmd)
Al 26CoFeMnNi FCC +
[141] elemental 99.98 247 Al oxides good N/A
AlosCoCrFeNi FCC + . - Al burning
[144] elemental 99.92 150 BCC insufficient loss
AlxCoCrFeNi CoCrFeNi + FCC + . - Al burning
(0<x<0.1)[147] Al 99.85 156 pcc | [Insufficient loss
AlxCoCrFeNi CoCrFeNi + N/A 111 FCC + pure Al crack-free,
(0<x<1)[149] Al BCC particles x=05
AICrCuFeNiy .
(2.0<x<3.0) AICrCul_:eNl > 997 312 FCC + good crack_—free,
+ Ni BCC x=3
[145]
CoCrFeNi + 1.5 Nis7CrsoSis + .
at. % Si [146] Fe. CO.Ni 99.85 remelting FCC good N/A
CoCrFeNi[142] | elemental > 99 223 FCC Jeg.'or?a' N/A
eviation
CoCrCuFeNi CoCrFeNi +
[148] cu >99.5 100 FCC good N/A
VNbMoTaW elemental >99.8 889 BCC unmelted W severe
[143] cracking
WTaMoNb [150] elemental <90 remelting BCC N/A delamination
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2.5 ODS Alloys In-Situ Fabricated by LPBF

Oxide-dispersion-strengthened (ODS) alloys are potential for elevated-temperature
applications such as the nuclear industry, due to the thermal stability and strengthening effect
of oxide particles [151-153]. However, the production of ODS parts with homogeneous oxide
distribution is challenging: The nano-size oxides tend to agglomerate when handled via ingot
metallurgy methods such as casting; Powder metallurgy methods such as HIP or spark plasma
sintering (SPS) lack geometric flexibility [152]. Hence, AM techniques with rapid solidification
have been employed to produce ODS alloys with homogeneous oxide distribution, as well as

complex structures.

Through AM processes, oxide particles can be introduced into base alloys from two sources,
either pre-added oxide particles or in-situ oxidation. Boegelein et al. [152] fabricated ODS
steels via LPBF using a mechanically alloyed powder. A fine dispersion of nano-size Y (Al, Ti)
oxide particles was retained in the as-built samples, indicating the agglomerate of particles
could be inhibited by rapid solidification. However, Hunt et al. [154] claimed that the dispersion
of yttria oxide particles was damaged in their LPBF approach using similar mechanically
alloyed powder. It was noted that the laser power applied (360 W) by Hunt et al. was
significantly higher than that used by Boegelein et al. (50 W), indicating that the oxide particles
could be unstable due to the high energy input. Besides mechanically alloyed powder,
pre-alloyed powders coated with oxide particles (Y203, La2O3) have been recently employed to
fabricate ODS alloys as well [155-158], see the schematic in Figure 2.45. The ODS CP-Ti, and
steels fabricated using the oxide-coated powders possessed fine dispersion of oxide particles
with average sizes between 10 and 100 nm, as well as improved mechanical properties. The

results from these studies suggest that, with proper processing optimisation, oxide particles can
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be retained and further dispersed in the LPBFed parts, leading to the improvement of

mechanical properties.

1. Precursor powder : 2. Mixed powder : 3. Selective laser melting
$5316L powder, 10-45 um Finely covered steel :
. powder and clusters
of Y,0; powder

Ball milling * { }
Y,0, powder, average size
800 nm : 1
s‘ -

Figure 2.45 Schematic illustrating the LPBF process of ODS 316L steel using oxide-

coated powder [157].

In-situ oxidation is another way to introduce oxides into AM parts. Springer et al. [159]
removed the gas shield on purpose during the laser deposition of 316L powder. Consequently,
MnCr204 particles with an average size of 400 nm were found in the as-deposited samples.
More recently, the dispersed oxide particles formed due to in-situ oxidation have also been
recognised in LPBFed products fabricated with Ar protection [127, 160-163]. The oxygen could
originate from the building atmosphere, and raw powders, e.g., the Fe-Ni (Invar 36) powder
with an oxygen content of 3000 ppm was used by Chunlei [161]. In most cases, the in-situ
formed particles lead to the reinforcement of hardness and strength as extrinsic oxide particles,
e.g., in-situ formed Mn,Os particles (average size = 27.3 nm) dramatically improved the tensile
strength whilst maintaining comparable ductility of an LPBFed CoCrFeMnNi HEA [127].
However, Lou et al. [160] also stated that micro-voids could be induced by oxide particles and
decay the toughness of LPBFed parts, where the average particle size was 300 nm. Regarding
the Orowan strengthening, its strengthening effect increases with the decreasing size and

increasing volume fraction of particles; meanwhile, below100 nm is suggested as the effective
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size range of increasing reinforcement [164, 165]. In general, the mechanical performance of
the in-situ alloyed ODS alloys depends on the final distribution of particles, while the reported
particle sizes and contents vary in wide ranges, especially those approaches of in-situ oxidation.
It is reasonable to conclude that the in-situ formation of oxides is not as ideal as the

mechanically alloyed or coated powders at the current stage.

2.6 Gaps in the Literature

In this literature review, an overview of CoCrFeNi-based HEAs and their fabrication through
LPBF is provided. The HEAs produced via AM in-situ alloying are summarised. Furthermore,

the investigations of ODS approaches and LPBFed meltpools are included.

Based on the review, it can be summarised that HEAs are of growing interest in the LPBF
community. Over recent years, LPBF in-situ alloying approaches have been conducted to
accelerate the alloy development of HEAS. The gaps in the literature and their corresponding

investigations in this research are given as follows:

o HEAs, especially the FCC HEAS, have shown outstanding formability via LPBF.
However, the reported approaches were mostly using pre-alloyed powders. Lack of
research assessed the in-situ fabrication of HEAs using LPBF.

o The 3d-transition HEAs were the most extensively studied HEA family, including
the notable FCC CoCrFeMnNi and BCC AICoCrFeNi HEAs. Therefore, in-situ
alloying using the quaternary CoCrFeNi HEA as the base alloy can be a promising

composition to start with.

LPBF processing development using the powder blends of pre-alloyed CoCrFeNi and

elemental powders to produce quinary HEAS is investigated.
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o ODS HEAs were fabricated via methods such as SPS. However, there was limited
research that investigated the feasibility of the fabrication of ODS HEAs via AM

techniques.

Mechanical properties of the in-situ alloyed CoCrFeMnNi HEA are examined. ODS effect and

the formation of oxides are analysed.

o The building quality of LPBF in-situ alloying was mainly assessed via experimental
bulk building. No previous research focused on the microstructural development in
the single-track meltpools.

o Single tracks have been studied via abundant attempts. However, limited studies

investigated the influences of remelting.

Systematic experiments based on single tracks are designed in this research. The

microstructural development during the in-situ alloying processes is revealed.
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Chapter 3: Materials and Experimental Methods

This chapter details the materials and methods used in the thesis. The LPBF experiments were
carried out at the UoB and SUSTech using different facilities and powders. The processing
development of cuboid samples (CoCrFeMnNi and AICoCrFeNi) and preparation of tensile
samples (CoCrFeMnNi) were conducted at the UoB, namely bulk building (Chapters 4 to 6).
The experiments of single tracks (CoCrFeMnNi) were conducted at the SUSTech, namely track
building (Chapter 7). Microstructural characterisation and mechanical testing were mainly

carried out at the SUSTech.
3.1 Materials

The feedstock included pre-alloyed CoCrFeNi powders as the base alloy, and elemental Mn/Al
powders as the alloying elements. For the bulk building at the UoB, the pre-alloyed CoCrFeNi
powder (Figure 3.1(a)) was fabricated using gas atomisation by TLS Technik. The elemental
Al powder (99.9 purity, Figure 3.1(b)) and elemental Mn powder (99% purity, Figure 3.1(c))
were provided by LPW and Sigma-Aldrich, respectively. For the track building at the SUSTech,
the pre-alloyed CoCrFeNi powder (Figure 3.2(a)) from Zhongyuan Advanced Materials was
also fabricated via gas atomisation, and the elemental Mn powder (99.9% purity, Figure 3.2(b))
was provided by Aladdin. As shown in the SEM images, the pre-alloyed CoCrFeNi and
elemental Al powders fabricated via gas atomisation were mostly spherical, while the elemental

Mn powders were in irregular shapes with sharp edges.
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Figure 3.1 Scanning electron microscopy (SEM) images of (a) the pre-alloyed CoCrFeNi,
elemental (b) Al and (c) Mn powders used for the bulk building.

Figure 3.2 SEM images of (a) the pre-alloyed CoCrFeNi and (b) elemental Mn powders
used for the track building.

3.1.1 Powder size distribution

The size distribution of pre-alloyed CoCrFeNi powders was analysed using a Malvern
Mastersizer 3000 following the ASTM method of laser scattering (ASTM B822-17 [1]). The
tested powders were dispersed in water for wet dispersion, and the Fraunhofer model was

employed to analyse the results.

3.1.2 Powder chemistry

The pre-alloyed CoCrFeNi powders were sent to local analytical service suppliers to measure

the contents of principal elements. Different testing methods were adopted by technicians. The
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pre-alloyed powder supplied by TLS was analysed via AMG Superalloys (South Yorkshire,
UK) using X-ray fluorescence (XRF). The pre-alloyed powder from Zhongyuan was tested via
inductively coupled plasma-optical emission spectrometry (ICP-OES) at 863 New Material and

Technology (Shenzhen, China).

3.1.3 Summary

The size distribution and chemical compositions of pre-alloyed CoCrFeNi powders are
provided in Table 3.1. Although both powders were spherical and quasi-equiatomic, the powder
for bulk building was in the ideal size range (10—60 um) for LPBF [2], while the powder for
track building was relatively finer. Such fine powder lacked flowability and could not be
delivered by the recoating system used at the SUSTech. An alternative recoating process was
thus designed instead of using the default recoating system. Relative details are provided in the

following part of LPBF experiments (3.2).

Table 3.1 Size distribution and contents of principal elements of the pre-alloyed
CoCrFeNi powders used for bulk and track building.

Buildin Dv 10 Dv 50 Dv 90 Co Cr Fe Ni
9 (um) (um) (um) | (&t %) | @.%) | (at.%) | (at. %)
Bulk 17.7 324 59.9 25.4 27.6 23.7 23.3
Track | 6.25 18.1 40.3 23.9 25.7 25.8 24.6

3.1.4 Powder blend

All the pre-alloyed and elemental powders were sieved by 73-um sieves to remove oversized

particles before weighing and mixing. 79 wt. % of pre-alloyed CoCrFeNi powder and 21 wt. %
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of elemental Mn powder were weighed to obtain a quasi-equiatomic composition of the
CoCrFeMnNi HEA. The blend used to produce AICoCrFeNi HEAs consisted of 89 wt. % of
pre-alloyed CoCrFeNi powder and 11 wt. % of elemental Al powder. At the UoB, 800 g of
blended powders were mixed by a horizontal mixing machine for at least 12 h each time. A

schematic of the horizontal mixing machine is provided in Figure 3.3.

Blending bottle

Driven
axle ) )

CoCrFeNi powder

Mn powder

Figure 3.3 Schematic of the horizontal blending machine at the UoB.

At the SUSTech, the blended powder was mixed for 4 h using a WAB Turbula T2F mixer, and
100 g of powder was mixed each time. The SEM images of blended powders are provided in

Figure 3.4 & 5, and the nominal contents of blended powders are listed in Table 3.2.
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Figure 3.4 Blended powders for the bulk building of (a) CoCrFeMnNi and (b)
AlICoCrFeNi HEAs at the UoB.

Figure 3.5 Blended powder for the track building of CoCrFeMnNi HEA at the

SUSTech.

Table 3.2 Nominal contents of principal elements in the blended powders.

Building | Co (at. %) | Cr(at. %) | Fe(at. %) | Ni(at. %) | Mn (at. %) | Al (at. %)
Bulk-Mn 19.9 21.7 18.6 18.3 21.5 N/A
Bulk-Al 20.2 21.9 18.8 18.6 N/A 20.5
Track-Mn 18.8 20.1 20.4 19.3 21.4 N/A

88




3.2 Laser Powder Bed Fusion

Two LPBF facilities were employed in this study. The bulk building of CoCrFeMnNi and
AlCoCrFeNi HEAs was carried out using a Concept Laser M2 at the UoB. An SLM Solutions
SLM125HL at the SUSTech was used for track building of CoCrFeMnNi HEA. Details of the

two facilities are provided in Table 3.3.

Table 3.3 Technical specifications of the Concept Laser M2 [3] and SLM Solutions

SLM125HL [4].

LPBF facilities

M2

SLM125HL

Laser type Yb-fibre continuous Yb-fibre continuous
Laser spot size (um) ~70 ~67
Laser powder (W) Up to 400 Up to 400
Layer thickness (um) 20-50 20-75
Scanning speed (mm/s) Up to 7000 Up to 10000

Recoating system

Powder bed delivery

Upper delivery

Regular substrate size (mm?) 250 %250 125 %125
Reduced substrate size (mm?) 100 =100 50 x50
Built height (mm) 280 125

Protective atmosphere

Ar (<0.1 wt. % O)

Ar (<0.2 wt. % O)

Pre-heating temperature (K)

Up to 973

Upto 473

Substrate

316L stainless steel

316L stainless steel
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Despite the differences in technical specs, the two facilities delivered powders in different
manners. Figure 3.6 illustrates the structure of the processing chamber of the M2. For each new
layer, a fixed thickness of powder was lifted by the feedstock chamber, and then the lifted
powder was spread to the building chamber by a recoater. This recoating system was capable

of spreading powders effectively.

Laser

Recoating direction Recoater

——
Powder

As-built part
Substrate

!

Building chamber Feedstock chamber

Figure 3.6 Schematic (front view) of the processing chamber of the Concept Laser M2.

The powder delivery system and building chamber of the SLM125HL are illustrated in Figure
3.7. The powder was stored in a feedstock can fixed upon the machine and delivered to the
building chamber by gravity. A feedstock controller managed the amount of powder sent into
the recoater each time. However, powders with poor flowability cannot be delivered to the
building chamber in this manner, i.e., the fine pre-alloyed CoCrFeNi powder used for track

building.
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4—

Building chamber

Figure 3.7 Schematic (side view) of the processing chamber of SLM125HL..

Reduced substrates were used on both machines instead of regular-size substrates. For the bulk
building of the CoCrFeMnNi HEA, a reduced kit was installed into the original building and
feedstock chambers of the M2, as shown in Figure 3.8(a). Meanwhile, a heated bed module was
employed in the building of the AICoCrFeNi HEA, because the M2 was without an original
pre-heating module. A 3D model of the module is provided in Figure 3.8(b). The heated bed
module was fixed in the reduced building chamber. Moreover, the size of heated substrates was

60 <60 mm?2, which was even smaller than the reduced one.
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(b) Reduce&l kit

eated bed

Figure 3.8. (a) Image showing the reduced kit installed in the processing chamber of the
M2. White dashed lines mark the original building and feedstock chambers. (b) 3D
model of the heated bed module for the M2.

Regarding the track building using the SLM125HL, the original upper delivery system was
abandoned due to the poor flowability of powders. The powders were recoated manually on a
reduced substrate (Figure 3.9(a)). The reduced substrate was fixed on a regular substrate by
tapes, and surrounded by the pre-alloyed CoCrFeNi powder to imitate the powder bed of the
M2. During the LPBF process, the powder was manually reloaded using a spoon on the position
marked in Figure 3.9(b) and then spread to the substrate by the original recoater. The recoater
only worked as a spreading blade without the function of loading powder. Moreover, different
powders could be loaded for each layer manually. However, the complicated procedures made

this method not suitable for the bulk building that required prolonged recoating.
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f—fﬁ!
316 L substrate

~ Pre-alloyed powder

Figure 3.9 (a) Image of a reduced 316L substrate fixed on a regular substrate in
SLM125HL, and (b) illustration of the recoating process via the powder bed.

3.2.1 Model preparation

For all the experiments using the M2 and SLM125HL, models were prepared and sliced by the
software Materialise Magics [5] without any support structures. Regarding the models prepared
in this thesis, the z-axis denotes the building direction (BD), while the x and y-axes are parallel
or normal to the laser scanning direction (SD) in each layer. And thus the xy-plane denotes the
cross-section normal to the BD, meanwhile, xz/yz-planes stand for the cross-section parallel to

the BD.

3.2.1.1 Bulk building

9 mm %<9 mm %12 mm cuboids were created for the experimental bulk building using the M2.
The model used to produce flat tensile parts is provided in Figure 3.10. The scanning strategy
was 5 mm x5 mm chessboard scanning, as shown in Figure 3.11(a). Each layer was separated
into 5 mm =<5 mm blocks, whose internal scanning routes were normal to their neighbours.
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Every block was rotated 90 “and shifted 1 mm along both x and y-axes in the next layer. The

edges of cuboids were tilted 45 “toward the recoating direction, as shown in Figure 3.11(b), in

order to protect the recoating blade from any sudden impacts.

sixe-z

25 (mm)

Figure 3.10 Diagram illustrating the flat tensile models used in bulk building.

1mm |

X (SD)

Recoating direction

/(SD)

Figure 3.11 (a) Diagram of the chessboard scanning strategy used for bulk building, and
(b) image showing cuboid samples built in the M2.
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3.2.1.2 Track building

Single-track, single-layer, and three-layer experiments were designed to investigate the single
track, which was the fundamental unit of LPBFed parts. By using the manual recoating process

on the SLM125HL, models were designed explicitly for the track building.

P
®
Q
O
)
—
-
Q
o
=
®
Q
(@)
)

Pre-alloyed layer In-situ alloyed layer

Figure 3.12 (a) Diagram of a single-track model used in track building, and (b) as-built

single-track samples on a reduced substrate.

Figure 3.12(a) illustrates the model used in the single-track experiment. 7 layers of pre-alloyed
powder were scanned on a 316L substrate prior to the in-situ alloyed layers for the following
purposes: (1) To avoid the contamination from substrate materials, so the distribution of Mn
could be clearly distinguished from the pre-alloyed CoCrFeNi layers; (2) Powder layers were
recoated more evenly after the first few layers during the LPBF process; (3) Recoating on an
LPBFed surface was close to the actual situation of normal building. The blended powder was
then spread on the pre-alloyed beds to print the single-track, single-layer, and three-layer

samples.
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The scanning strategy for pre-alloyed beds was simple scanning. Scanning routes were anti-
parallel to each other in the same layer, meanwhile, normal to those in adjacent layers. The
scanning routes in the in-situ alloyed layer were normal to the previous pre-alloyed layer to
distinguish single-tack meltpools clearly. In the three-layer experiments, the scanning routes in
the medium layer were normal to those in the bottom and top layers. A substrate holding as-

built single-track samples is shown in Figure 3.12(b).

3.2.2 LPBF parameters

Table 3.4 lists the parameters involved in this study, including laser power (P), scanning speed
(v), hatch spacing (h), pre-heating temperature (To), and layer thickness (t). 873-K pre-heating
was employed in the bulk building of the AICoCrFeNi HEA to reduce thermal stress. 373-K
pre-heating was applied in the track building to improve the flowability of powders. The
parameters for track building were selected according to the processing window of the bulk

building.

After the LPBF process, as-built parts were removed from substrates via electrical discharge
machining (EDM). About 1 mm of the bottom material were consumed via EDM. Regarding
the samples fabricated in the single-track experiments, a thin layer (~0.5 mm) of 316L substrate

was cut with the samples to retain the meltpool structures.
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Table 3.4 Processing parameters used in the in-situ alloying experiments.

o . t To
Buildin Sample Facilit P (W v (mm/s) | h
g p y W) [ v(mmis) | hum) | e
AICoCrFeNi . 100— 30- 20— | RT,
Bulk Cuboid 80-300 | o400 | 135 | 60 | 873
. 600—
Cuboid Concept 100-300 2000 30-75 30 RT
CoCrFeMnNi | Miniature Laser
M2
Bulk tensile 200 800 45 30 RT
Flat
tensile 280 800 60 30 RT
pre-
alloyed 220 600 60 30 373
bed
Single- SLM 600—

CoCrFeMnNi track Solution 150-300 1000 N/A 30 | 373
Track Single- SLM125HL 150300 600, 60— 0 i
layer 1000 100
Three- 600— 60,

layer 150-300 1000 100 30 373

3.3 Density Measurement

The density of cuboid samples was measured according to the Archimedes method (ASTM

B962-17 [6]), without vacuum at room temperature. Each sample was measured at least three

times, and then the average was taken. Regarding the AICoCrFeNi samples with open cracking

and porosity, Micro-CT was carried out by an external testing supplier, ND Inspection &

Control Solution (Shanghai, China), using a Diondo D2 to analyse the defect distribution and

relative density in the samples.
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3.4 Metallurgical Sample Preparation

The as-built cuboid samples were cut by EDM along their horizontal and vertical planes, and
then hot mounted using conductive bakelite. The single-track samples were cut perpendicularly
to the scanning directions and mounted. Then the exposed cross-sections were ground by grit
papers from p240 till p2000, and polished with diamond suspensions from 9 pm to 3 pm. A

Buehler VibroMet 2 vibratory polisher was employed for the final finish of samples.

The meltpool structures of CoCrFeMnNi samples were revealed using a 10% oxalic acid
solution. The polished samples were electrochemically etched in the solution for 100-120 s at

2.5V, then rinsed with ethanol and dried.

3.5 Optical Microscopy

A Leica DM2700 optical microscope (OM) was employed to check the cross-sections of
polished and etched surfaces. The software Leica Application Suite was used to measure the
meltpool dimensions from OM images. Width (W), depth (D), and height (H) were measured
from etched samples, as illustrated in Figure 3.13, and five individual meltpools were measured

for each parameter set.
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Figure 3.13 Diagram illustrating the measurement of single-track meltpools.

3.6 X-Ray Diffraction

X-ray diffraction (XRD) was conducted by different facilities at the UoB and SUSTech. The
AlCoCrFeNi samples were characterised at the UoB, using a Bruker D2 Phaser equipped with
a Co radiation source (Co Ko, A =1.7890 nm). A Rigaku Smartlab equipped with a Cu radiation
source (Cu Ka, A = 1.5418 nm) was employed to characterise the CoCrFeMnNi samples at the
SUSTech. XRD was performed on polished surfaces, and the XRD results were analysed using

the software Match! [7].

3.7 Oxygen Content Measurement

The oxygen contents of powders and as-built CoCrFeMnNi samples were measured using a
LECO 836 Elemental Analyser following the ASTM method (ASTM E1019-18 [8]). ~0.5 g of
material was handled by an aluminium crucible and measured as a steel-type material by the

equipment.
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3.8 Electron Microscopy

A Hitachi TM 3000 desktop selective electron microscope (SEM) equipped with an energy
dispersive spectroscopy (EDS) detector was employed to characterise the powders and
AlCoCrFeNi samples at the UoB. A ZEISS Merlin field emission SEM equipped with an EDS
detector and an electron back-scattered diffraction (EBSD) system was employed to acquire
secondary electron (SE), back-scattered electron (BSE), and electron channelling contrast
imaging (ECCI) results of the CoCrFeMnNi samples at the SUSTech. To observe powder
morphology, LPBF defects, fracture surfaces, and meltpool morphology, the Merlin SEM was
operated at 10 kV, and images were acquired by the SE detector. The BSE images were acquired
at 25 kV to reveal the distribution of oxide particles. With 5 BSE images taken at 5000X
magnification, the oxide particles were quantified following the particle analyse process of
ImageJ [9]. ECCI was also conducted in the BSE mode at 30 kV, with the working distance
down to 3 mm, and the sample holder tilted between 2 and 5 <[10]. ECCI revealed the
distribution of dislocation and oxide particles. EDS was operated at 25 kV, and the results were
analysed using the TEAM [11]. The elemental distribution in bulk samples was assessed via
EDS mapping. In single-layer samples, EDS line scanning was performed 30 pm beneath
surfaces, which was one layer thickness. EBSD was conducted to characterise the grain
structures and operated at 20 kV on polished or etched surfaces. The EBSD results were
identified using an austenite profile whose lattice parameter was modified to 0.36 nm. The TSL

OIM Analysis [12] was used to analyse EBSD results.

An FEI Talos F200X transmission electron microscope (TEM) equipped with an EDS detector
was operated at 200 kV to acquire bright-field (BF), dark-field (DF), scanning transmission

electron microscopy (STEM), and selected area electron diffraction (SAED) results. TEM
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samples were prepared in two manners, i.e., ion milling and focused ion beam (FIB). AGANTA
PIPS 11 695 was employed for ion milling. ® 3-mm disc samples were ground to a thickness of
30-60 um before ion milling. The ion milling was operated from 5 to 1 keV, 7 to 3 to punch
holes, thin and remove the amorphous layer. FIB was performed by an FEI Helios Nanolab
600i. A 10 um %8 um x 2 pm sample was cut with Pt coating and fixed on an FIB grid, then
thinned by the ion beam from 30 to 2 kV. The TEM samples were further cleaned via a
Fischione 1040 NanoMuill before characterisation. SAED patterns were analysed by the Gatan
Microscopy Suite [13] to identify the phases in CoCrFeMnNi samples. BF and DF images were
acquired from the deformed samples to analyse the interaction between the oxide particles and

the HEA matrix.

3.9 X-Ray Photoelectron Spectroscopy

A PHI 5000 Versaprobe 111 was used to analyse the surface of elemental Mn powder via X-ray
photoelectron spectroscopy (XPS). A survey scanning was carried out in the bonding energy
range from 0 to 800 eV, followed by a narrow scanning from 635 to 660 eV specifically for the

peaks of Mn.

3.10 Mechanical Testing

The mechanical properties of the in-situ alloyed HEAs were assessed via hardness, tensile,

compression, and nano-indentation tests. All the tests were carried out at room temperature.

3.10.1 Hardness

The measurement of Vickers hardness followed the ASTM method E92-17 [14]. The
AICoCrFeNi samples were tested by a Struers DuraScan tester at the UoB, and the method HV

0.5 with a load of 500 gf and a dwell time of 10 s was applied. The Vickers hardness of the
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CoCrFeMnNi samples was tested with a load of 300 gf and a dwell time of 10 s, using a
Shanghai Optical Instrument Factory HX1000TM/LCD hardness tester at the SUSTech. All

tested surfaces were polished prior to the tests, and 10 points were tested for each sample.

3.10.2 Tensile properties

Two kinds of specimens were used for the tensile testing of the CoCrFeMnNi samples. The
Miniature specimen illustrated in Figure 3.14 was EDM cut from cuboid samples at the
processing development stage. After the optimisation of parameters, the flat tensile model in
Figure 3.10 was fabricated and separated into 2-mm thickness via EDM to provide reduced
tensile specimens according to the ASTM E8 method [15]. The surfaces of tested specimens

were ground with p800 grit papers, and three specimens were tested for each parameter set.
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Figure 3.14 Illustration of the miniature tensile specimen.

The miniature specimens were tested by a Wance ETM universal testing machine at a fixed
cross-head speed of 0.21 mm/min, without using an extensometer. The tensile direction was
along the z-axis, which was the building direction of bulk samples. The flat specimens were

tested using an Instron 3382 universal testing machine according to the ASTM E8 method [15].
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A 10-mm extensometer was fixed on the tested flat specimens, and the strain rate was controlled

at 1073/s [16]. The tensile direction was normal to the building direction.

3.10.3 Compression properties

® 6 mm x 9 mm cylinder specimens were EDM cut from the CoCrFeMnNi cuboids for
compression testing. The sample surfaces were ground via p800 grit papers. The tests were
operated at a strain rate of 1073/s [16], using the Instron 3382 universal testing machine
according to the ASTM method ASTM E9 [17]. The compression direction was normal to the

building direction.

3.10.4 Nano-indentation

Nano-indentation was carried out to assess the hardness distribution in single-track meltpools.
A Hysitron T1-950 equipped with a Berkovich indenter was used for nano-indentation mapping.
The height and width of tested arrays were set according to the meltpool dimensions, and the
indentations were separated by 10 um in rows and columns. A tested array and its corresponding
single-track meltpool are shown in Figure 3.15. The maximum load was set as 8000 uN, while

the load time, dwell time and unload time were set as 5, 2, and 5 s, respectively.

Figure 3.15 OM images of a nano-indentation array on a single-track meltpool.
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Chapter 4: Fabricating CoCrFeMnNi High Entropy Alloy via

Selective Laser Melting In-Situ Alloying

To develop an additive manufacturing route for high entropy alloys, the processing
development starts with the in-situ alloying of CoCrFeNi & Mn blended powder. The
printability of the powder is assessed in this chapter, along with the preliminary mechanical

properties of the as-built CoCrFeMnNi samples.
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Abstract

Quasi-equiatomic CoCrFeMnNi high entropy alloy (HEA) has been in-situ alloyed by selective
laser melting (SLM) from a blend of pre-alloyed CoCrFeNi powder and elemental Mn powder.
The blended powder shows good printability with various SLM parameters and the as-built
HEA samples achieve a reliable forming quality. Despite the slight evaporation of Mn, energy
dispersive spectrometer mapping and X-ray diffraction results show that the as-built HEA has
a homogeneous chemical distribution and presents a single face-centred-cubic (FCC) phase,
indicating successful in-situ alloying. The study has verified the feasibility of using blended

powder to prepare high-quality HEA by SLM.

Keywords: High entropy alloys; Laser processing; Selective laser melting; In-situ alloying;

CoCrFeMnNi; Crystal structure

106



4.1 Introduction

High entropy alloys (HEAS) have drawn attention from both academia and industries because
of their unique microstructural features and outstanding mechanical properties. The initial
definition of HEAs is solid solutions consisting of no less than 5 elements, each concentration
between 5 and 35 at. % [1]. Arc melting is the most widely used technique to fabricate HEAs
in laboratories due to its compositional flexibility and capability of homogenising
microstructure, but the geometry and size of produced parts are normally restricted. Additive
manufacturing (AM) techniques including directed laser deposition (DLD), selective laser
melting (SLM), and selective electron beam melting (SEBM) have been employed to fabricate
HEAs [2-4] for their capability to manufacture complex geometry, as well as the associated

high cooling rate which restrains segregation.

Among various HEAs, CoCrFeNi and CoCrFeMnNi HEAs have been fabricated by SLM using
pre-alloyed powder, and the as-built HEAs possess chemical homogenisation and outstanding
mechanical properties [5, 6]. However, in order to further explore HEAS, the existing pre-
alloyed powder approach, which often relies on gas atomisation to provide the powder, seems
rigid and time-consuming and largely compromises the compositional flexibility of HEAs. As
such, AlxCoCrFeNi HEAs have been in-situ alloyed by DLD using elemental powders [2]. DLD
can mix several elemental powders in a large molten pool but this also results in low forming
accuracy which requires considerable post-processing. It would bypass preparing pre-alloyed
powder and post-machining if HEAs could be in-situ alloyed by SLM, which has higher
geometry accuracy and better surface finish. SLM has been employed to fabricate Ti alloys and
Ni-based superalloys using blended powders. In-situ alloying can be achieved when the fraction

of the additional element is less than 5 at. % [7, 8]. When the fraction is too high, the additional
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elements tend to stay unalloyed after the SLM process [9]. The use of SLM in-situ alloying for
manufacturing HEAs has not been reported yet. Its feasibility and the underlying mechanism
are still to be investigated, particularly considering that as much as 20 at. % of additional

alloying elements is going to be involved in HEAs.

This research employed CoCrFeNi pre-alloyed powder as a base alloy. Mn was chosen as the
additional metal since the printability of CoCrFeMnNi has been proved, useful as a reference
for comparison. SLM experiments were carried out to verify the printability of the blended
powder. The microstructures and chemistry of the in-situ alloyed HEA were studied to

understand the feasibility of the SLM in-situ alloying.

4.2 Experiment

Pre-alloyed CoCrFeNi powder was fabricated by TLS Technik GmbH and its composition is
listed in Table 4.1. Elemental Mn powder (99% purity) was provided by Sigma-Aldrich. 79 wt. %
of the pre-alloyed CoCrFeNi powder and 21 wt. % of the elemental Mn powder were weighed
for quasi-equiatomic composition. Powders were blended for 24 h by a horizontal blending
machine. 9 mm x 9 mm x 12 mm blocks were manufactured by a Concept Laser M2 SLM
printer on steel substrates with a laser spot size of 90 pm, and layer thickness (t) of 30 pm. A
processing map including laser power (P: 110-280 W), scanning speed (v: 800—-2000 mm/s),
and hatch spacing (h: 45-75 jum) was designed to optimise SLM parameters. The density of
samples was measured according to the Archimedes method. X-ray diffraction (XRD) was
performed to investigate the phase of powder and the as-built HEA on a Rigaku Smartlab
equipped with Cu K, radiation. A Zeiss Merlin field emission scanning electron
microscope (SEM) with electron back-scattered diffraction (EBSD) detector and energy

dispersive spectrometer (EDS) was employed to analyse the microstructures and chemistry of
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samples. Prior to EBSD and XRD analyses, vibratory polishing was conducted to provide
stress-free samples. The Vickers hardness was tested with a load of 300 gf and dwell time of
10 s on polished sample cross-sections. Miniature tensile specimens with gauge dimensions of

Imm x 2mm x 3.4 mm were machined from as-built HEA blocks. Tensile tests were

performed on a Wance ETM universal testing machine at a cross-head speed of 0.21 mm/min.

Table 4.1 Chemical analysis and various properties of the raw materials used in this

study.

Fe Ni Cr Co Mn

Pre-alloyed powder (at. %) 23.69 23.34 27.57 25.40 N/A
Blended powder (at. %) 18.59 18.31 21.64 19.93 21.53
SLM 259.3 (at. %) 20.14 19.72 21.88 21.59 16.67

Ts (K) 3134 3003 2944 3200 2334

AHvap (kJ/mol) 340 379 347 377 221
Atomic radius (pm) 126 124 128 125 127

4.3 Results and Discussion

Figures 4.1(a) and (b) show the SEM images of the pre-alloyed CoCrFeNi powder and the
elemental Mn powder. The pre-alloyed powder is gas-atomised spherical powder while the Mn
powder is irregular. They can be easily distinguished in the blended powder by their
appearances (Figure 4.1(c)). The as-built CoCrFeMnNi HEA samples in Figure 4.1(d) are free

of cracking or delamination on their surfaces.
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Figure 4.1 SEM images of (a) pre-alloyed CoCrFeNi powder, (b) elemental Mn powder
and (c) blended powder. (d) As-built CoCrFeMnNi HEA blocks.

In Figure 4.2(a), the density of as-built samples, including CoCrFeNi HEA built using
pre-alloyed powder, is plotted verse laser volumetric energy density (VED) which is calculated
by VED = P/(vht) [10]. It shows that the density of the in-situ alloyed CoCrFeMnNi HEA keeps
increasing till the maximum VED of 259.3 Jmm?® and reaches 7.89 g/cm® (the sample is
denoted as SLM 259.3). The porosity observed in the cross-sections matches the trend of
increasing density as well, see the figure inset in Figure 4.2(a). Without the elemental Mn
powder, the highest density of CoCrFeNi HEA occurs at the VED of 104.3 J/mm?. In the former
research using pre-alloyed powder, the density of SLMed CoCrFeMnNi HEA reaches the
maximum when the VED is 60 JJmm?® or 74 JJmm?® [5, 6], while excessive energy input
generates defects and therefore decreases the density [11]. Thus, the addition of elemental Mn

powder somehow helps to restrain the defect in SLMed parts at higher VED values. Mn has the
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lowest heat of vaporisation and the lowest boiling point among the five composing
elements (Table 4.1). It has also been found that Mn evaporates more than the other elements
during the SLM process [5], and hence its loss is expectable, particularly as an elemental
powder. According to Table 4.1, the Mn content drops to 16.67 at. % in the SLM 259.3. Besides
the energy consumed by Mn evaporation, the irregular shape of powder and the spatter may
also reduce the laser absorption during the SLM process, so the samples could maintain well

densified with high VED [12, 13].
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Figure 4.2 (a) Dependence of density on the VED, with embedded SEM images of cross-
sections. (b) XRD results of the blended powder and as-built CoCrFeMnNi HEA
samples. EDS mapping of (c) the SLM 120.4 and (d) the SLM 259.3.

XRD results are illustrated in Figure 4.2(b). Face-centred-cubic (FCC) structure from the pre-

alloyed CoCrFeNi powder and a-Mn are both detected in the blended powder. After the SLM
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process, peaks of the a-Mn disappear and the as-built CoCrFeMnNi HEA samples possess an
FCC single phase, revealing that VED of 120.4 J/mm?® can in-situ alloy most of the elemental
Mn powder and form a desirable HEA microstructure. The lattice parameter of the as-built
CoCrFeMnNi HEA calculated from the XRD spectrums is approximately 3.60 A, which
matches the values of this HEA fabricated by arc melting (~3.59 A) and SLM (~3.60 A) using
pre-alloyed powder [6, 10]. This lattice parameter is larger than 3.57 A of the pre-alloyed
CoCrFeNi powder since the atomic radius of Mn is the second largest among constituent
elements (Table 4.1), and hence the alloying of Mn leads to a larger lattice parameter. The
shifting of (200) peaks in the spectrum also proves this point: The sample built with higher VED
has lower Mn content due to evaporation, and therefore its lattice parameter is smaller. Figure
4.2(c) shows the EDS mapping of the SLM 120.4. The depletion of Mn and segregation of the
pre-alloyed elements occur extensively, indicating poor elemental homogeneity. As the VED
increases to 259.3 JJmm?3, the pre-alloyed elements distribute uniformly in Figure 4.2(d), and
the distribution of Mn is mostly homogeneous. High VED can increase the temperature in the
meltpool, enlarge the size of it, and promote internal flows [14, 15]. The larger meltpool allows
more powder to be molten and mixed by the internal flow, meanwhile; it remelts previously

solidified part, leading to better homogenisation and in-situ alloying [16].

EBSD was performed on the planes parallel and perpendicular to the building direction of the
SLM 259.3 HEA. In Figure 4.3, the z-axis represents the building direction while the x and
y-axes represent the directions parallel to scanning directions. The inverse pole figure (IPF)
map of the yz-plane shown in Figure 4.3(a) illustrates that coarse columnar grains can grow
through more than 10 layers in the building direction. In the xy-plane (Figure 4.3(b)), grains
are not typically equiaxed and the average grain size is 53.1 pm. Figure 4.3(c) shows the pole

figure (PF) and IPF of the xy-plane. The IPF reveals a strong <001> texture because <001>
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orientation is the preferred growth direction in FCC crystals along the heat gradient, which is
overall parallel to the building direction during SLM processes [17]. Besides the building
direction, <001> orientation also gathers along x and y-axes in the PF, indicating crystal growth

Is affected by scanning directions during the SLM process.

Figure 4.3 IPF maps of (a) the perpendicular (yz) plane and (b) the horizontal (xy) plane
of the SLM 259.3. (c) PF and IPF of the horizontal plane.

The tensile properties and microhardness of the SLM in-situ alloyed CoCrFeMnNi HEA are
provided in Table 4.2. The in-situ alloyed HEA possesses higher hardness and ultimate tensile
strength (ous) than the HEAs fabricated using pre-alloyed powder, whereas its elongation at
break (ef) is lower. It is noted that the oxygen content of the in-situ alloyed HEA (= 3300 ppm)
is higher than that in the literature [5]. Since Mn is a reactive element, oxygen could be
introduced by the Mn powder during the in-situ alloying process. It has been reported that the
strength of SLMed HEAS can be enhanced by nano-size Mn oxides [18], which is likely the

reason for the higher hardness and tensile strength value measured by this study.
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Table 4.2 Comparison of microhardness and tensile properties of CoCrFeMnNi HEAs

fabricated by SLM using blended powder and pre-alloyed powder.

Materials Microhardness (HV) outs (MPa) ef (%)
Present blended powder 261 +7 681 +14 125 +05
Pre-alloyed powder [5] N/A 609 £10 34 £3
Pre-alloyed powder [6] N/A 601 35
Pre-alloyed powder [17] 212 N/A N/A

A brief comment on the above results is made as follows: In-situ alloying using blended
powders has realised the fabrication of segregation-free, high-density and good mechanical
property CoCrFeMnNi HEA through careful process optimisation. The approach holds the
potential for further exploring HEAs such as those consisting of senary or even more composing

elements and maximising the compositional flexibility of HEAs.

4.4 Conclusions

Bulk CoCrFeMnNi HEA has been in-situ alloyed from the blend of pre-alloyed CoCrFeNi
powder and elemental Mn powder. XRD results showing a single FCC phase indicate that the
Mn has been alloyed during the SLM process. High VED helps to homogenise Mn in the as-
built parts, and Mn distributes almost uniformly at the VED of 259.3 J/mm?. Based on the wide
permissible VED range and good printability of the blended powder, it is possible that the
current approach can be applied to other CoCrFeNi-based HEAs as well by SLM in-situ

alloying.
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Chapter 5: In-Situ Alloying of AICoCrFeNi High Entropy Alloy

via Laser Powder Bed Fusion with Pre-Heating

In the last chapter, the in-situ alloying of a representative FCC HEA, CoCrFeMnNi was
demonstrated. To further explore the compositional flexibility of the current in-situ alloying
approach, the CoCrFeNi & Al blended powder is adopted in this chapter to produce a BCC

AlICoCrFeNi HEA. Moreover, high-temperature pre-heating is performed to restrain cracking.
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Abstract

The in-situ alloying printability of body-centred-cubic (BCC) AICoCrFeNi high entropy
alloy (HEA) was assessed via laser powder bed fusion (LPBF) using a blend of pre-alloyed
CoCrFeNi powder and elemental Al powder. However, despite searching a wide range of
parameters and using a heated bed at 600 <C, defect-free samples could not be prepared using
these approaches, indicating poor printability of the blended powder. Elemental mapping results
showed the in-situ alloyed Al was heterogeneously distributed and with significant loss by
evaporation.  X-ray diffraction (XRD) results implied that the BCC and
face-centred-cubic (FCC) phases co-existed in the as-built samples, rather than a single BCC
phase of the nominal composition. Defect distribution in the as-built samples was further
analysed using Micro-CT, and its forming mechanisms were discussed. It appeared that
cracking occurred via solidification cracking due to the heterogeneous Al-distribution, which
was inevitable in the in-situ alloyed AlCoCrFeNi HEAs. Since LPBF in-situ alloying has
become an emerging technique for rapid validation of new HEAs, the printability of FCC and
BCC HEAs via both pre-alloyed and in-situ alloyed powders are discussed to assist future alloy

development.

Keywords: High entropy alloys; Laser powder bed fusion; In-situ alloying; AICoCrFeNi
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5.1 Introduction

High entropy alloys (HEAS) have become one of the most significant research areas during the
past decade. More studies are being carried out by researchers due to the unique microstructures
and superior mechanical properties of HEAs, and, more importantly, the vast space unleashed
for alloy development [1-4]. An early composition-based definition of HEAs was alloy
composing 5 or more principal elements with each concentration between 5 and 35 at. %,
meanwhile forming single-phase solid solutions, e.g., face-centred-cubic (FCC) or
body-centred-cubic (BCC) [5]. Based on their great compositional flexibility, HEAs with
dual-phase structures, precipitation strengthening, and minor alloying elements have also been
developed in recent years [6, 7]. In order to validate the microstructures and properties of
different HEA compositions, conventional methods such as arc melting, and coating have been
widely used because of their convenience of compositional modification [4]. However, the
geometrical flexibility of such methods is limited when complex components are required for

testing.

Laser powder bed fusion (LPBF) is an additive manufacturing technique capable of fabricating
net-shape components with outstanding forming accuracy. Normally, pre-alloyed powders are
used as feedstock. Recently, the in-situ alloying potential of LPBF has been explored by
researchers, because the cost and time of customising pre-alloyed powders can be considerable,
especially for HEAs with great compositional flexibility [8, 9]. Over the past few years, various
approaches to the fabrication of HEAs via LPBF in-situ alloying have been carried out
worldwide by different groups, using powder blends of either elemental powders or pre-alloyed
powders and elemental powders [10-19]. Near full-dense (relative density > 99.5%) HEAs with

good elemental homogeneity could be successfully achieved, including CoCrFeNi,
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CoCrFeMnNi, and AlxCoCrFeNi, etc. However, these LPBF in-situ alloyed HEAs were mostly
FCC or FCC-dominated, while successful fabrication of BCC single-phase HEAs was not
reported. Cracking was found to be the major flaw that was detrimental to the printability of

in-situ alloyed BCC HEAs [18, 19].

AlxCoCrFeNi is an HEA system whose phase formation can change from FCC to FCC + BCC
dual-phase, then BCC as the content of Al increases from 0 to equiatomic [20]. With the use of
blended elemental powders, AlxCoCrFeNi (x = 0.3-0.8) HEAs were in-situ fabricated via
directed laser deposition (DLD), and the as-built AlogCoCrFeNi HEA possessed a BCC single
phase without fatal cracking [21]. Sun et al. [14] in-situ fabricated AlxCoCrFeNi (x = 0-1)
HEAs using LPBF, but the crack-free sample could only be produced with an FCC-dominated
structure when x = 0.5. Although the equiatomic AICoCrFeNi HEA can be fabricated via
selective electron beam melting (SEBM) using blended powder [22], LPBF approaches using
pre-alloyed powder still suggested poor printability of the BCC AlCoCrFeNi HEA. Karlsson et
al. [23] claimed that it was impossible to build cracking/porosity-free samples after a wide
processing window was investigated, and further suggested using a high-temperature stage to
reduce thermal stress. The best relative density of as-built AICoCrFeNi HEA fabricated by

Niu et al. was also lower than 99%, implying the lack of densification [24].

The in-situ alloying approaches using pre-alloyed CoCrFeNi powder with extra elemental
powders have shown their feasibility of the fabrication of near full-dense defect-free FCC HEAs
[15-17]. By exploring a wide range of processing parameters, including using a heated substrate
to restrain residual stress [25], this study assessed the feasibility of using a blend of pre-alloyed
CoCrFeNi powder and elemental Al powder to fabricate BCC AICoCrFeNi HEA. Densification,

elemental homogenisation, and phase formation in as-built samples, were revealed. The results
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of this study will provide a useful guide for the design of compositions when employing LPBF

in-situ alloyed for rapid validation of HEAs.

5.2 Experiment

Pre-alloyed CoCrFeNi and elemental Al spherical powders were fabricated by argon gas
atomisation, with Dv 50 of 32.4 um and 40.1 um, respectively. 89 wt. % of the pre-alloyed
CoCrFeNi powder and 11 wt. % of the elemental Al powder were weighed for a
quasi-equiatomic composition, as shown in Table 5.1, and then blended for 24 h using a

horizontal blending machine. The blended powder is shown in Figure 5.1.

Figure 5.1 The blend of pre-alloyed CoCrFeNi powder and elemental Al powder.
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Table 5.1 Chemical analysis and physical properties of the raw powders.

Fe Ni Cr Co Al

Pre-alloyed powder (at. %) 23.7 23.3 27.6 25.4 \
Blended powder (at. %) 18.8 18.6 21.9 20.2 20.5
Tmelting (K) 1812 1728 2180 1766 933
Thoiting (K) 3134 3003 2944 3200 2792
AHuyap (kJ/mol) 340 379 347 377 285
Atomic radius (pm) 126 124 128 125 143

9 mm x 9 mm x 12 mm blocks were manufactured using a Concept Laser M2 with a laser spot
size of 90 m on steel substrates. The 5 mm x 5 mm chessboard scanning strategy was applied
during slicing [17]. All the LPBF experiments were carried out with argon protection controlled
down to 1000-ppm oxygen content. The processing parameters, including laser power (P),
scanning speed (v), hatch spacing (h), layer thickness, and pre-heating temperature (To), are
listed in Table 5.2. Linear energy density (LED = P/v [26]) and volumetric energy density (VED
= P/vht [17]) were used to describe the energy input of the different parameter sets. As-built

samples were removed from the substrate using electrical discharge machining (EDM).

Table 5.2 Processing parameters used in this study.

Powder P (W) v (mm/s) h (um) ¢ (um) Ty (°C)
Pre-alloyed 150-350 800-2000 30-120 30 RT
In-situ alloyed 80-300 100-2400 30-135 20-60 RT, 600
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The densification of the pre-alloyed samples was assessed via ASTM B962 Archimedes method.
Meanwhile, A Diondo D2 Micro-CT was used to characterise in-situ alloyed samples. A Hitachi
TM 3000 desktop selective electron microscope (SEM) operated at 15 kV and equipped with a
Bruker energy dispersive X-ray spectroscope (EDS) was used to analyse defects and elemental
distribution in LPBFed parts. To confirm the in-situ alloying and phase formation in as-built
samples, X-ray diffraction (XRD) was performed on a Bruker D2 Phaser (Co Ka). The
microhardness of the samples was tested by a Struers DuraScan using the method HV 0.5

(500 gf, 10 s).

5.3 Results and Discussion

5.3.1 LPBF of the pre-alloyed CoCrFeNi

The purpose of pre-alloyed building is to determine the possible processing window of the
blended powder, because the pre-alloyed powder forms the majority of the blend. Figure 5.2(a)
shows the measured density of the as-built CoCrFeNi samples. The density increases to a
maximum of 8.14 g/cm?® with a VED of 104 JJ/mm?3, and then slightly decreases as the energy
input increases. Pores, caused either by lack-of-fusion or keyhole, tend to occur when the VED
is insufficient or excessive, which reduces the density of as-built parts [27]. Figure 5.2(b)
provides a representative optical micrograph for the cross-section of the as-built CoCrFeNi
sample with high density, showing good densification without severe cracking or porosity.
Generally, the pre-alloyed CoCrFeNi powder possesses good LPBF printability that allows
high-quality parts to be fabricated in a wide VED processing window [28]. In this study, a VED
range from 70 to 150 J/mm? is determined as the optimum processing window of the pre-alloyed

powder.

124



Lack of fusion

Figure 5.2 (a) Density of LPBFed CoCrFeNi HEA. (b) Optical micrograph showing the
cross-section of CoCrFeNi HEA fabricated using the pre-alloyed powder.

5.3.2 LPBF of the in-situ alloyed AICoCrFeNi

In-situ alloying experiments were carried out based on the optimised processing window of the
pre-alloyed powder. However, the blended powder cannot be processed effectively with the
optimum parameters for the pre-alloyed CoCrFeNi powder due to the severe delimitation which
occurred in the processing. By further exploration of the processing map, bulk samples can be
fabricated using a relatively low energy input (LED < 0.12 J/mm), as shown in Figure 5.3(a).
In-situ alloyed AICoCrFeNi samples using optimised parameters are shown in Figure 5.3(b).
As indicated by the processing map, although bulks were fabricated by LPBF, cracking and

porosity were inevitable. Severe delimitation can be observed at the sample surfaces, indicating
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poor printability of the blended powder, which is in agreement with the approach using

pre-alloyed powder [23].
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Figure 5.3 (a) Processing map of the in-situ alloyed AICoCrFeNi HEA. The red dashed
line illustrates the processing window of the pre-alloyed CoCrFeNi HEA. (b) As-built
AlCoCrFeNi samples obtained using optimised parameters.

5.3.3 Phase formation of the in-situ alloyed AICoCrFeNi

XRD was performed to confirm the phases in the pre-alloyed CoCrFeNi and in-situ alloyed

AICoCrFeNi samples, Figure 5.4. The CoCrFeNi sample possessed an FCC single phase, while
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the FCC + BCC dual phases were revealed in the in-situ alloyed AICoCrFeNi samples, implying
that most of the Al powder dissolved during the LPBF process. The relative intensity of the
BCC phase was more significant in the sample fabricated using a higher LED of 0.125 J/mm.
Because the high LED can improve the dissolution of Al [17]; meanwhile, Al is a BCC stabiliser
to the AlxCoCrFeNi HEA system [29]. The FCC-to-BCC transition was therefore promoted in
the in-situ alloyed samples with the high energy input. It was also noted that a BCC single-
phase structure was not obtained by in-situ alloying, despite an equiatomic nominal

composition in the blended powder.
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Figure 5.4 XRD spectra of CoCrFeNi and AICoCrFeNi samples.

5.3.4 In-situ homogenisation of Al

Figure 5.5 provides EDS mapping results of the in-situ AICoCrFeNi HEA. Although the
mapping results indicate that the Al has dissolved into the HEA matrix, the Al distribution is
still heterogeneous with obvious segregations. In previous in-situ alloying studies on other
HEAs, the homogenisation of the alloying elements can be improved by applying excessive

LED, e.g., 0.25 J/mm for Alo1CoCrFeNi [15] and 0.35 J/Jmm for CoCrFeMnNi [17]. Regarding
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the equiatomic blended powder used in this study, bulk samples can only be produced using an
LED below 0.1 JJmm?3, while a higher VED would lead to failure of the parts. Consequently,

the in-situ homogenisation is restrained.

Although a relatively low energy input was applied to build the bulk samples, the burning loss
of Al was still significant in as-built samples. The EDS results showed that the Al content of
the samples fabricated using LED of 0.11 and 0.125 J/mm dropped from equiatomic to 11.2 and
10.0 at. %, respectively. As given in Table 5.1, both the boiling point (Ty) and latent heat of
vaporisation (AHvap) of Al were the lowest of the five alloying elements, and its burning loss
was to be expected. Burning loss was also observed in the in-situ alloying approach with a minor
Al addition [15]. Meanwhile, the sample built with the high energy input (0.125 J/mm) had a
relatively lower Al content but a higher intensity of the BCC peaks (Figure 5.4), implying that
the alloying Al was more effectively homogenised in the HEA matrix to induce the BCC

transition, despite its relatively high burning loss.

Figure 5.5 Elemental distribution of in-situ alloyed AICoCrFeNi.
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5.3.5 Microhardness of the as-built HEASs

The microhardness results of the pre-alloyed and in-situ alloyed HEAs in this study are listed
in Table 5.3. The hardness of the pre-alloyed CoCrFeNi is 286 =15 HV, consistent with the
reported values [30]. In the in-situ alloyed AICoCrFeNi samples, the hardness results were
distributed in a broad range from 270 to 568 HV, located between the FCC and BCC hardness
values. With an increasing Al content, the hardness of the AlxCoCrFeNi system increased
gradually as the matrix transformed from ductile FCC to brittle BCC phase [20]. The variation

of hardness can thus be correlated to the heterogeneity of Al.

Table 5.3 Comparison of microhardness of LPBFed CoCrFeNi and AICoCrFeNi HEAs.

HEA Method Phase Microhardness (HV)
CoCrFeNi LPBF pre-alloyed FCC 286+15
CoCrFeNi [30] LPBF pre-alloyed FCC 238
AlCoCrFeNi LPBF in-situ alloyed FCC + BCC 270-568
AICoCrFeNi [24] LPBF pre-alloyed BCC 633

5.3.6 Defects in the in-situ alloyed AlCoCrFeNi

As previously mentioned, defect-free samples cannot be produced using the in-situ alloyed
approach. The processing map revealed a trade-off between cracking and porosity. This
cracking tendency increases with energy input and leads to delimitation during the process.
Furthermore, the porosity becomes more severe when the energy input is set lower in order to
restrain cracking, which is likely to be assisted by the residual stresses at higher heat input

conditions. SEM cross-sections showed that abundant defects existed inside the in-situ alloyed
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samples, either dominated by cracking (Figure 5.6(a)) or porosity (Figure 5.6(b)). The EDS
mapping results in Figure 5.6(c) revealed that cracks tend to appear within the regions with Al
segregation. The heterogeneity of Al can lead to severe local distortion of lattice and abundant

FCC/BCC interfaces.

Cracking Porosity
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Figure 5.6 SEM vertical cross-sections of in-situ alloyed AICoCrFeNi HEAs with (a)
cracking and (b) porosity. (c) Detailed SEM image of a crack and corresponding EDS
mapping result of Al. (d) SEM image showing unmelted powders in a lack-of-fusion

pore.

Since the thermal history of the LPBF process consists of many cycles of rapid heating and
cooling, thermal stress in such heterogeneous areas is more critical due to the expansion and
contraction of lattices [23]. The phase interfaces are also likely to become sources of cracks
because liquid/mushy zones can form locally with the segregation of low-melting-point Al,

leading to either solidification or liquation cracking [14, 27]. The porosity in samples is
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dominated by lack-of-fusion pores, as shown in Figure 5.6(d), where some partially melted
powder remained. The energy density used for in-situ alloying experiments was much lower
than that required to fully densify the pre-alloyed CoCrFeNi powder, see Figure 5.2(a) and
Figure 5.3(a). Consequently, the meltpool was insufficient to melt all the powder and to form
an adequate overlap with each other [31]. Generally, a cracking-porosity trade-off was found
in the in-situ alloyed approach using the current blended powder, leaving a poor processing
window for defect-free samples. Therefore, further optimisation of the process and the material

composition should be attempted to improve the printability of the BCC HEA.

5.3.7 Pre-heating effects on the printability of the in-situ alloyed AICoCrFeNi

Pre-heating was employed to improve the build quality during in-situ alloying. Previous work
showed that it lowered the thermal gradient to restrain thermal stress and enlarge meltpools to
eliminate lack-of-fusion porosity [25, 31]. In this study, the substrate was heated at 600 °C

before laser scanning, which was slightly lower than the melting point of Al (660 °C).
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Figure 5.7 Processing map of the in-situ alloyed AICoCrFeNi HEA pre-heated at 600 °C.
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However, even when pre-heated at 600 °C, the printability of the blended powder did not show
noticeable improvement, see Figure 5.7. Defect distribution in the samples built using identical
laser parameters was further analysed via Micro-CT (Figure 5.8), indicating porosity and
cracking cannot be eliminated, and cracking is still the critical factor in building quality. There

was even a minor drop in relative density, from 97.8% of the RT sample to 97.3% of the

pre-heated sample,
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Figure 5.8 Micro-CT results showing defect distribution in AICoCrFeNi samples
fabricated on substrates at (a) RT and (b) 600 °C.

Pre-heating is, without doubt, an effective method to reduce the thermal stresses [25]. Therefore,
Therefore, solidification cracking is likely to be the primary cracking initiation in the in-situ
alloyed AICoCrFeNi samples. Furthermore, liquation/mushy zones are even more likely to
occur because of the high temperature. Such cracking cannot be eliminated by further increasing
the pre-heating temperature as it will not eliminate the Al segregation. DLD can provide
millimetre-size meltpools to melt and homogenise elemental powders, while the cooling rate is
much lower [27]. Therefore, in-situ alloying of BCC AlCoCrFeNi HEA can be achieved by

DLD using elemental powders [21]. On the contrary, even with the application of pre-alloyed
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powder with ideal elemental homogenisation, cracking was still inevitable in the LPBF
approach [23]. It is reasonable to conclude that in-situ alloying of AICoCrFeNi HEA cannot be

satisfactorily realised by LPBF.

In addition, some important indications about in-situ alloying have been raised by this study
and by the results of previous research into in-situ alloying approaches. Most successful in-situ
alloying approaches have been carried out on HEAs dominated by an FCC matrix [10-17]. A
ductile FCC matrix can withstand the high energy input required to homogenise alloying
elements, while BCC HEAs should not be recommended for LPBF in-situ alloying due to their
brittle nature. Furthermore, the alloy should be carefully designed so that such liquid-phase
regions can be avoided. Otherwise, solidification cracking because of elemental segregation in

the liquid phase regions will occur.

5.4 Conclusions

Compared with the pre-alloyed CoCrFeNi powder, the blended Al & CoCrFeNi powder lacked
LPBF printability despite pre-heating at 600 °C. Although bulk samples could be prepared by
applying a low energy input, lack-of-fusion porosity and Al heterogeneity could not be
eliminated with such a low energy input. Moreover, the burning loss of Al was significant.
Solidification cracking along the Al segregation areas was responsible for the failure of in-situ

alloying.

For future research on in-situ alloyed HEAs, the choice of FCC systems with elements
possessing similar liquidation phase regions is recommended to ensure printability and

elemental homogenisation.
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Chapter 6: In-Situ Alloyed, Oxide-Dispersion-Strengthened
CoCrFeMnNi High Entropy Alloy Fabricated via Laser
Powder Bed Fusion
After the processing development of blended powders in Chapters 4 & 5, this chapter
investigates the mechanical properties of high-quality CoCrFeMnNi samples, and the

microstructural evolution during deformation. The strengthening effect produced by in-situ

formed oxide particles is highlighted.
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Abstract

By using a blend of pre-alloyed CoCrFeNi powder and elemental Mn powder, quasi equiatomic
CoCrFeMnNi high entropy alloy (HEA) has been in-situ alloyed via laser powder bed fusion
(LPBF). Besides being homogeneously dissolved into the HEA matrix, Mn also forms oxide
particles with oxygen originating from both powder feedstock and printing atmosphere,
resulting in an in-situ alloyed, oxide-dispersion-strengthened (ODS) HEA. The tensile strength
of the ODS HEA is significantly improved to a yield strength of 620 MPa and tensile strength
of 730 MPa. The tensile ductility of the ODS HEA is lower than the ones prepared by using
fully pre-alloyed powders, but an outstanding compression ductility maintains for the ODS
HEA. The deforming behaviour of the alloy has been revealed, and the contribution of Orowan
strengthening has been quantified along with other mechanisms. The study provides an

approach to developing advanced HEAs with high strength and moderate ductility by LPBF.

Keywords: High entropy alloys; Powder bed fusion; Additive manufacturing; Deformation

behaviour; Orowan strengthening
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6.1 Introduction

The discovery of high entropy alloys (HEAS) is one of the most significant developments in the
field of metallic materials. The concept of HEA allows researchers to choose multi-principal
elements in one HEA system, each concentration between 5 and 35 at. %, which composition
locates at the normally unexplored central area of a phase diagram [1-3]. At the initial stage of
the alloy development, HEAs are requested to form single-phase solid solutions with five or
more principal elements at an equiatomic ratio [4]. The definition of HEAS has evolved with
time. For instances, dual-phase solid solution HEAs like AlxCoCrFeNi are accepted, whose
microstructure gradually transforms from ductile face-centred-cubic (FCC) phase to brittle
body-centred-cubic (BCC) phase as the content of Al increases; precipitation-strengthened
HEAs such as FCC-CoCrFeNi reinforced by L1>-Niz(Ti, Al) also emerge [5-7]. The great
compositional flexibility endows HEAs with the possibility to cover most property maps of

knowing alloy systems and even extend to those previously unattainable areas.

HEAs have shown application potential due to their outstanding properties. Conventionally,
HEAs are mostly fabricated by arc melting or coating methods to avoid segregation during
solidification [3]. But the products fabricated via those techniques can hardly accomplish the
requirements of various applications [8]. Manufacturing of HEA parts with chemistry
homogeneity, geometry flexibility and excellent mechanical properties is still in the beginning

stage.

Laser powder bed fusion (LPBF), also known as selective laser melting (SLM), is a laser-based
additive manufacturing (AM) technique that has been widely employed to fabricate metallic
parts with complex geometry for many important industries [9, 10]. As for HEAs, single-phase

FCC HEAs such as CoCrFeNi, CoCrFeMnNi, and AlosFeCoCrNi possess good LPBF
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printability, when using pre-alloyed powder [11-13]. Heterogeneous pre-alloyed HEA powders
have also been developed for LPBF, e.g., CoCrFeNiTi-based HEA, AICrCuFeNix and C-
containing CoCrFeNi HEAs [14-18]. Shortcomings of the pre-alloyed powder approach include
that the compositional flexibility is restricted, and the production circle can be quite
time-consuming. Directed laser deposition (DLD) is another laser-based AM technique, which
can deliver different elemental powders simultaneously and melt them in a large molten pool
to achieve in-situ alloying. AlxCoCrFeNi HEA has been in-situ alloyed by DLD, and all the
compositional elements can be dissolved and homogenised [19]. In this way, the composition
of HEASs can be more flexible than using pre-alloyed powder, yet the forming accuracy of DLD
is much lower than that of LPBF, which means that considerable secondary processing is

inevitable to produce a qualified part via DLD in-situ alloying.

To produce HEA parts with both complex geometry and compositional flexibility by AM, a
potential solution is the in-situ alloying by LPBF using blended powder rather than pre-alloyed
powder. In previous studies, LPBF in-situ alloying has shown its feasibility of introducing a
minor amount of elemental powder into conventional alloy systems, e.g., 2 at. % of elemental
Al powder has been in-situ alloyed with pre-alloyed In718 powder to precipitate more sigma
phase and enhance the mechanical properties; Ti2AINb has also been in-situ alloyed from a
blend of elemental powders [20, 21]. However, the small molten pool in the LPBF process
encounters problems like segregation of the introduced element and the high cracking tendency
due to the generation of secondary phases, when the amount of elemental powder increases to
a higher level [22]. In this regard, the feasibility of in-situ fabricating HEAs using blended

elemental powders via LPBF needs to be further testified.

141



Based on this consideration, a CoCrFeMnNi HEA has been in-situ alloyed from a blend of pre-
alloyed CoCrFeNi powder and elemental Mn powder in our previous research as a pilot study
[23]. It shows that the HEA matrix can maintain an FCC structure as the content of dissolved
Mn is up to 20 at. %, which is considerably compositional feasibility achieved via the LPBF
in-situ alloying. Aside from good densification and homogeneity, the in-situ alloyed HEA has
also shown improved microhardness and oxygen content. More interestingly, a much-enhanced
strength has been discovered in the in-situ alloyed HEA, the detailed mechanism for which
needs to be clarified. In this study, the structure-property correlation of the in-situ alloyed HEA
is thoroughly analysed. Mn oxide particles are found dispersed extensively in the HEA matrix,
resulting in an oxide-dispersion-strengthened (ODS) HEA. Although ODS HEASs have been
produced using spark plasma sintering (SPS) via adding yttria or alumina particles to HEA
powder [24, 25], ODS HEAs fabricated using in-situ AM techniques have rarely been reported
[26, 27]. Hence, this study investigates the oxides formation mechanism of the in-situ alloyed
HEA, which is essential for offering a time and cost-efficient LPBF route to fabricate advanced

ODS parts with excellent mechanical properties, particularly in terms of strength.

6.2 Material and Methods

6.2.1 Powder and LPBF process

A powder blend of pre-alloyed CoCrFeNi powder (TLS Technik GmbH) and elemental Mn
powder (Sigma-Aldrich) was used as raw material to fabricate the in-situ alloyed CoCrFeMnNi
HEA. The two powders were weighed to ensure quasi-equiatomic composition (Table 6.1), and
then mixed by a horizontal mixing machine for 12 h to pre-homogenise before the LPBF
process (Figure 6.1(a)). The original atomic percentage of Mn was higher than the nominal 20

at. %, since the selective evaporation of Mn was expected during printing, and the extra amount
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of Mn may help to compensate for the elemental loss. A Concept Laser M2 was employed to
fabricate bulk HEA parts from the blended powder. All the samples were fabricated on 316L
stainless steel substrates with argon protection. A schematic of the scanning strategy used in
this study is shown in Figure 6.1(b). Each layer was separated into chessboard patterns
composed of 5 mm > 5 mm blocks, with internal scanning routes normal to those in
neighbouring blocks. Every block rotated 90 “and shifted 1 mm along both x and y-axes in the
following layer. The scanning patterns are revealed in Figure 6.1(c). The y-axis was marked as
the gauge length of tensile specimens as well. The layer thickness (t) was 30 pm for the blended
powder. An optimised laser parameter set, including laser power (P) of 280 W, scanning
speed (v) of 800 mm/s, and hatch spacing (h) of 60 um, was applied in the LPBF process,
achieving a high relative density [23]. The volumetric energy density (VED) applied in the

LPBF process was calculated by VED = P/(vht) [23].

Table 6.1 Chemistry of the blended powder and as-built sample in this study.

Co Cr Fe Ni Mn
wt. % 79 (pre-alloyed) 21
Blended ' (elemental)
powder | ¢ o 19.93 21.64 1859 | 1831 2153
As-built HEA (at. %) 21.59 21.88 2014 | 19.72 16.67
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Figure 6.1 (a) An SEM image of the blended powder including spherical pre-alloyed
powder and irregular-shaped elemental Mn powder, with EDS mapping results of
elemental distribution which is similar to the powder layer before scanning. (b) A

Schematic of the chessboard scanning strategy and (c) a layer scanned by laser in the

LPBF process.

6.2.2 Microstructural characterisation

Phase formation of the blended powder and LPBFed samples was characterised by X-ray
diffraction (XRD) on a Rigaku Smartlab with Cu radiation. To reveal the microstructure of the
in-situ alloyed HEA, samples were grounded and then finished by a Buehler VibroMet 2
Vibratory Polisher. A Zeiss Merlin field emission scanning electron microscope (SEM)
equipped with electron back-scattered diffraction (EBSD) and back-scattered electron (BSE)
detectors was employed to reveal the microstructure. Electron channelling contrast imaging

(ECCI) was also performed through the BSE detector operated at 30 kV, and the sample holder
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tilted between 2 and 5 < Samples for transmission electron microscopy (TEM) were prepared
via focused ion beam (FIB) using an FEI Helios Nanolab 600i, and then analysed by an FEI
Talos F200X equipped with an energy dispersive spectrometer (EDS). The surface of the
elemental Mn powder was characterised by X-ray photoelectron spectroscopy (XPS) via a PHI
5000 Versaprobe I11. A LECO ON736 elemental analyser was employed to measure the oxygen

content.

6.2.3 Mechanical testing

Tensile parts were fabricated according to the model illustrated in Figure 6.2(a), and then
separated into tensile specimens with gauge dimensions of 25 mm > 4.3 mm % 2 mm by
electrical discharge machining (EDM). Tensile tests were carried out on an Instron 3382
universal testing machine with an extensometer and controlled at a strain rate of 10-%/s. For
compression tests, cylinder specimens with a diameter of 6 mm and a height of 9 mm were
produced by EDM from bulk samples. The compression tests were operated at a strain rate of

10-3/s without an extensometer.

6.3 Results

6.3.1 Mechanical properties of the in-situ alloyed HEA

A representative tensile curve of the in-situ alloyed HEA is plotted in Figure 6.2(a). Details of
the tensile properties are listed in Table 6.2, which is compared with results from using
pre-alloyed powder to print the CoCrFeMnNi HEA. In comparison, the strength of the in-situ
alloyed HEA is significantly improved, but the fracture elongation (gf) drops to ~12%, which
seems to be a strength-ductility trade-off. The work hardening rate and true stress-strain curves

are illustrated in Figure 6.2(b). It is recognised that the work hardening rate drops dramatically
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after the yield point. In contrast, the work hardening effect is considerable in CoCrFeMnNi
HEAs fabricated using DLD, casting or forging [28-30]. Both the strain-hardening ability and
ductility of the CoCrFeMnNi HEA are mainly attributed to the planar dislocation slip of the
HEA matrix [28, 31]. The lack of tensile ductility and work hardening effect in this alloy will

be discussed in detail later.

On the other hand, the in-situ alloyed sample performs outstandingly in compression ductility,
which origins from the ductile nature of the CoCrFeMnNi HEA. A compression curve is

partially provided in Figure 6.2(c), as the tested sample did not fail during the test even though

the true strain exceeded 100%.
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Figure 6.2 (a) The tensile curve of the in-situ alloyed HEA, with an embedded
demonstration of the tensile model used for the LPBF process. (b) The true stress-strain
curve specimen and work hardening rate curve of the tensile specimen. (c) A partial

compression curve of the in-situ alloyed HEA.

Table 6.2 Comparison of tensile properties between CoCrFeMnNi HEAs fabricated
using blended powder and pre-alloyed powder.

CoCrFeMnNi | VED (JImm®) | c02(MPa) | ous (MPa) &r (%) d (pm)

In-situ alloyed 194 624 +4 747 2 12.3+0.2 42.9
Z. Zhu [32] 60 510 +10 | 609 =10 34 +3 12.9
R. Liu [12] 123 519 601 34 /
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6.3.2 Microstructure and deformational behaviour

Figure 6.3 (a) The SEM fracture surface of a tensile specimen. (b) BSE-ECCI image of
as-built HEA revealing bright oxide particles and cellular structure, embedded with an
EDS line scanning of an oxide particle.

The SEM fractography of a tensile specimen is provided in Figure 6.3(a). Besides typical micro-
dimples similar to other CoCrFeMnNi HEAs fabricated via LPBF, plenty of microparticles can
be observed inside those dimples, which is abnormal for this material [12, 32]. The extensive
occurrence of microparticles might be responsible for the premature failure of the material
during tensile testing. In Figure 6.3(b), a BSE image with inverse contrast also reveals the
distribution of secondary particles in the HEA substrate, as well as a cellular structure that is

typical in the LPBFed HEA. The EDS line scan results indicate that the concentration of Mn
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and O is evidently higher in the particle compared with other alloying elements. The volumetric
fraction of the particles should be small. Otherwise, the corresponding XRD spectrum (Figure
6.4) should have shown its presence rather than the currently revealed single FCC phase. ImageJ

analysis suggests the volumetric fraction of the oxide particles is around 7%.

(200) fcc CoCrFeMnNi

Intensity (a.u.)

(220)

35 40 45 50 55 60 65 70 75 80
2theta (deg)

Figure 6.4 The XRD spectrum of the in-situ alloyed CoCrFeMnNi HEA, showing a

single-phase FCC structure.

TEM has been employed to further identify these particles. Figure 6.5(a) and Figure 6.3 reveal
a homogeneous distribution of near-spherical particles, with an average size of ~100 nm.
Irregularly shaped particles of a few micrometres in size were occasionally observed as well.
Since the elemental Mn powder has a much larger Dv10 of ~7 pum, these particles were in-Situ
formed during the LPBF process, rather than being from the original powder. To investigate
the crystal structure, selected area electron diffraction (SAED) was conducted on the spherical
particles. SAED patterns and EDS mapping results of a particle-containing area are shown in
Figure 6.5(b). The FCC HEA matrix contains homogeneous distributions of all the alloying
elements including Mn. The particles were rich in Mn and oxygen as expected. The electron
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diffraction information indicated the particle was Mn,O3 phase. Such phase has also been found
in an LPBFed CoCrFeMnNi HEA fabricated using pre-alloyed powder [33]. The distribution
of the ceramic Mn>O3z material in the current alloy is, however, extensive, which should have

influenced the deforming behaviour and mechanical properties dramatically.

Figure 6.5 (a) A scanning transmission electron microscopy (STEM) image showing the
distribution of particles in the HEA, and (b) TEM EDS mapping results with embedded
SAED patterns of the HEA matrix and a particle.

In order to investigate the influence of oxide particles on deformation behaviours, the
microstructures of the samples in the as-built and deformed states were characterised. The
inverse pole figure (IPF) maps of cross-sections normal to the building direction (z-axis) are
shown in Figures 6.6(a, €). Most of the coarse grains align along x and y-axes, which are
scanning directions. Meanwhile, finer grains fill in gaps between the array of coarse grains.
This characteristic grain geometry in the xy-planes is a consequence of the scanning route and
can vary according to scanning strategies. In comparison, there is no obvious change in grain
geometry after tensile deformation, and mechanical twins have not been found. Although the

twinning effect is considered responsible for both the deformability and work hardening
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tendency in the CoCrFeMnNi HEA, the initiation of twins normally requires a high strain rate
as well as cryogenic temperature [28, 30]. As for the CoCrFeMnNi HEA fabricated via LPBF,
the occurrence of nano-twins has been observed in samples with tensile strain higher than 20%
[12]. It is deduced that twins have not occurred in this study because the failure happens within
15% strain. By comparing kernel average misorientation (KAM) maps before and after
deformation, the accumulation of misorientations occurs not only at the grain boundaries but
also around oxide particles, as shown in the embedded pictures (Figures 6.6(b, f)), hence the
in-situ alloyed HEA can be strengthened by the extra dislocations. Pole Figures (PFs) are
provided in Figures 6.6(c, g). The <001> orientation, which is the preferred growth direction of
the FCC HEA along the heat gradient, gathers at either the building direction or the scanning
directions, indicating the heat gradient is affected by scanning strategy as well [34]. After tensile
deformation in the y-direction, the distortion of grain is also reflected as stretches along the y-
axis. Besides that, the <001> texture is weaker due to the distortion according to the IPFs in

Figures 6.6(d, h).
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Figure 6.6 (a, e) IPF maps, (b, f) KAM maps with embedded pictures showing areas
around oxide particles, (c, g) PFs, and (d, h) IPFs of as-built and deformed HEA

samples.

As the deformational behaviour of the in-situ alloyed HEA is most likely related to the oxide
particles, the morphology of the oxide particles and dislocations are revealed by ECCI. In the
as-built status (Figure 6.7(a)), oxide particles are mostly round and rarely surrounded by
massive dislocations. After deformation (Figure 6.7(b)), besides the occurrence of slip bands,
dislocations have grown obviously inside grains, especially in areas around oxide particles.
Several oxide particles are pointed out in the deformed sample by arrows. These particles locate

inside slip bands, and their contour profile has been stretched along the slip direction, therefore

transforming into spindle shapes.
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Figure 6.7 The distribution of dislocations and oxide particles are revealed in ECCI
images of (a) the as-built HEA, and (b) a tested tensile specimen. (c) An SEM image of
the slide lines in the fracture surface.

TEM has been performed to investigate the transformation in these regions. Figure 6.8(a) shows
an oxide particle crossed by a slip band. Two gaps are observed on symmetrical sides of the
particles. Meanwhile, they are also located on opposite sides of the slip band. Figure 6.8(b)
shows a spindle structure consisting of an oxide particle and two enlarged triangular spacings,
which corresponds to those spindle areas observed in the ECCI image at the lower
magnification. The SAED patterns embedded in Figure 6.8(c) show that there are MnO particles

in the matrix other than Mn,Os.

Although TEM images were not taken in in-situ tensile tests, the deformation behaviour can
still be deduced that when the HEA matrix moves towards opposite directions as arrows marked
in Figures 6.8(a, b), gaps occur due to the weak bonding and difference in stiffness between
oxide particles and the HEA matrix [35]. As the displacement increases, they gradually grow
into larger voids and lead to the failure of the material. There have been reports on LPBFed
CoCrFeMnNi HEAs strengthened via introducing secondary phases particles such as TiN and
carbide, but the dynamic interaction between the particles and the matrix remains absent [14,
36]. The abundance of oxide particles in the in-situ alloyed HEA creates a much higher density

of sub-micron voids that result in early fracture during the tensile deformation, which also
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explains those oxide particles present in dimples. On the other hand, dispersed oxide particles
hinder the plastic deformation, reinforcing the in-situ alloyed HEA and making it a kind of

oxide-dispersion-strengthened (ODS) HEA.
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Figure 6.8 (a, b) TEM bright-field images of oxide particles and micro-voids formed
around them after deformation. (c) A TEM dark-field image with SAED patterns of the

HEA matrix and an oxide particle.

6.4 Discussion

Along with the results of a previous study [23], the above experimental results demonstrate that
as long as an appropriate powder mixing procedure and optimised printing parameters are
adopted, a crack-free CoCrFeMnNi HEA with compositional homogeneity can be realised by
the powder-mixture and then laser in-situ alloying approach, and by using Mn as a secondary
powder to add into the quaternary, pre-alloyed CoCrFeNi HEA powder. It is important to add
that cracks may still form if the heat input parameters are too excessive, leading to solidification
cracking or cracking due to residual stresses. Still, the process parameters need to be optimised

to ensure achieving chemical homogeneity during in-situ alloying with Mn-doping.

A few important phenomena involved in the approach, however, need to be clarified, which are

discussed as follows.
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6.4.1 Strengthening mechanism

For the CoCrFeMnNi HEA fabricated via LPBF, grain boundary strengthening and dislocation
strengthening (odis) are considered as the two major strengthening mechanisms. The
deformation behaviours observed in this study indicate the oxide particles act as strong
obstacles despite their difference in size (see Figures 6.7 & 8), which is non-shearable for
dislocations [14, 37]. The Orowan strengthening (o) is therefore also applied to understand the
mechanical performance of the in-situ alloyed HEA. The overall estimated yield strength can

be expressed as follows:

UyZUHP+0diS +00 (61)

The term onp Summarises the grain boundary strengthening by the Hall-Petch relationship [28]:
oyp=0,+kd (6.2)

where oy is the friction stress, k is the Hall-Petch coefficient and d is the grain size which is
42.9 pm in this study. Based on the oo of 194 MPa and k of 490 MPa/pmY? which are typically

applied to the CoCrFeMnNi HEA [38], owp is calculated to be ~269 MPa.

The term dislocation strengthening is expressed as follows [32]:

04is=0MGD,/ pgis (6.3)

where « is a constant. M, G and b denote the Taylor factor (3.06 for FCC HEA), the shear
modulus (80 GPa [39]), and the Burgers vector (0.255 nm [30]), respectively. In the
CoCrFeMnNi HEA fabricated via LPBF, most of the dislocations are stored in the cellular walls
of the sub-grain structure (Figure 6.3(a)). Therefore, the dislocation density (pdgis) can be
estimated according to the correlation below [40]:
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\Pais=clh (6.4)

where A stands for the cell size 0.89 pm in this study. c is a constant as well as the «, and their
product is near one [40]. In addition, the contribution of dislocation strengthening is calculated

to be ~70 MPa in the in-situ alloyed HEA.

The Orowan strengthening is an untypical strengthening mechanism for the single-phase
CoCrFeMnNi HEA. Although nano-precipitates have been observed in some LPBFed HEAs,
their reinforcement to the strength is negligible due to their low volumetric fraction. In the
in-situ alloyed HEA, the Orowan strengthening is considerable because those oxide particles
are widely dispersed into the HEA matrix, and its impact can be further expressed as

follows [33]:

0am_Gh 2 63
o= ——F/————1In( |74, .
o T l_vp L 3

where vp denotes the Poisson’s ratio (0.26 [14]). L and do represent the inter-particle spacing

and mean particle diameter of oxide particles. L can be calculated via the equation shown below:

P 6.6
= [3% |7~ (6.6)

where f is the volumetric fraction of oxide particles.

In this study, the do (87 nm) and f (0.068) are measured via particle counting on cross-sections
(ImageJd). By using Eg. 6.5 and Eg. 6.6, the estimated strengthening contribution from the
Orowan strengthening is ~263 MPa. In addition, the theoretical yield strength calculated from

Eg. 6.1 is ~602 MPa, which is close to the experimental result (624 MPa). Because high
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volumetric energy density has been employed to homogenise the Mn distribution (Table 6.2,
[23]), microstructures (grain size and cell size) are coarsened by the extra energy input, while
coarse microstructures could lead to a reduction in grain boundary strengthening and dislocation
strengthening. Figure 6.9(a) illustrates that the in-situ alloyed HEA still has an advantage over
those fabricated using pre-alloy powder due to the considerable Orowan strengthening (~44%
of contributions to the strength), where the contributions from all the three mechanisms are
summarised in Figure 6.9(b). On the other hand, embrittlement due to the oxides is also
noticeable in the study that employs SPS to fabricate ODS CoCrFeMnNi HEA. A similar
mechanism has been observed in the LPBFed stainless steel that was fabricated using a blend
of pre-alloyed powder and Y203 powder; the appearance of micro-voids causes a sudden drop
in strain-hardening rate and limits the elongation of the material [35]. Nevertheless, Figure 6.9(a)
indicates that the presently developed material has a combination of high yield strength and
moderate tensile elongation, compared with the same material but produced by different
approaches. The current in-situ alloying approach is efficient to produce oxide particles but
with a coarse average size. It is possible to achieve a better combination of strength and ductility
by tailoring the size distribution, for instance, applying a partially reductive atmosphere (Hz +

Ar gas mixture) in the LPBF process.
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Figure 6.9 (a) Comparison of tensile properties of CoCrFeMnNi HEAs fabricated via
LPBF using pre-alloyed powder, and ODS CoCrFeMnNi HEA fabricated via SPS [12,
14, 32, 41, 42]. (b) Hlustration of estimated contribution from each strengthening

mechanism.

6.4.2 Formation of the Mn oxides during the LPBF process

Two types of Mn oxides, MnO and Mn2Os, have been observed in the in-situ alloyed HEA.
They could either exist in the raw powder or form due to in-situ oxidation. Regarding the
mechanism, the following discussion can be made. Firstly, Mn is a reactive element and hence
the surface of the Mn powder can be oxidised after fabrication, resulting in a shell of surface
oxide. The outermost surface of the elemental Mn powder used in this study is therefore
analysed via XPS to confirm this, and the spectra are provided in Figure 6.10. As expected, Mn
and O are both detected in the survey spectrum (Figure 6.10(a)), where the peaks of C used for
calibration are shown as well. To determine the Mn oxidation states, a fine scan is operated

near Mn2p, which is the primary XPS region of Mn (binding energy of Mn2pz2, ~638.7 eV).

Although Mn?* possesses the same Mn2pa/, peak at 641.4 eV as Mn*", its characteristic satellite

feature (~647 eV) does not appear in Figure 6.10(b). The results imply that the oxide covering
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the original elemental Mn powder is identified as Mn2Os, which matches the TEM result in
Figure 6.5(b). The Mn2O3 layer can be melted and subsequently mixed into the matrix during
the LPBF process, remaining as Mn.Oz particles in the in-situ alloyed HEA [43]. It is known
that Mn2Os can deoxygenate to form Mns3Os in either oxidising or non-oxidising
atmosphere (~1050 <C), but Mn3Og4 particle has not been observed in this study. Furthermore,

its change to MnO requires a reducing atmosphere (e.g., H2) [44], which is not the case in the

present study.
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Figure 6.10 The Mn2p XPS spectra measured from the surface of the elemental Mn

powder, (a) survey scan and (b) fine scan on the Mn2p peaks.

Besides the remnant from the elemental Mn powder, in-situ oxidation is hardly evitable during
the LPBF process due to the high chemical reactivity of Mn for oxygen, which can be another
source of the oxides. This can be argued as follows: Although the atmospheric oxygen level in
the building chamber is normally lowered down to 0.2% before printing, there is still residual
oxygen in powder as well as the atmosphere that can react with the Mn [26, 27]. The oxygen
content increases from ~3051 ppm in the blended powder, to ~3310 ppm in the as-built sample,

indicating in-situ oxidation during the LPBF process. In this study, MnO is found in the as-built
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HEA other than the Mn>Oz as mentioned above. The Gibbs energy of formation (AG]9) for

MnO is lower than that for Cr.Os(e.g., at 1100 K: MnO —-610 kJ/mol [45] vs. Cr203 —
565 kJ/mol [26]), which is the most stable binary oxide among the elements from the
pre-alloyed powder [46]. A study on the oxidation of CoCrFeNiAlo.1 HEA indicated that this
HEA system possesses better resistance to oxidation compared with some conventional alloys.
Meanwhile, it was pointed out by the study that the oxides were primarily Cr2Os, alongside
Al>O3 [47]. As Cr203 has not been observed in the present HEA, the formation of other binary
oxides (e.g., NiO, Fe20g) is further less possible. Moreover, although some ternary oxides such
as (Mn, Cr)304 system can be thermodynamically favourable, their formation requires a long
holding time at elevated temperatures, which is not the case in the present LPBF process [26,
48]. Hence, the in-situ reaction of the elemental Mn powder is illustrated in Figure 6.11(a) to
explain the occurrence of MnO and Mn2Os3 particles in the in-situ alloyed HEA. Figure 6.11(b)

shows the process of laser scanning over the powder bed of the blended powder.
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Figure 6.11 The in-situ reaction of the elemental Mn powder. (b) A schematic showing

the transformation of materials in the LPBF process.
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6.5 Conclusions

By combining the novelty of HEA and compositional flexibility of LPBF in-situ alloying, this
research reveals the possibility of developing LPBFed high-performance HEAs. Conclusions

can be made as follows.

o A blend of pre-alloyed CoCrFeNi powder and elemental Mn powder has been used
to in-situ fabricate CoCrFeMnNi HEA via LPBF. The process results in an ODS
HEA that consists of an FCC CoCrFeMnNi matrix with ~7% volumetric fraction
of Mn oxide particles. A combination of the high tensile strength (630/730 as
yield/fracture strengths) and moderate tensile ductility (~12%) has been achieved
by the LPBFed, oxide-dispersion-strengthened CoCrFeMnNi HEA. The developed
HEA also maintained high compression ductility.

o The strength of the in-situ alloyed HEA is mainly reinforced by the Orowan
strengthening compared with those CoCrFeMnNi HEAs fabricated using
pre-alloyed powder. Sub-micron oxide particles hinder the plastic deformation of
the matrix, generating voids along the slip directions and reducing the tensile
ductility to a certain degree.

o Oxide particles in the ODS HEA are recognised to be Mn,Oz and MnO. The Mnz03
phase is most likely resulted from remelting of the oxide surface of elemental Mn
powder, while the MnO particles should be due to the in-situ oxidation reaction

between Mn and oxygen during the LPBF process.
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Chapter 7: In-Situ Alloyed CoCrFeMnNi High Entropy Alloy:

Microstructural Development in Laser Powder Bed Fusion
As the printability and mechanical properties of in-situ alloyed HEAs were evaluated in
previous chapters, this chapter focuses on the microstructural development during the in-situ
alloying processes. By investigating the microstructural development on the single-track scale,

the elemental homogenisation and microstructures observed in the as-built HEA samples can

be understood more thoroughly.
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Abstract

In-situ alloying has the potential to combine the compositional flexibility of high entropy
alloys (HEASs) and the advanced forming capability of laser powder bed fusion (LPBF). This
study fundamentally investigated the elemental homogenisation and grain development in the
in-situ alloying process of CoCrFeMnNi HEA, by analysing the basic units, i.e., tracks and
layers, and introducing Mn as an alloying element to the base CoCrFeNi HEA. Different
modelling methods were employed to predict meltpool dimensions, and the results indicated
the dependence of the modelling on practical meltpool modes. Delimitation of elemental
distribution was found in keyhole meltpools since an intensive flow was generated due to recoil
pressure. The homogeneity of in-situ alloyed Mn in single tracks was insufficient whether
operated in conduction mode or keyhole mode, which required remelting from adjacent tracks
and following layers to promote homogenisation significantly. The preferred orientation in
single tracks along scanning directions changed from <001> to <101> as the scanning speed
increased, although the cross-sections were similar in size with identical linear energy density.
Such preference can be inherited during the printing process and lead to different textures in
three-layer samples. It was also observed that applying hatch spacing smaller than a half
meltpool width could coarsen the grains in a layer. The results from this study provide

structure-parameter correlations for future microstructural tailoring and manipulation.

Keywords: Laser powder bed fusion; High entropy alloy; In-situ alloying; Single track;

Elemental homogenisation

167



7.1 Introduction

In the past few years, CoCrFeNi-based high entropy alloys (HEAS), in particular CoCrFeMnNi,
have drawn great attention due to their excellent mechanical performance. Their processing via
additive manufacturing (AM) & 3D printing has been widely studied as well [1-6]. So far, the
CoCrFeMnNi HEA has shown outstanding printability via laser powder bed fusion (LPBF) [7-
9]. Its excellent printability also allows researchers to further explore the possibility in terms of
compositional flexibility for promoting performance and applications. Approaches such as
introducing a minor amount of carbides or TiN nanoparticles to HEAs have led to improved
mechanical properties [10-12]. However, LPBF may not be an ideal technique from HEA
developing perspective if only pre-alloyed powder is going to be used, since for HEAs the
chemical adjustment can be on a scale of 5-35 at. %, while the preparation of pre-alloyed
powders for LPBF is often expensive and time-consuming [13, 14]. For rapid prototyping and
validation of HEAs, in-situ alloying using blended powder has the potential to combine both
the compositional flexibility of HEAs and the advanced forming capability of LPBF that

originates from high-power laser [15-17].

The feasibility of in-situ alloying via LPBF has been assessed for conventional alloy systems,
including Fe-Ni alloys, Ni superalloys, and Ti-based alloys [15, 16, 18-21]. It has been pointed
out that elemental homogenisation could be a primary challenge for LPBF in-situ alloying apart
from densification. For HEAs with equiatomic compositions, the homogenisation of alloying
elements can be even more challenging [22]. Over the past two years, emerging LPBF in-situ
alloying approaches have been carried out to assess the feasibility with different HEA systems,
e.g., Alo2sCoFeMnNi, CoCrFeMnNi, AICrCuFeNix, and etc. [23-31]. The results of these

studies indicate that densification and mechanical properties can be comparable to or even
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better than those of pre-alloyed approaches, while the elemental homogenisation favours
processing parameters with relatively high energy density. In an early study on the in-situ
alloyed CoCrFeMnNi HEA, a blend of pre-alloyed CoCrFeNi powder and elemental Mn
powder has shown good printability [24]. Like other studies, however, only bulk samples were
analysed, and the homogenisation of in-situ alloyed was simply correlated to volumetric energy
density. On the other hand, although single-track morphology has been correlated with printing
quality to predict the possible processing window of LPBF [32, 33], details involved in the
track-to-track and layer-to-layer in-situ alloying processes have not been investigated yet,
which can be important in order to fully understand the in-situ alloying process, including

associated microstructural development and elemental homogenisation.

This study aims to trace the LPBF in-situ alloying process back to its most fundamental unit,
the single track. The microstructural heterogeneity of the CoCrFeMnNi HEA fabricated by
directed energy deposition (DED) was revealed by using the single-track approach [34]. Most
LPBF single-track experiments were carried out on regular substrates with one powder layer
coated above, which can only reproduce the conditions of initial exposure in the LPBF process
[33, 35]. In this study, single-track experiments will be carried out on as-built surfaces and with
continuous recoating to stay consistent in actual building. Figure 7.1 illustrates the logic and
focus of this study. Meltpool dimensions, widths, and depths of cross-sections will be measured
from the single tracks scanned with and without elemental Mn powder to evaluate the influences
of introducing secondary powder. Along with the measured results, modelling methods will be
employed to predict the dimensions of the meltpools and verify operating modes [36-38].
Elemental homogenisation and grain development will be compared in single tracks fabricated
with different parameters. Since the LPBF process is not a simple pile of individual tracks, the

inter-track and inter-layer remelting will be investigated as well through single-layer and
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three-layer experiments, respectively. In terms of printing parameters, laser power (P) and
scanning speed (v) are directly responsible for the energy input; hatch spacing (h) is another

focal factor as it determines the remelting efficiency in each layer.

The results of this work demonstrated the applicability of representative modelling methods for
conduction or keyhole modes. Mn homogenisation in different stages of the in-situ alloying
process was revealed; its correlations with volumetric energy density were further analysed in
terms of meltpool modes and scanning routes. For meltpool fabricated using different
parameters but with similar cross-sections, their preferred crystalline orientations and grain
growth were detailed. Based on the results, a fundamental understanding of the microstructural
development in LPBF in-situ alloying is presented. Comprehending the mechanism of in-situ
homogenisation and meltpool evolution can also help to advance LPBF processes using

different feedstock.

Single-track | Inter-track Inter-layer | ——eeee- -
modelling remelting remelting | !

T Micro-
Elemental homogenisation
— — ré structural

Grain development tailoring
4 0 U 4 & U -

\----_’

Figure 7.1 A schematic of the study route.
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7.2 Materials and Methods

7.2.1 Sample preparation

Pre-alloyed CoCrFeNi powder was produced by Zhongyuan Advanced Materials via gas
atomisation. The pre-alloyed powder was overall spherical (Figure 7.2(a)) and with the Dv 50
of 21.5 um. Elemental Mn powder (99.9% purity) was produced by Aladdin and in irregular
shape (Figure 7.2(b)). The powders were firstly sieved by a 73-um sieve. Then 79 wt. % of pre-
alloyed CoCrFeNi powder and 21 wt. % of elemental Mn powder were weighed, and mixed by
a WAB Turbula T2F mixer for 4 h for homogenisation. The blended powder is shown in Figure

7.2(c), and its composition is listed in Table 7.1.

LPBF experiments were carried out on an SLM125HL (SLM Solutions) with argon protection.
The laser beam radius (r) of the machine was ~33.5 um. The layer thickness (t) and substrate
temperature (To) were set as 30 um and 100 °C (373 K) in all experiments. Before fabricating
in-situ alloyed samples, at least 7 layers of pre-alloyed CoCrFeNi powder were scanned on a
316L substrate to ensure recoating quality and avoid contamination from the substrate material.
The processing parameters of the pre-alloyed beds are given in Table 7.2. The blended powder
was then spread on the top of pre-alloyed beds for in-situ alloying experiments. A simple
scanning strategy was employed with 90 “rotation between adjacent layers, as shown in Figure
7.2(d). The building, transverse, and scanning directions were noted as BD, TD, and SD,
respectively in this study. Since the processing window for in-situ alloying of CoCrFeMnNi
HEA has been explored by a previous study [24], the laser power and scanning speed for
single-track experiments were selected closely to those parameters, and listed in Table 7.2.

Identical single-track experiments using the pre-alloyed CoCrFeNi powder were conducted to
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demonstrate the influences of additional Mn powder. The processing parameters including laser

power and scanning speed were noted as ‘P & v’ to mark samples.

Figure 7.2 SEM images of (a) pre-alloyed CoCrFeNi powder, (b) elemental Mn powder,

and (c) the blended powder. (d) An illustration of the scanning strategy for pre-alloyed
beds and in-situ alloyed samples, and (e) a 316L substrate holding six pre-alloyed beds
with as-built samples.

Table 7.1 Composition of the blended powder used in this study.

Co Cr Fe Ni Mn

Blended powder (at. %) 18.8 20.1 20.4 19.3 21.4
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Table 7.2 Processing parameters used in the track-based experiments.

Power, P Scanning speed, v Hatch spacing, h

(W) (mm/s) (nm)

Pre-alloyed 990 600 60
beds
Single-track 150, 200, 250, 300 600, 700, 800, 900, N/A
1000

Single-layer 150, 300 600, 1000 60, 70, 80, 90, 100
Three-layer | 150, 200, 250,300 | ©%0 7056380’ 900, 60, 100

7.2.2 Microstructural characterisation

Figure 7.2(e) shows as-built single tracks and single layers on a substrate. As-built samples
were cut transversely to the scanning direction by electrical discharge machining (EDM). The
cross-sections of samples were then grounded, and finished by a Buehler VibroMet 2 Vibratory
Polisher. To reveal meltpool structures, the polished samples were electrochemically etched in
a 10% oxalic acid solution for 100 s at 2.5 V. A Leica DM2700 optical microscope (OM) was
employed for the observation and measurement of meltpools. The depth (D) and width (W) of
meltpools were measured from 5 cross-sections, and the average was used. A ZEISS Merlin
field emission scanning electron microscope (SEM) equipped with an energy dispersive
spectrometer (EDS) and an electron back-scattered diffraction (EBSD) system was employed

for microstructural characterisation, including elemental distribution and grain structures.

7.2.3 Single-track modelling

Predicting the dimensions of LPBFed meltpools through modelling is essential for processing
optimisation. Based on the laser parameters in single-track experiments, representative

modelling approaches [36-38] were employed to calculate the width and depth of pre-alloyed
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CoCrFeNi meltpools. Modelling approaches can also help assess the potential influences of

adding elemental Mn powder to the meltpools.

Tang et al. [38, 39] introduced a method that presented an ideal meltpool shape based on the
Rosenthal equation. The cross-section of meltpools is hypothesised to be semi-circle. The depth,

therefore, equals half of the meltpool width, as follows:

LW 24P -
2 |empC(T,, — Ty)v '

where

A is the laser absorptivity,

p is the density (kg/m3),

C is the thermal capacity (J/(kg*K)),
Tm is the melting temperature (K), and
Tois the substrate temperature (K).

Rubenchik et al. [37, 40] provided scaling laws based on the Eagar-Tsai thermal model, which
further modified the point heat source in the Rosenthal equation into the Gaussian heat
distribution. The universal functions of B and p are used to describe normalised meltpool
dimensions independent of materials and machines. The parameters are based on the normalised

enthalpy introduced by Hann et al. [41], and defined by:

B = —AP 7.2
_n1-5\/avr3 (7.2)
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p=_ (7.3)

where a stands for the heat diffusivity (m?/s). The algebraic expressions of depth D (B, p) and

width W (B, p) are further given as follows:

 [0.008 - 0.0048B — 0.047p — 0.099Bp
D(B,p)=— +(0.32 + 0.015B)pInp (7.4)
\/5 +1In B (0.0056 — 0.89p + 0.29p In p)

[ 0.0021 — 0.047p + 0.34p? — 1.9p% — 0.33p* 1
+B(0.00066 — 0.007p — 0.00059p2 + 2.8p% — 0.12p%)
B_p3l +B2(—0.0007 + 0.15p — 0.12p% + 0.59p% — 0.023p*) J
+B3(0.00001 — 0.00022p + 0.002p* — 0.0085p3 + 0.0014p*)

W (B,p) = (7.5)

Both methods from Tang et al. and Rubenchik et al. [37, 38] describe a meltpool fulfilled by
molten materials. Meanwhile, the temperature at the meltpool surface centre can be much
higher than the boiling temperature of materials. Therefore, the meltpool expansion is
consistently driven by heat conduction despite the possible vaporisation of materials. Their

methods are hence noted as conduction-based ones in this study.

Fabbro [42] introduced a method specifically for keyhole meltpools, namely keyhole-based
method in this study. The structure of keyhole meltpools includes an open cavity depressed by
recoil pressure since the material vaporises at excessive temperatures. Hence its development
is distinct from the conduction meltpool mentioned above [36, 42]. This approach provides an

expression of the aspect ratio R = D/W, as written below:

R
R=—2

(7.6)

with

175



AP

Ro = arkr, =1 7.7
na
mr

where

K is the thermal conductivity (W/(m*K)),

Tb is the boiling temperature (K).

The parameters, m and n, are correlated to the Péect number (P€= vr/a) for given printing
parameters. In this study, the Pérange is 3.6 < P€< 6.1; m and n are set as 5 and 4, respectively

[36].

To calculate meltpool dimensions, the involved physical properties of the CoCrFeNi HEA are
provided in Table 7.3. Neglecting the temperature dependence of physical properties is one of
the simplifications to maintain solvability. Moreover, the absorptivity of 0.3 and 0.6 was
adopted for conduction and keyhole meltpools, respectively. Because the absorptivity during
LPBF processes had a close dependence on meltpool modes instead of powders, the absorptivity
of different liquid metals, such as Ni superalloy, Ti alloy and stainless steel, could get dropped
to a close range after melting [43]. There have been other simplifications in the methods
mentioned above, e.g., the influences of the powder layer, melt flow, and phase change have
not been considered. Nevertheless, the applicability of the simplified models has been
demonstrated in research on Al alloy, 316L steel, and Inconel 718 superalloy [44-46]. Their
applicability will be further investigated by the comparison with the measured data obtained

from single-track experiments in this study.
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Table 7.3 Physical properties of CoCrFeNi HEA.

p(glem®) | C (UI(kg*K)) | K(WIM*K)) |  Tm(K) To (K) A

8.16 444 [1] 21 [47] 1687 [1] | 3070* | 0.3,0.6[43, 48]

* The boiling point is calculated according to the rule of mixtures [49].

7.3 Results

7.3.1 Meltpool morphology

Figure 7.3 provides the cross-section images of in-situ alloyed meltpools that formed using
different processing parameters. For each laser setting, two adjacent tracks are included in the
picture. As the linear energy density (LED, defined by P/v [50]) increases, meltpools enlarge
significantly. To further illustrate the dimensions of meltpools, the measured depths of
pre-alloyed and in-situ alloyed meltpools are plotted in Figures 7.4(a, b), respectively. The
minimum depth of pre-alloyed and in-situ alloyed meltpools are both 60 um at the lowest LED
of 0.15 J/mm. Despite the difference between their maximum depths, the measured depths
coincide closely within the experimental LED range, as shown in Figure 7.4(c). Compared with
the increased depth, the measured width increases more moderately as pre-alloyed widths range
from 99 um to 151 um (Figure 7.4(d)), and in-situ alloyed ones with a range from 91 um to
140 pum (Figure 7.4(e)). In the whole LED range, pre-alloyed meltpools are overall 9% wider
than in-situ alloyed meltpools, as shown in Figure 7.4(f). The width-to-depth ratios (W/D) of
single-track meltpools are plotted in Figure 7.4(c) as well. Most of them are smaller than 1.5,
indicating the meltpools are no longer operated in the conduction mode within the current
processing window [33]. The detailed results of meltpool dimensions are provided in

Supplementary Figure 7.S51 and Tables 7.51 & S2.
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Figure 7.3 OM images of in-situ alloyed single-track meltpools, with an illustration of

measuring meltpool dimensions.
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Figure 7.4 Measured depths of (a) pre-alloyed CoCrFeNi meltpools and (b) in-situ
alloyed CoCrFeMnNi meltpools. (c) Dependence of measured and predicted depths, as
well as width-to-depth ratio on linear energy density. Measured widths of (d)
pre-alloyed meltpools and (e) in-situ alloyed meltpools. (f) Dependence of measured and

predicted widths on linear energy density.

The predicted depths and widths of pre-alloyed meltpools using conduction-based methods are
given in Figures 7.4(c, f), respectively. In Figure 7.4(c), the predicted depths are close to the
measured depths at the low LED of 0.15 J/mm, which is about the threshold of conduction mode
(W/D = 1.5). Then the predicted results deviate from the measured ones as the LED increases.
Both conduction-based methods predict the results in a similar range but tend to underestimate
the depth as meltpools exceed the conduction-mode threshold. The deviation indicates that the
development of meltpool depth is no longer dominated by the conduction model. Hence, the
methods based on conduction are not applicable in such a high LED range. On the other hand,
the widths are overestimated by the conduction-based methods, as shown in Figure 7.4(f). It

should be noted that the predicted results match the measured ones when the absorptivity is
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lowered to 0.3, which is normally a value for conduction meltpools and much lower than the

actual absorptivity (0.6-0.8) for keyhole meltpools.

@ Measurad
Calculated

Figure 7.5 The comparison of aspect ratio (R) between measured results of pre-alloyed

meltpools and predicted results calculated by the keyhole-based method (Fabbro [36]).

On the other hand, the aspect ratios calculated via the keyhole-based method are presented in
Figure 7.5. For the printing parameters involved in this study, it shows good agreement with
the experimental results, especially at high LED. The shape of the keyhole is more coincident
with the ideally cylindrical keyhole hypothesised in this method at high LED, while the concave
depressed by the recoil pressure is relatively shallow when the meltpool is close to the
conduction mode. The approaches to the prediction of meltpool dimensions in this study have
shown the importance of distinguishing meltpool modes for a given processing window.
However, it is hard to determine the keyhole threshold for a particular material without practical
observation on meltpools. Further analyses of keyhole formation and the applicability of

modelling methods are given in the discussion.
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7.3.2 In-situ homogenisation of Mn

Figure 7.6 shows the distribution of Mn and pre-alloyed elements in single tracks fabricated
with LED of 0.25, 0.5, and 0.3 J/mm, respectively. In the previous in-situ alloying study on the
bulk CoCrFeMnNi HEA [24], Mn tends to be better homogenised in samples fabricated with
high volumetric energy density (VED, defined by P/vht [7]). Good homogeneity has been
achieved using the VED of 259.3 JJmm?3, and the corresponding LED is 0.35 J/mm. In the
present study, however, Mn shows poor homogeneity in all single tracks, although the LED of
0.5 JJmm adopted has exceeded that used in the homogeneous bulk sample. The distribution of
Mn is also different in individual cross-sections fabricated using identical parameters,
indicating heterogeneity along the scanning direction. One thing in common is that the tops of
meltpools are mostly rich in Mn. In the single-track experiments, the blended powder was
spread on the top of pre-alloyed beds, and thus the diffusion of Mn began from the upper part
of meltpools. Meanwhile, the distribution of Mn was also affected by its relatively low liquidus
density (~5.5 g/cm?® at 1800 K) and low boiling temperature (2334 K). Moreover, the liquid
metals with distinct surface tensions could behave differently due to the well-known Marangoni
effect [51-53]. In general, the single-track mapping results indicate that the in-situ alloyed Mn
cannot be effectively homogenised by a single-track meltpool, even with the excessive energy

input.
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Figure 7.6 EDS mapping results of single tracks labelled by ‘P & v, LED’.

In single layers, hatching is conducted, and therefore every track is partially remelted by its
next track. The Mn mapping results of representative single layers are provided in Figure 7.7.
Besides the Mn enrichment near the tops, which is consistent with the single-track meltpools,
Mn is also slightly richer in the beginning track of each layer, because the first track of a layer
absorbs abundant powder whereas it can only be remelted on one side. As the scanning proceeds,
the Mn in the samples with hatch spacing of 60 um shows better homogeneity. Meanwhile, Mn
is also better homogenised in the samples fabricated with the laser power of 300 W. The
previous results on meltpool dimensions have shown that the meltpool width is enlarged with
a high LED. Since the combination of a small hatch spacing and a large meltpool width can
lead to more overlapping, the single-layer mapping results indicate that sufficient remelting is
critical for the homogenisation of the in-situ alloying. To further reveal the effects of inter-layer
remelting, the mapping results of the three-layer samples are provided in Figure 7.7 as well.
Two times of inter-layer remelting are introduced by three-layer printing aside from inter-track
remelting in single layers. The inner parts of three-layer samples possess significantly improved

homogeneity compared with the single-layer samples. Mn oxides have been found in the in-situ
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alloyed samples; and relative results are provided in Supplementary Figure 7.S2. The formation

of the Mn oxides was discussed in detail in a previous study [54].

150 W & 600 mm/s, 100 pm 150 W & 600 mm/s, 60 uym 300 W & 600 mm/s, 60 um
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Figure 7.7 EDS mapping results of Mn in the single-layer and three-layer samples
labelled by ‘P & v, h’.

7.3.3 Grain development

The grain development in the LPBF process was revealed via EBSD. Figure 7.8 gives inverse
pole figure (IPF) mapping results of single tracks built with an identical LED of 0.25 J/mm, and
two cross-sections with opposite scanning directions are included for each parameter. Meltpool
boundaries in the mapping results and measured dimensions illustrate that these meltpools are
similar in size. The results show that most grains can grow continuously across meltpool
boundaries rather than nucleation at the boundaries [55]. The epitaxial growth starts from the
peripheries and finally converges at the midlines of meltpools after solidification. Although
chemical heterogeneity is induced by in-situ alloying, grain development possesses good
consistency from pre-alloyed beds to in-situ alloyed tracks. Apart from the similarity in size,
preferred orientations along the scanning direction change with different laser parameters. <001>
is the dominant orientation with a scanning speed of 600 mm/s, while <101> tends to take

advantage as the scanning speed increases to 1000 mm/s.
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Figure 7.8 IPF mapping results of in-situ alloyed meltpools built with an identical LED
of 0.25 J/mm.

Further EBSD results of three-layer samples show that preferred orientations in single tracks
can be inherited. The intensity of <101> is significantly more substantial in the sample
fabricated using a scanning speed of 1000 mm/s, as shown by the IPFs in Figure 7.9. Grain
morphology also changes dramatically with laser parameters. In the samples fabricated using
150 W & 600 mm/s, grains are separated by regular vertical boundaries parallel to the BD.
Meanwhile, the grains in the samples fabricated using 250 W & 1000 mm/s tend to be randomly
distributed but grow more continuously along the BD. In those samples fabricated with the
hatch spacing of 60 um, some grains can grow over 100 um along the TD. Grain sizes (davg)
have been measured from the six representative samples and correlated to laser parameters and

hatch spacing. The samples fabricated of 150 W & 600 mm/s possess the finest grain size, about
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55 um. By applying the parameter of 300 W & 600 mm/s that can enlarge meltpools, or
250 W & 1000 mm/s with a <101> preference, grains are coarsened significantly. Other than
laser parameters, the grain size is also affected by hatch spacing as the grains in samples
fabricated using the hatch spacing of 60 um are overall larger than those in samples with the

hatch spacing of 100 pm.

300 W & 600 mm/s 150 W & 600 mm/s 250 W & 1000 mm/s

g

60 pm

100 pm

Figure 7.9 IPF mapping results of three-layer samples, with embedded IPFs and average

grain size calculated from areas marked by dashed rectangles.

By comparing the grain structures from single-track samples to three-layer samples, the
inheritance of preferred orientations and grain growth in the LPBF process are revealed. The

correlations between grain development and parameters will be further discussed in this article.
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7.4 Discussion

7.4.1 The development of keyhole meltpools

7.4.1.1 Meltpool dimensions

Figure 7.10(a) illustrates the cross-section of an ideal conduction meltpool, which has not been
depressed by the recoil pressure on its surface and maintains a semi-circle envelope. The
meltpool surface is relatively stable, and its laser absorptivity is about 0.3 for liquid metals.
Various conduction methods have shown good applicability for this type of meltpools, and the
precision can be improved via modifications such as introducing temperature dependence,
convection consumption, gaussian-profiled laser beam, etc. [37]. However, the structure of
meltpools will change dramatically and become more complex due to keyhole formation [36].
Figure 7.10(b) presents a schematic of a meltpool with a deep keyhole to illustrate the features
of keyhole meltpools. In the keyhole mode, the surface of the meltpool is depressed by the
recoil pressure and results in a cavity inside the meltpool. Therefore, the expansion of meltpool
is no longer semi-circle like the conduction mode. Because the incident laser penetrates into the
keyhole and reflects several times on its inner surface, the absorptivity in the keyhole mode can
increase sharply from 0.3 to a range of 0.6-0.8 [43]. As indicated in Figure 7.4(f), the
conduction methods, however, can provide an approximate trend of keyhole meltpool widths
by using an absorptivity of conduction meltpools (e.g., 0.3). This phenomenon could be
addressed by the following consideration. The meltpool boundary predicted by such conduction
methods is based on a thermal field heated at the centre of the surface. Meanwhile, in a keyhole
meltpool, the development of width can be considered as a heat source with a size similar to
the laser beam size working at the boiling point of materials. Hence, the development of width

is still an approximation to the models of conduction meltpool. The modification of absorptivity
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suggests that a large portion of heat input is consumed in the vertical direction due to the
formation of keyhole, leading to meltpool depth deeper than the prediction by conduction

methods, as illustrated in Figure 7.10(b).
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Figure 7.10 Schematics of (a) conduction meltpools and (b) keyhole meltpools. (c) SEM
top view at the end of a single-track sample scanned by 300 W & 600 mm/s. (d)

Schematic of a solidified in-situ alloyed meltpool.

The in-situ alloyed meltpools are overall narrower than the pre-alloyed meltpools, which might
be attributed to the burning loss of Mn. As most single tracks are operated in the keyhole
mode, the vaporisation of Mn is inevitable, especially at high energy density due to its lowest
heat of vaporisation and lowest boiling point of the five elements. Although the quantification
of Mn burning loss is hard to evaluate in single tracks, it has been noticed that the concentration
of Mn could drop from 21.53 to 16.67 at. % during the in-situ alloying of CoCrFeMnNi bulk
samples [24]. The heat consumed by solid-liquid phase change is less than 10% of the total heat
input used to generate the entire thermal field in the scanning process [36], whereas the heat
consumed by burning loss could be more significant since the heat of vaporisation is many
times of the heat of fusion. On the other hand, the reduction only occurs in width while the

depth is overall coincident. According to EDS results, the Mn in meltpools is brought into
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meltpools from the blended powder covering on pre-alloyed layers and mainly distributes in
the upper part of meltpools, which has also been observed in the in-situ alloyed CoCrFeNi HEA
using elemental powders [26]. It suggests the heat taken away by Mn vaporisation is mainly
from the upper bead of meltpools, where the width was measured. However, the rest part of
meltpools, especially the lower part, is still dominated by pre-alloyed layers, and therefore the

development of depth is mostly identical with pre-alloyed meltpools.
7.4.1.2 Elemental distribution

Apart from the dimensions, the fluid dynamics in meltpools are also changed dramatically due
to the occurrence of keyhole. Figure 7.10(c) shows a top view at the end of a single-track
meltpool, which reflects the structure of a moving keyhole meltpool. The keyhole front wall is
a smooth curve, and its arc fits well with the beam spot with a diameter of 67 um. During the
scanning process, the molten metal is pushed by the recoil pressure to the bottom and two flanks
of the meltpool and then surges back into the cavity as the beam moves forward. The recoil
pressure (10°-10° Pa) is orders of magnitude larger than both capillary force (10* Pa) and
thermocapillary force (103-10* Pa) which are the two main driven forces of flows in conduction
meltpools [56]. As illustrated in Figure 7.10(b), in the zone (marked as depression-dominated
zone) close to the keyhole, the flow driven by the recoil pressure overrides the primary flows,
i.e., Marangoni flow, driven by convection;, meanwhile, the rest(marked as
convection-dominated zone) is still mainly affected by convection [57]. Hence, delimitation of
elemental distribution occurs in the keyhole meltpool due to the discrepancy of flow zones. As
mentioned before, the blended powder is brought into an in-situ alloying meltpool downward,
indicating the Mn would primarily distribute in the depression-dominated zone but rarely

spread to the convection-dominated zone, as shown in Figure 7.10(d).
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Figure 7.11 (a) IPF mapping & OM results of in-situ alloyed meltpools scanned by
300 W & 600 mm/s, and (b) EDS mapping results of the area marked by the black
dashed line. White dashed lines and dotted lines mark the meltpool boundary and

internal delimitation, respectively.

Figure 7.11(a) provides two cross-sections of keyhole meltpools. The delimitation of flows can
be inherited after solidification and revealed by etching. Despite meltpool boundaries and the
flow delimitation, the HEA grains can grow continuously through them during rapid
solidification. On the other hand, the homogenisation of Mn is separated by the delimitation, as
shown in Figure 7.11(b). The Mn from the blended powder is mainly distributed in the

depression-dominated zone, but the heterogeneity of Mn does not break the epitaxial growth of
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grains. The in-situ alloyed Mn reflects that the flows with disparate intensity co-exist in the
keyhole meltpool. Different flow patterns inside LPBF meltpools are hard to be revealed by
in-situ monitoring techniques, and are mostly animated by simulation methods. The alloying
elements provide clues to the flow distribution during the rapid solidification [56-58]. Once the
depression-dominated zone occurs, it overrides the convection-dominated zone in terms of
in-situ homogenisation. This phenomenon indicates that applying keyhole meltpools in LPBF

in-situ alloying is helpful to the homogenisation of added elements or particles.

7.4.2 In-situ alloying homogenisation in the LPBF process

It has been widely reported in in-situ alloying studies of HEAs that the elemental homogeneity
is positively correlated to the VED applied [23, 24, 28]. The improvement was attributed to
changes in individual meltpools in terms of meltpool size and internal flows. However, as
mentioned before, even by operating in the keyhole mode that introduces intensive flows, single
tracks cannot achieve ideal homogeneity, whereas the similar laser parameters could produce
good homogeneity in the bulk sample [24]. Zhang et al. [18] have reported that the atomic
diffusion in meltpools is restricted by the short existing duration of meltpools, and hence its
contribution to homogenisation is also not significant. In the LPBF process, single tracks will
interact with each other. It suggests that remelting is the critical factor in in-situ homogenisation
in the LPBF process. Lin et al. [26] have found that elemental homogeneity can be effectively

improved by applying double scanning to remelt each layer.
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Figure 7.12 EDS line scanning results of Mn in single layers fabricated with hatch
spacing of (a) 100 pm, and (b) 60 pm. The scanning lines are drawn 30 pm beneath the
surfaces of layers. The arrows in figures mark the scanning consequences of tracks in

layers.

Figure 7.12 provides EDS line scanning results of single layers to assess the effect of inter-track
remelting. Figure 12(a) shows that the Mn is barely homogenised in the sample 150 W & 600
mm/s since the hatch spacing is close to its meltpool width (111.8 um), indicating most of the
meltpool has not been effectively remelted during the single-layer printing. The
homogenisation is significantly improved with the same laser parameters when hatch spacing
is set as 60 um, as shown in Figure 7.12(b). For a given combination of meltpool width and
hatch spacing, the horizontal melting cycle My can be estimated by My = W/h. Thus the M is

improved from 1.12 t01.86 as the hatch spacing decreases from 100 pm to 60 um. On the other
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hand, the meltpool width increases to 136.9 um with a higher laser power of 300 W; hence the

Mhn with the same hatch spacing can be improved as well.

Inter-layer remelting can be estimated according to given layer thickness and meltpool depth.
The in-situ alloying meltpool depth of the sample 300 W & 600 mm/s is 290.7 um, which is
much deeper than the layer thickness of 30 um. Therefore, the vertical melting cycle (M)
experienced by each layer is about 9.67 (given by D/t [20]). For a bulk sample built by LPBF,
the total melting cycle is therefore estimated by MnMy = WD/ht. More melting cycles indicate
the material solidified previously could be remelted more times in the LPBF process, leading
to the improvement of the overall homogenisation. The in-situ homogenisation of Mn in bulk
samples has been revealed to be positively correlated to the volumetric energy density [24].
Moreover, the VED can also be expressed by LED/ht; meanwhile, both the width and depth are
positively correlated to the LED, as shown in Figures 7.4(c, f). Thus the expression of VED
reflects the melting cycle in bulk samples alternatively, where P and v stand for meltpool size,
while h and t stand for the density of scanning routes. The melting cycle experienced by the
bulk samples with good homogeneity is estimated to be 16.8 according to its parameters which
produce the VED of 259.3 J/mm?®. It explains the trend that alloying elements are better

homogenised in the bulk samples fabricated with a high VED.

7.4.3 Grain development in the LPBF process

7.4.3.1 Horizontal grain coarsening

The grain development is correlated to remelting as well. Figure 7.13(a) shows a single layer
with coarsened grains growing through multiple meltpools in the TD. Such horizontal growth

is abundant in three-layer samples with a small hatch spacing of 60 um, as shown in Figure 7.9,

indicating those bulk samples fabricated using the small hatch spacing could inherit the coarse
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microstructures. Figure 7.13(b) illustrates the mechanism of horizontal growth affected by
remelting. Firstly, in a single-track meltpool, grains grow from the boundary to the midline
direction during solidification. Then two different scenarios could occur in layer scanning: (a)
For the hatch spacing (100 um) larger than the half width of the meltpool, only the grains on
the remelted side grow continuously into the next track, while the grains on the other side keep
their boundaries along the vertical midline. As the scanning continues, such vertical midlines
are repeated and separate the layer into grains whose widths approximate the hatch spacing [55,
59]. (b) For the hatch spacing (60 um) close to or smaller than the half width, the midlines are
remelted by the following track. The growth in this situation is not interrupted by the midlines
and continues in the TD, resulting in abnormally large grains, e.g., the three-layer sample
printed using 300 W & 600 mm/s in Figure 7.9. Because meltpools are wide at the top, grain
coarsening is more often observed near the top of a layer, as shown in Figure 7.13(a). This
phenomenon can help tailor the grain size in horizontal directions for materials with a wide
processing window. Nevertheless, assuming the epitaxial growth in single tracks is dominated
by nucleation, the microstructures could be refined by applying a small hatch spacing since the

density of meltpool boundaries is increased in this way.
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Figure 7.13 (a) IPF mapping of the single-layer sample fabricated with 150 W &

600 mm/s and hatch spacing of 60 pm. (b) Schematic illustrating horizontal grain
growth (yellow arrows) with different hatch spacings. Schematic illustrating the grain
growth of <001> orientation (notes as [001]) in meltpools with (c) high P & v and (d) low
P & v, plotted according to in-situ and ex-situ studies of LPBFed meltpools [37, 50, 55,
60].

7.4.3.2 Texture inheritance

The texture is an important factor in the performance of LPBFed parts. Several reports have
shown that the texture in LPBFed parts can be tailored via processing optimisation without
changing powder or printer [61, 62]. This study shows that the preferred grain orientations in
single tracks and can be progressively inherited during the layer-by-layer process. So, to tailor
the texture in bulk samples, the texture development in single tracks can be an important starting

point.
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The cross-sections provided in Figure 7.8 are similar in their dimensions as solidified single
tracks. Meanwhile, during the laser scanning process, the meltpool length is mainly correlated
to the scanning speed [37, 50]. The meltpools formed with the scanning speed of 1000 mm/s
are longer than those printed with the scanning speed of 600 mm/s. The combinations of similar
depths but different lengths could lead to different slopes at the rear wall of meltpools [63]. And
since the solidification takes place at the meltpools rear wall in the LPBF process, the grain
development is also affected. Considering a short meltpool that is nearly movement-free, its
rear wall is nearly perpendicular to the scanning direction, and therefore the direction of the
local thermal gradient (G) at its rear wall is almost antiparallel to the scanning direction [55,
60]. As the scanning speed increases, the meltpool is stretched in the scanning direction, and
the direction of G starts to change from the horizontal direction to the vertical direction. For the
face-centred-cubic (FCC) CoCrFeMnNi HEA, <001> is the preferred growth direction aligned
with the direction of G. Therefore, the growth of <001> changes from the scanning direction to
vertical direction as well, leading to the change of corresponding crystallography orientations

in the scanning direction, as illustrated in Figures 7.13 (c, d).

The texture in single tracks also influences the grain morphology in three-layer samples. As the
preferred orientation in single tracks changes from <001> to <101>, the regular vertical
boundaries disappear, and more importantly, grains are coarsened in the building direction,
resulting in increased grain size, as shown in Figure 7.9. Pham et al. [55] studied the
side-branching in the LPBF process of FCC alloys, and their results showed that grains could
grow continuously through multiple layers to form columnar grains when <101> orientations
dominated the SD/TD in bulk samples. Therefore, even similar densification can be obtained
using the identical LED and scanning strategy, the resultant grain structures in bulk samples

can still be distinct. Furthermore, the local hardness distribution in meltpools is also affected
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by texture, and the relative nano-indentation mapping results are provided in Supplementary
Figure 7.S3. By manipulating single-track crystallography and the associated scanning strategy

in the whole LPBF process, it is possible to customise grain structures locally in one component.
7.4.4 Defects accumulated in the LPBF process

In this study, the LPBF building process is conducted up to three layers; some defects that may

occur in bulk samples can be foreseen by analysing the three-layer samples.

Figure 7.14(a) shows a three-layer sample in which the tracks barely overlap with each other.
In this situation, the meltpool width is close to or even smaller than the hatch spacing. Although
there is no apparent gap between these tracks in the cross-section, such insufficient hatching
can lead to lack-of-fusion pores as multiple layers pile up. Tang et al. [38] introduce a criterion
for sufficient overlapping based on meltpool dimensions and processing parameters, as given

below:

A\ 2
() + () =1 (7.9)
where L is the total length including depth and upper-bead height of meltpools. The measured
W and L of single-track meltpool in Figure 7.14(a) are 91.6 um and 103.7 pm, respectively.
With 100 ym for h and 30 um for t, the calculated result is 1.27, which suggests that
lack-of-fusion porosity would occur in as-built parts. The actual bulk samples produced using

the corresponding VED (50 JJmm?®) were poorly densified due to the abundant lack-of-fusion

pores [7, 24].
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Figure 7.14 OM images of (a) a three-layer sample without good hatching and (b) a

three-layer sample with keyhole pores at its edge.

As mentioned in previous sections, the meltpools in this study are mostly operated in the
keyhole mode. However, keyhole pores are rarely observed inside those meltpools. It is
discussed as follows: One primary pore-forming mechanism under the keyhole mode is that the
molten flow from the keyhole rear wall reaches the front wall, resulting in the collapse at the
keyhole bottom during laser movement. However, once the scanning speed is fast enough to
keep a stable distance between the rear and front walls, the collapse can be avoided in keyhole
meltpools. Keyhole meltpools with a stable and open depression zone were in-situ observed in
meltpools scanned using scanning speed above 600 mm/s, and laser power below 500 W [50,
56, 64]. Hence the keyhole mode is not identical to a pore trigger. On the other hand, keyhole
pores are frequently observed at the edge of three-layer samples, as shown in Figure 7.14(b).
The location of these pores is much deeper than the meltpool depth measured from the

corresponding single tracks, implying that they are hard to be eliminated by remelting. The
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formation of such pores is due to the acceleration and deceleration of the laser at the ends of
tracks. Especially for high laser power, the beam spot can be held for too long before its move
to the next point, leaving a meltpool that much deeper than the stable depth in the rest of the
track. Even with a moderate LED that theoretically generates a conduction meltpool, keyhole
pores may still occur at the boundary of a layer, where tracks start and end. Shift and rotation
can be set between layers to avoid such defects from concentrating locally in LPBFed parts.
Moreover, to further improve the densification, it is worth dynamically optimising the

acceleration and deceleration process as well [20].

7.5 Conclusions

By tracing the LPBF in-situ alloying process back to single tracks, the microstructural evolution
and its correlation to printing parameters are revealed in terms of meltpool dimensions,

elemental homogenisation, and grain development. The key findings are summarised as below:

o In the LED range between 0.15 and 0.5 J/mm, meltpools of the CoCrFeNi HEAS
are no longer in the conduction mode, and they start to work in the keyhole mode.
The comparison between modelling methods suggests that their applicability
further depends on the meltpool modes. The addition of elemental Mn powder led
to 9% decrease in meltpool widths, whereas meltpool depths were maintained
similarly in the LED range.

o The intense flow generated in the keyhole meltpool dominates the homogenisation
of Mn due to its superior intensity. Remelting is the most critical factor in achieving
homogeneity in the LPBF process, and the total melting cycle can be higher than

10 in a well-homogenised part.
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o The correlations between grain structures and printing parameters are evaluated
from the scope of single tracks. Using a hatch spacing smaller than the half width
of meltpool promotes horizontal grain growth. The texture in LPBF parts reflects
the inheritance of preferred orientations from single tracks. Moreover, the preferred
orientations in single tracks can be tailored by adjusting laser power and scanning

speed, leading to different grain structures in multi-layer building.

7.6 Supplementary Materials

B 100 m

—

Figure 7.S1 Schematic illustrating the measurement of the width (W), depth (D), and

height (H) of a meltpool.
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Table 7.S1 Measured dimensions of pre-alloyed CoCrFeNi meltpools.

P (W) v (mm/s) LED (J/mm) W (um) D (um) H (um)
150 600 0.250 117.2 121.7 71.0
150 700 0.214 115.1 90.7 66.3
150 800 0.188 110.7 82.5 54.5
150 900 0.167 109.6 73.2 45.3
150 1000 0.150 99.2 60.8 50.4
200 600 0.333 124.3 185.2 80.2
200 700 0.286 125.1 153.5 53.2
200 800 0.250 125.4 132.6 311
200 900 0.222 124.2 106.5 40.3
200 1000 0.200 119.0 96.7 29.4
250 600 0.417 134.5 222.4 103.2
250 700 0.357 115.9 193.3 75.0
250 800 0.313 122.2 162.9 69.3
250 900 0.278 127.7 145.9 45.9
250 1000 0.250 129.7 116.8 40.7
300 600 0.500 151.2 319.2 60.3
300 700 0.429 136.9 246.7 43.7
300 800 0.375 141.6 217.3 36.0
300 900 0.333 144.4 176.7 35.0
300 1000 0.300 140.4 158.0 25.2
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Table 7.52 Measured dimensions of in-situ alloyed CoCrFeMnNi meltpools.

P (W) v (mm/s) LED (J/mm) W (um) D (um) H (um)
150 600 0.250 111.8 118.1 59.8
150 700 0.214 108.5 104.4 56.9
150 800 0.188 98.5 86.9 60.7
150 900 0.167 96.3 75.3 49.1
150 1000 0.150 91.6 60.0 43.6
200 600 0.333 123.6 180.9 69.5
200 700 0.286 122.4 145.4 63.7
200 800 0.250 117.4 126.7 61.5
200 900 0.222 107.8 105.9 62.4
200 1000 0.200 100.9 96.5 56.4
250 600 0.417 133.8 239.8 65.5
250 700 0.357 126.6 195.5 78.0
250 800 0.313 119.1 168.4 69.3
250 900 0.278 115.6 142.0 68.3
250 1000 0.250 110.2 122.1 72.4
300 600 0.500 136.9 290.7 80.9
300 700 0.429 140.4 252.4 73.8
300 800 0.375 125.9 206.9 66.4
300 900 0.333 124.6 180.9 61.3
300 1000 0.300 115.5 158.8 52.9
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Figure 7.S2 (a) SEM image and (b) scanning transmission electron microscopy (STEM)
dark-field image with EDS mapping results showing the Mn oxides in three-layer

samples. STEM image was acquired using a Techai G2 F20.
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Figure 7.S3 Nano-indentation hardness mapping results of the single-track meltpools

produced by (a) 150 W & 600 mm/s and (b) 250 W & 1000 mm/s.*
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*Note:

Nano-indentation was carried out to assess the local hardness distribution of single-track
meltpools. A Hysitron TI-950 equipped with a Berkovich indenter was used for the nano-
indentation mapping. The height and width of the array were set according to the meltpool
dimensions, and the indentations in the array were separated by 10 um in both row and column.
The maximum load was set as 8000 uN; meanwhile the load time, dwell time and unload time

were set as 5, 2, and 5 s, respectively for each point.

Figure 7.S3 presents the nano-indentation mapping results of single-track meltpools fabricated
using an identical LED of 0.25 JJmm. The average hardness results measured from the 150 W
& 600 mm/s (<001>-dominated) and 250 W & 1000 mm/s (<101>-dominated) samples are
3.28 GPa and 3.42 GPa, respectively, implying a slight orientation dependency similar to the
austenitic alloy [65]. Moreover, the hardness results of the in-situ alloyed meltpools are both
higher than the hardness (2.84 GPa) measured from the CoCrFeMnNi HEA prepared using
pre-alloyed powder [66]. Regarding the hardness distribution, there is an apparent drop in the
area close to the upper bead, showing local discrepancies rather than the uniform local

properties reported in AlSi10Mg meltpool [35].
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Chapter 8: Conclusions, General Discussion and Future Work

This thesis aimed to develop an AM processing route for HEAs via LPBF in-situ alloying. The
distinct printability of FCC CoCrFeMnNi and BCC AlCoCrFeNi HEAs were revealed: The in-
situ alloyed CoCrFeMnNi HEA could be densified with high VED and free of carking. However,
the in-situ alloyed AICoCrFeNi HEA had an inevitable cracking tendency. The mechanical
properties of the in-situ alloyed CoCrFeMnNi HEA were assessed, and the ODS effect
originating from oxide particles was realised. Finally, the microstructural development in the
in-situ alloying process was investigated by single-track experiments. This chapter summarises
the key conclusions in Chapters 4 to 7 and evaluates the contributions of this research to the
current knowledge; A general discussion integrates the results from different chapters;

Recommendations for future study are also raised.

8.1 Overall Conclusions

8.1.1 In-situ alloying of CoCrFeMnNi HEA

In Chapter 4, parametric studies were conducted to explore the feasible processing window of
CoCrFeNi & Mn blended powder. Regarding LPBF formability, the densification of as-built
CoCrFeMnNi samples was realised. Phase formation and elemental distribution were

characterised and analysed. Conclusions are summarised as follows:

e The blend of pre-alloyed CoCrFeNi and elemental Mn powders had a printable VED
range which was comparable to the pre-alloyed CoCrFeNi powder. Lack-of-fusion
porosity was effectively controlled with the VED around 120 J/mm?3, and the
densification was maintained as the VED increased to 259.3 J/mm?3, without significant

keyhole porosity or cracking.
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The in-situ alloyed CoCrFeMnNi HEA showed an FCC single phase in XRD spectra,
and the Mn peaks were not detected, indicating the Mn mainly was dissolved into the
FCC matrix. EDS mapping revealed that the homogenisation of Mn was meliorated with
the increasing energy input. In the sample built with the VED of 259.3 J/mm3, the
distribution of Mn was overall uniform with minor homogeneity. However, the burning
loss of Mn was evident due to the high energy input, as the Mn content dropped from
the nominal ~21 at. % to the 16.7 at. % in the in-situ alloyed sample.

Columnar grains developed along the building direction, resulting in coarse grain
structures and the strong <001> preference in the horizontal plane of in-situ alloyed
CoCrFeMnNi HEA.

Preliminary mechanical testing showed that the in-situ alloyed CoCrFeMnNi HEA
possessed a microhardness of 261 HV and tensile strength of 681 MPa, which were
higher than those fabricated using pre-alloyed powder. However, the fracture elongation

of 12.5% suggested that the ductility of the in-situ alloyed HEA was relatively limited.

8.1.2 In-situ alloying of AICoCrFeNi HEA

In Chapter 5, the LPBF processability of CoCrFeNi & Al blended powder was assessed. Besides
the processing and characterisation techniques used in Chapter 4, a high-temperature substrate
was employed to restrain cracking, and Micro-CT was used to analyse the defect in as-built

samples. Conclusions are listed as follows:

Unlike the CoCrFeNi pre-alloyed powder or CoCrFeNi & Mn blended powder, the
CoCrFeNi & Al blended powder lacks LPBF printability. Porosity and cracking cannot

be eliminated despite a wide processing map being explored.
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The cracking tendency in as-built AICoCrFeNi samples was inevitable even with pre-
heating at 600 °C, which could restrain the effect of thermal stress. The cracking
initiated at the Al segregations was considered the critical factor.

The burning loss of Al was more evident than Mn, although with moderate energy input.
The in-situ alloyed AICoCrFeNi samples possessed BCC + FCC dual phases rather than
a BCC single phase of the nominal equiatomic composition.

The microhardness of in-situ alloyed AICoCrFeNi HEA was in a wide range from 270
to 568 HV, which was located between the hardness of the soft FCC phase and hard

BCC phase in the AlxCoCrFeNi HEA system.

8.1.3 In-situ alloyed ODS HEA

In Chapter 6, the mechanical properties, including microhardness, tensile and compression

properties of the in-situ alloyed CoCrFeMnNi HEA, were examined and compared with the

pre-alloyed ones. The forming mechanisms of oxide particles and their influences on

mechanical properties were analysed. Conclusions have been raised as follows:

The in-situ alloyed CoCrFeMnNi HEA possessed reinforced microhardness and yield
strength compared with the typical values of pre-alloyed CoCrFeMnNi HEAs.

There was significant tensile-compression asymmetry of ductility in the in-situ alloyed
CoCrFeMnNi HEA. Abundant oxide particles were observed on the fracture surface of
tensile samples. Micro-voids were induced by the oxide particles during the tensile
deformation, thus, leading to the early failure.

The oxide particles also hindered the glide of the HEA matrix and resulted in dislocation
accumulation during deformation. The in-situ alloyed CoCrFeMnNi HEA was hence

strengthened by the ODS effect.
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In general, the contributions of the Hall-Petch relationship, dislocation strengthening,
and the Orowan strengthening were evaluated. The Orowan strengthening originated
from the oxide particles and constituted ~44% of the theoretical yield strength.

The oxide particles were identified as MnO and Mn2Oz. The MnO particles formed due
to in-situ oxidation during the process, while the MnOz particles were originally the

oxide layer on the Mn powder.

8.1.4 Microstructural development during the in-situ alloying process

Chapter 7 provided the results of single-track experiments to understand the microstructural

development during the in-situ alloying process of CoCrFeMnNi HEA. The dimensions of

single-track meltpools were studied via modelling and experimental methods. Grain growth and

elemental homogenisation were systematically characterised and correlated to the processing

parameters. The following conclusions have been summarised:

The modelling methods based on the Rosenthal equation tended to underestimate the
meltpool depth when the meltpool evolved into the keyhole mode, indicating the
reliability of modelling methods was correlated to actual meltpool modes.

Compared with the pre-alloyed meltpools, the addition of Mn slightly decreased the
meltpool width in the LED range from 0.15 to 0.5 J/mm, whilst the meltpool depth
stayed close.

In-situ alloyed Mn was mainly distributed in the upper regions of keyhole meltpools,
where the internal flow was dominated by the intense flow initiated by the recoil

pressure rather than the Marangoni effect.
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e The local homogenisation of Mn improved with the melting cycle. Therefore, remelting
was recognised as the critical factor in elemental homogeneity during the in-situ
alloying process.

e <001> orientations aligned with the heat flux during solidification, and resulted in the
change of the dominant orientation along the scanning direction, e.g., in the single tracks
scanned with 0.25-J/mm LED, the preferred orientation along the scanning direction
changed from <001> to <101> as the scanning speed increased from 600 mm/s to 1000
mm/s.

e The reduction of hatch spacing could prolong the epitaxial growth between adjacent

scanning tracks. Hence the grains were coarsened in the transverse directio.

8.2 General Discussion

As the results and conclusions in Chapters 4 to 7 are presented as individual journal papers,
some outcomes from different chapters are integrated into a consolidated discussion presented

below.

8.2.1 Printability of in-situ alloying

In Chapters 4 & 5, LPBF in-situ alloying approaches were carried out to fabricate equiatomic
CoCrFeMnNi and AlICoCrFeNi HEASs using the blended powders of pre-alloyed CoCrFeNi and
elemental Mn/Al powders. These two HEAs showed distinct printability, although their raw
powders both contained ~80 wt. % of the pre-alloyed CoCrFeNi powder. The CoCrFeMnNi
HEA, which has an FCC structure as the pre-alloyed CoCrFeNi powder, possesses a wide
processing window comparable to that of the CoCrFeNi HEA. In contrast, the AICoCrFeNi

HEA, which transforms from FCC to BCC with Al addition, cannot avoid cracking and porosity
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in the as-built samples. Moreover, the cracking tendency cannot be controlled by

high-temperature pre-heating at 600 °C.

As summarised in the literature review (Table 2.4), the results of this study also indicate that
FCC & FCC-dominated HEAs possess better in-situ alloying printability than BCC &
BCC-dominated HEAs. In addition to the differences between their mechanical properties, as
discussed in the literature review, this section specifically discusses the volume change induced
by the alloying element (blended powders) and phase transformation during in-situ alloying

processes.

Although the actual volume change from the powder to as-built sample is difficult to measure

experimentally, the molar volume (Vi) of the HEAS before and after the processes can be given

by [1]:

(8.1)

where « is the lattice parameter, Na is Avogadro’s constant (6.022 %102 mol™), and Natoms is
the number of atoms per lattice (2 for BCC and 4 for FCC). The lattice parameters from the
XRD results at room temperature are ~3.57, ~3.60 and ~2.87 A, respectively, for the pre-alloyed
FCC CoCrFeNi, in-situ alloyed FCC CoCrFeMnNi and BCC AICoCrFeNi HEAs. Therefore,
the molar volume of the HEAs was estimated using Eq. 8.1 and is listed in Table 8.1. The molar
volume of the primary HEA matrix increases by 2.5 and 3.9% with the addition of Mn and Al,
respectively. Hence, the volume change caused by Al addition is more significant considering
the HEA matrix. This also indicates that the lattice distortion caused by the heterogeneous

element distribution can be more severe in the in-situ alloyed AICoCrFeNi HEA samples.
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Table 8.1 Room-temperature molar volume of HEAs and elements in the in-situ alloying

study.

Material Phase Vi (cm3/mol)
CoCrFeNi FCC 6.85
Mn BCC 7.35
Al FCC 10.00
CoCrFeNi & Mn Blended power 6.95
CoCrFeMnNi FCC 7.02
CoCrFeNi & Al Blended powder 7.47
AlCoCrFeNi BCC 7.12

Moreover, using the molar volume, the molar volume change (AVm) from the blended powder
to the in-situ alloyed HEA can be determined by:

V.
AVm _ m,HEA _

XV 8.2)

where Vmnea is the molar volume of the in-situ alloyed HEA, n; is the molar ratio of the
component powder, and Vm; is the corresponding molar volume of the powder. A few
restrictions must be mentioned before discussing the molar volume change: (a) Both blended
powders are assumed to be ideally equiatomic, so the molar ratios of CoCrFeNi powder and
elemental Mn/Al powder are 80 and 20 at. %; (b) The elemental burning loss in in-situ alloyed
HEAs is neglected because it varies with processing parameters, and for the as-built samples,
such burning loss could lead to a reduction in the resulting volume; (c) For the BCC + FCC

dual-phase structure in the in-situ alloyed AICoCrFeNi samples, only the primary BCC phase
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is considered as the resulting phase; (d) All materials are compared in the solid state at room
temperature, without considering thermal expansion and solid-liquid phase changes during
processes. In general, the results of Eq. 8.2 show that the molar volume changes from the
blended powders to their resulting HEAs are 1.0 and —4.7%, respectively, for the in-situ alloyed

CoCrFeMnNi and AICoCrFeNi HEAs.

The above results suggest that the in-situ alloying of Al leads to more significant volume
changes in the powder-to-bulk and HEA matrix transitions. Particularly the —4.7% volume
change from the powder to bulk indicates that considerable shrinkage of materials occurs during
the solidification of meltpools. The shrinkage of materials can lead to an extra accumulation of
stress compared with the pre-alloyed and Mn-addition approaches. Such shrinkage is also hard
to mitigate by pre-heating. At the same time, the HEA transition with Mn addition leads to the
expansion of materials (1.0%), which could neutralise the overall shrinkage of the meltpools
during solidification and reduce the accumulation of thermal stress in the as-built samples. This
may explain why the CoCrFeNi & Mn blended powder could be processed using higher energy

density than the pre-alloyed CoCrFeNi powder.

The above discussion is based on an ideal situation without elemental vaporisation and only
considers the volume change of the solid phases. A suggestion for the elemental screening of
in-situ alloying can still be provided: In addition to the mechanical properties of the resulting
materials, the volume change from the blended powders to as-built materials should also be
modified to avoid intense shrinkage. The vaporisation of additional elements could mitigate the
volume change of the resulting materials, but the trend of shrinkage/expansion is determined

by the composition of the blended powder.
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8.2.2 Acceleration of in-situ alloying using the single-track experiment

As summarised in the introduction chapter, one purpose of developing the in-situ alloying route
is to reduce the production cycle of the customised powder, thereby improving the overall
efficiency of alloy development, as well as the compositional flexibility of HEAs. However,
the results in Chapters 4 & 5 show that even when using the pre-alloyed CoCrFeNi powder with
a wide processing window, the printability of the blended powders can still vary drastically.
Although this study was carried out as one of the early approaches in the field of LPBF in-situ
alloying of HEAs, it still shows that the processing development of blended powders could be
prolonged, especially considering that a much wider processing map was involved when the
CoCrFeNi & Al blended powder was adopted. In Chapter 5, ~150 AlCoCrFeNi bulk samples
were prepared in 7 building experiments (~25 samples on a regular 100 mm %100 mm substrate,
and ~12 samples on a 60 mm <60 mm high-temperature substrate) to explore the processing
map. In addition to the preparation of the samples, the characterisation of bulk samples is also
time-consuming as they need to be handled sequentially for most characterisation methods.
Such processing development is also necessary for other new pre-alloyed powders; however,
elemental homogenisation is an additional challenge when blended powders are adopted. The
results in Chapter 4 show that some in-situ alloyed samples with good densification still lack

chemical homogeneity.

Chapter 7 reports the design of single-track experiments to reveal the microstructural
development of the in-situ alloyed CoCrFeMnNi HEA, which has already shown good
printability via the processing route of bulk building. However, to further accelerate the
processing development of in-situ alloying, such experiments based on single tracks could be

useful to narrow parameter ranges or aid in screening some compositions with poor printability.
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The number of layers required for single-track samples is much less than that required for bulk
samples, i.e., a single-track sample comprises no more than 15 layers while a 12-mm height
bulk sample comprises 400 layers with a layer thickness of 30 um. Furthermore, at least 300
tracks can be prepared on a 50 mm =50 mm substrate, and set up with different laser parameters.
Therefore, the required time and powder can be significantly reduced by employing single-track
approaches. Moreover, as shown in Figure 8.1, 40 groups (5 tracks per group) of single-track
samples can be mounted and polished together for SEM characterisation; hence, the analysis of

single-track samples can be carried out more efficiently than that of bulk samples.

Figure 8.1 Single-track samples mounted together for SEM characterisation.

In this study, the processing development focused on blended powders based on the pre-alloyed
powder of a principal HEA. Ideally, to ensure good printability of blended powders, the selected
principal HEA should possess a wide processing window, similar to that of the CoCrFeNi HEA.
But in actual alloy development, preliminary studies on new HEA powders may not be available.

At the beginning of processing development, single-track experiments can be performed to
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acquire meltpool dimensions to exclude some processing parameters leading to defects like
lack-of-fusion or keyhole pores. Chapter 5 shows that the bulk samples of AICoCrFeNi HEA
can only be prepared with linear energy density below ~0.12 J/mm. Such low energy density is
insufficient to eliminate lack-of-fusion pores according to the single-track results in Chapter 7.
It should be noted that some elements may considerably influence the resulting meltpool
dimensions, although the dimensions of the CoCrFeNi and CoCrFeMnNi meltpools are very
similar in this study. Although simulation methods have been developed to optimise AM
processes, it is still worthwhile to verify or calibrate simulation methods through practical
single-track experiments, especially considering that the use of blended powders and meltpools
operated in the keyhole mode is still challenging for simulation. Single-track experiments also
have a significant limitation: The stress accumulation that could lead to failure can hardly be
revealed by analysing single tracks or samples with only a few layers. In the bulk building
carried out in Chapters 4 & 5, severe cracking of samples was mostly observed after scanning
at least tens of layers. Therefore, single-track approaches can help narrow down parameter
ranges efficiently while further bulk building is still necessary to assess the printability of a new

powder.

At the same time, elemental homogenisation in the in-situ alloyed samples can hardly be
distinguished by observing single-track cross-sections. However, some parameters with good
homogenisation can be determined after building a few more layers, i.e., some three-layer
samples already show good homogenisation as discussed in Chapter 7. As the simulation of the
elemental homogenisation in LPBF meltpools could be highly complicated [2], building in-situ
alloyed samples with a few layers can help efficiently reveal the resulting elemental distribution
in the bulk samples. Ideally, with a known meltpool depth (D) and a given layer thickness (t),

the final distribution of alloying elements in the first layer can be determined after building ~D/t
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layers because the beginning layer is not remelted further. For the processing map of the
CoCrFeNi-based HEA, scanning of 10 layers should be sufficient to provide a preview of the
elemental homogenisation in bulk samples because the deepest meltpool depth is ~300 um and
the layer thickness is 30 um. Hence, the minimum volumetric energy density for elemental
homogenisation can be established before massive bulk building experiments. Moreover, with
a given processing window allowing both good printability and homogenisation, the
distribution of in-situ formed oxide particles can also be investigated in this manner to tailor

the mechanical properties of bulk materials.
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Figure 8.2 Plot illustrating the processing route in this study and the potential

acceleration enabled by the understanding of microstructural development.

Figure 8.2 illustrates the processing route in this study, which starts with conventional bulk

building. In general, experiments based on single tracks cannot replace bulk building in

220



processing development. However, they can be performed in a high-throughput manner to

accelerate the screening of parameter ranges and tailoring of microstructures.

8.3 Future Work

This thesis validated LPBF in-situ alloying of two representative HEAs and demonstrated that
the ODS effect could be introduced via in-situ oxidation of Mn. After the reports of current
work, similar approaches have been conducted by other researchers, and more CoCrFeNi-based
HEA variations have been in-situ alloyed successfully. However, such in-situ alloying
approaches are still at an initial stage that focuses on the printability of specific powder blends.
A quantitative understanding of the in-situ alloying process could accelerate the development
of HEAs with tailored microstructures and engineered performance, i.e., HEAs designed for
LPBF in-situ alloying. Further research topics are proposed to improve the reliability of LPBF

in-situ alloying:

e It is necessary to systemically study the burning loss of alloying elements in terms of
nominal contents, powder morphology, thermal-physical properties, and processing
parameters. The quantitative analysis of burning loss is critical to the compositional
control of final products.

e To achieve elemental homogenisation in as-built parts requires large meltpools and
dense scanning routes, which are not efficient from the consideration of productivity,
especially for mass production. The homogenisation treatment of moderately
homogenised parts is thus recommended as an alternative processing route.

e The modelling of fluid dynamics and thermal dynamics of in-situ alloyed meltpools is
a challenging but critical field. It can help to transfer the processing windows of

comprehended compositions to their variations.
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An in-situ alloying database should be founded as more and more approaches are carried
out, and more composition-parameter reports are available.

Based on the outstanding printability of FCC HEAs, more HEAs with functional
additions can be validated rapidly through in-situ alloying.

The distribution of in-situ formed oxide particles requires comprehensive study.
Multiple factors, including the content and morphology of reactive elements, oxygen
level in the building chamber and raw powders, as well as the processing parameters,
should be considered when tailoring the distribution of oxide particles for better
mechanical performance.

For materials with wide processing windows like the CoCrFeMnNi HEA, spatial-
microstructure tailoring is possible by modifying the scanning strategies and laser

parameters locally according to the geometry of components.
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